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1 Introduction

Novel functionalities in nanoscience is associated with the construction of materials at

an atomic level. Taking the atomic distances into consideration, every step forward

in nanotechnology demands a deep knowledge of the corresponding materials in a sub-

ångström resolution. As the Rayleigh criterion indicates, the smallest resolvable distance

in a microscope is correlated to the wavelength of the beam. Hence, the extremely low

wavelength of the electron beam makes it an outstanding candidate for high-resolution

microscopy. Due to the huge lens aberrations however, the expected resolution was

not achievable until the invention of magnetic lens aberration correctors. This success

was so unique and fundamental that the world-renowned Kavli Prize in nanoscience

2020 is titled �for sub-ångström resolution imaging and chemical analysis using electron

beams�. The present dissertation tries to apply advanced electron microscopy methods for

improvement of the nanomaterials and devices performance by structural characterization

in an atomic resolution.

Directly interpretable micrographs are achievable with the help of annular dark �eld

scanning transmission electron microscopy (ADF-STEM) [1, 2]. Particularly, high angle

annular dark �eld (HAADF) images are called Z-contrast due to their strong chemical

sensitivity [3, 4]. The attainable resolution of electron microscopes is further improved

to an atomic level by the invention of aberration correctors [5, 6, 7, 8]. A direct compar-

ison of HAADF micrographs normalized to the incident beam and corresponding image

simulations allows composition determination at an atomic scale [9, 10]. Here, precise

complementary image simulations are needed. Two common methods for simulation of

electron beam and specimen interaction are the Blochwave approach [2, 11, 12] and the

multislice algorithm [13, 14, 15, 16]. Although the Blochwave approach gives accurate

solutions for the case of a perfect periodic crystal, the multislice algorithm, used in this

study, is more suitable for samples containing nonperiodic features such as interfaces.

Due to their well-de�ned structure, III-V and binary group IV semiconductors are re-

liable candidates for the method development. There are many studies determining the

composition of ternary III-V [17, 18, 19, 20, 21] as well as binary group IV semiconductors

[22, 23, 24] by comparison of image simulations and ADF-STEM images. In the present
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1 Introduction

work, the method is extended to determine the composition of III-V and binary group

IV semiconductors in a single atom accuracy. Then, we investigated the theoretical ca-

pabilities of the method towards single-atom accuracy. For composition determination,

a precise knowledge of the local thickness of the sample under investigation is critical

[18, 25]. In this work, a method is developed to determine the local thickness and com-

position of a transmission electron microscopy (TEM) specimen on an individual ADF

micrograph. The method is extended to determine the composition of quaternary III-V

semiconductors with two elements in each sublattice from a single ADF image. Further

elaboration of the method is possible by optimization of the main imaging parameters.

We conducted simulation studies to investigate the impact of several imaging parame-

ters, i.e. ADF detector angles, probe semi-convergence angle, electron dose, and image

sampling, on the accuracy of the composition determination and to de�ne the optimized

imaging parameters.

The HAADF-STEM however is not an e�cient method for composition determination

of material systems containing light elements, e.g. GaNxAs1−x. Light elements do

not e�ciently scatter at the angular range used in the HAADF. Consequently, it is

advantageous to use a lower detection angle. There are however sources of discrepancy

between the image simulations and experiments at low angular regimes. Neglecting

the e�ect of low-loss scattering, particularly plasmon excitations, is the most prominent

source of this discrepancy. In the present work, the impact of plasmon excitations [26, 27]

on the angular distribution of the STEM intensities is quantitatively investigated. Besides

plasmon excitations, neglecting the correlated phonons in image simulations [28], the

impact of mistilt from the crystalline zone axis [26, 29], and the existence of surface

amorphous layers caused by TEM sample preparation [30, 31] can cause a discrepancy

between image simulations and experimental ADF micrographs at low scattering angles.

In the present work, by resolving these sources of discrepancy, a method is proposed to

quantify the composition of material systems containing light elements by comparing the

ADF images and image simulations at low scattering angles. The method is based on

energy-�ltered four-dimensional STEM (4D-STEM). It is proven that the strain contrast

induced by static atomic displacements (SADs) causes higher scattering intensity at low

angular regimes [19, 32, 33, 34]. Accordingly, to make the composition determination

more reliable, a material system containing SADs is intentionally chosen. In the end,

the method is applied to characterize �W� quantum well heterostructures (�W�-QWHs)

containing GaInAs and GaAsSb as electron and hole quantum wells (QWs), respectively,

as well as the Si1−xGex parabolic QWs.

The underlying physical theory of semiconductor materials under investigation is given
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in chapter 2. Chapter 3 focuses on the main methods to prepare electron transparent

samples. A detailed description of the principles of STEM is presented in Chapter 4.

The summary of the results is discussed in Chapter 5 based on the original published

and submitted articles in Chapter 7. The dissertation is summarized in Chapter 6.
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2 Semiconductors

Prior to a detailed STEM introduction, a brief description of the material systems is

necessary. Section 2.1 gives insight into the crystal structure of the cubic diamond and

zincblende structures based on [35, 36, 37]. The band structure and optical properties

of these materials are explained from [35, 37, 38] in 2.2. Then, speci�c investigated

heterostructures, i.e. �W�-QWHs and parabolic QWs, are motivated and a general de-

scription of their band alignment is given from [35, 38]. At the end, methods used to

grow these heterostructures are brie�y explained.

2.1 Crystal Structures

A crystal is de�ned as a material with periodic measurable properties in space. An

ideal crystal is made up by an in�nite three-dimensional periodic arrangement of an

identical block. The block consists of a group of atoms which is called basis. The

crystal basis is attached to a set of mathematical points in the space called lattice. The

investigated crystal structures in this study are diamond and zincblende structure both

having the face centered cubic (fcc) lattice. The basis in diamond structure, e.g. Si

and Ge, is diatomic consisting of two atoms positioned at (0,0,0) and (0.25, 0.25, 0.25).

The diamond structure can also be de�ned by two interlocking fcc sub lattices displaced

by one-quarter of body diagonal, i.e.
√

3/4 times the lattice constant. The zincblende

structure can be de�ned when each sub lattice is occupied by a di�erent atom. Every

atom is tetrahedrally surrounded by four equally distanced atoms of opposite kind. The

resulting angle in between the bonds is 109.5°. Both structures are illustrated in Fig.

2.1(a).

In this study, all the STEM investigations and composition determinations are in 〈100〉
crystallographic orientation. Compared to the other crystallographic orientations, this

image projection shows the atomic columns wider away from each other which simpli�es

the determination of composition at each atomic column (depicted in Fig. 2.1(b)). Par-

ticularly in zincblende structure, every sub lattice of metal (gray) and non-metal (yellow)

atoms are at separated columns at this orientation.

5



2 Semiconductors

Zinc BlendeDiamond Zinc BlendeDiamond

(a) (b)

Figure 2.1: (a) Schematic of cubic unit cells of diamond and zincblende structures. As
an example, Ga atoms are shown in gray and As atoms in yellow. (b) Both
crystals are depicted at 〈100〉 orientation.

Investigated alloys in this work consist of a mixture of Si and Ge in diamond structure

as well as ternary and quaternary III-V semiconductors in zincblende structure. In

this study, virtual crystal approximation (VCA) is used assuming an ideal crystal with

homogeneous distribution of atoms, although non-homogeneity due to the clustering can

also be possible in the investigated alloys. Besides, due to the di�erent covalent radii of

atoms in alloys, the displacement of atoms from their original site is expected, which is

called static atomic displacements (SADs). Assuming the VCA, properties of alloys, like

the lattice constant, depend linearly on the composition. Based on Vegard's law [39], the

lattice constant aAxB1−x of an alloy AxB1−x can be determined by the lattice constant

of each component, aA and aB, as

aAxB1−x = xaA + (1− x)aB. (2.1)

Equation 2.1 can be applicable for the case of binary alloys such as SixGe1−x as well

as the ternary alloys such as Ga1−xInxAs which consists of binary components GaIn

with fraction x and GaAs with fraction 1− x.

2.2 Band Structure

Considering a periodic potential in semiconductor crystals and taking into account the

one-electron approximation1, the Schrödinger equation can be solved using the Bloch

theorem. It results in the energies of various possible states, which is called band struc-

ture. This band structure can be used to explain the electrical and optical properties of

the semiconductors. Fig. 2.2 illustrates a simpli�ed band structure of semiconductors

1
It assumes that in relatively large crystals, each electron feels the potential of all nuclei and electrons.

This potential is also periodic with the crystal's lattice constant periodicity.
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2.2 Band Structure

around k = 0, which is also called Γ -point. At T = 0 K and in unexcited and unmodi�ed

semiconductors, the highest fully occupied band is called valence band (VB) and the

lowest empty band is called conduction band (CB). The band gap energy (Eg) separates

the highest energy state in the VB and the lowest energy state in the CB.

Eg in alloys does not behave like the lattice constant discussed in section 2.1 in which

the VCA approximation can be applied. Here, a quadratic but not linear dependency of

Eg to the composition using a bowing parameter b is needed [40]. For an alloy AxB1−x

with Eg
A
and Eg

B
as the Eg of each component, it can be de�ned by

Eg
AxB1−x

= xEg
A

+ (1− x)Eg
B
− bx(1− x). (2.2)

There are parameters a�ecting the bowing such as the volume deformation of the

band structure caused by the di�erence in the lattice constants of the alloy and its

components, the chemical-electronegativity due to charge exchange in the alloy relative

to its components, as well as the relaxation of the alloy's anion-cation bond lengths [41].

In certain cases, like GaNxAs1−x and GaBixAs1−x, a giant bowing parameter is needed

[42]. In these cases the Eg trend can be explained within the framework of the VB [43]

or CB [44] anticrossing model.

As can be seen in Fig.2.2, there are three di�erent VBs at the Γ -point. Light hole (lh)

and heavy hole (hh) bands are energetically degenerate, while spin-orbit split-o� band is

energetically separated. Here, the spin-orbit interaction of p-orbitals and s-orbitals that

build up the valence band forms these bands. The spin-orbit splitting is discussed in

detail for zincblende semiconductors in [45].

Fig. 2.2(a) particularly depicts a so called direct-gap semiconductor in which the high-

est energy of VB and lowest energy of CB are at the same k. Here, radiative absorption

and emission of light is possible without any momentum change, i.e. lattice vibration.

An example of direct semiconductors investigated in this study is GaAs. Nevertheless,

the CB minima and VB maxima can occur at di�erent k, which corresponds with the

indirect-gap semiconductor (Fig. 2.2 (b)). Consequently in indirect semiconductors, the

radiative absorption and emission of light are phonon-assisted, i.e. followed by absorption

and emission of phonons. Examples of indirect semiconductors studied in this work are

Si and Ge. There are also non-radiative processes, which should clearly be avoided to

reach highly e�cient opto-electronic devices. Some examples are charge carrier leakage

due to elevated temperature [46, 47], Shockley�Read�Hall recombination [46, 48, 49],

interband absorption [46, 50], and Auger recombinations [46, 51].
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Conduction band

E

K

light hole band

spin-orbit split off band

heavy hole band

E

K

(a) (b)

Figure 2.2: Schematic illustration of the band structure of direct (a) and indirect (b)
semiconductors including conduction band and heavy hole, light hole and
spin-orbit split o� valance bands.

2.3 Heterostructures and Band Alignment

Heterostructures consist of more than two materials grown on top of each other. Here,

a combination of various materials with di�erent Eg can help to spatially engineer the

band structure. If the materials are ordered in a way that the CB with the lowest and

the VB with the highest energy are in the same material, the structure is called Type I

(Fig. 2.3(a)). An example of Type I structure studied in this worked is GaNxAs1−x QWs

embedded in GaAs barriers. In the case of Type II structures, the CB minima and the

VB maxima are spatially separated, which leads to recombination of electrons and holes

across the interface (Fig. 2.3(b)). This band alignment allows decreasing the Eg and

consequently tuning the wavelength of the emitted photons by choosing materials with a

�tting band structure. However, in these structures the electron and hole recombination

is less probable since the spatial separation causes a low overlap of electron and hole wave

functions. It can be resolved by embedding a hole QW in between two electron QWs.

The structure is called a �W�-QWH due to the resulting shape of their band alignment.

Fig. 2.3(c) illustrates a schematic of the �W�-QWH investigated in this work containing

(GaIn)As and Ga(AsSb) as electron and hole QWs, respectively.

8



2.4 Material Growth

Type I Type II “W”-QWH

GaAs GaAsGaInAsGaInAs GaAsSb

(a) (b) (c)

Figure 2.3: Schematic representation of type I (a) and type II (b) band alignments and
the band structure in type II �W�-QWH investigated in this study (c).

Another heterostructure investigated in this study contains parabolic con�ning poten-

tials mimicing the properties of the well-known quantum harmonic oscillator problem. It

results in equally-spaced energy levels enhancing the optical non-linearities. Fig. 2.4(a)

is the particle-in-a-box problem in basic quantum mechanics. By solving the Schrödinger

equation of a single electron in an in�nite potential well, the energy eigenstates can be

de�ned as

En=
~

2m

[nπ
L

]
2, (2.3)

in which En are the energy levels, ~ is the reduced Planck's constant, m is the particle

mass, n is the state number, and L is the width of the QW. Three �rst eigenfunctions as

well as their corresponding eigenenergies are illustrated in Fig. 2.4(a). The solution of

the particle-in-a-box problem can be helpful in designing the opto-electronic behaviours

of the well-known square QW structures. From this solution one can notice that the

energy levels in square QWs are proportional to the state number squared. However, the

solution of a particle in a parabolic QW results in equally spaced energy levels as

E=

[
n+

1

2

]
+ ~ω. (2.4)

Fig. 2.4(b) visualizes the energy eigenstates and the corresponding eigenfunctions of

this solution. The sketch of parabolic Ge composition pro�le of a Si1−xGex QWs embed-

ded in a barrier is depicted in Fig. 2.4(c). It is worth noticing that using this parabolic

composition pro�le, small deviations from a perfect parabolic con�ning potential is prob-

able. Nevertheless, it can be approximated as a parabola around the Γ -point.

2.4 Material Growth

All the III/V semiconductor heterostructures studied in this work are grown by metal

organic vapor phase epitaxy (MOVPE) and all the diamond structures are grown by low

energy plasma enhanced chemical vapor deposition (LEPECVD). The former method is

explained based on [38, 52] and the latter is explained based on [53].
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Figure 2.4: Sketch of the quantum mechanical solution of an in�nitely deep well (particle
in a box) (a) and harmonic oscillator (b) problems including the energy levels
and the corresponding eigenfunctions. (c) illustrates the Ge concentration
pro�le of a Si1−xGex QW as well as the resulting CB and VB including the
equally spaced energy levels.

2.4.1 Metal organic Vapor Phase Epitaxy

The term epitaxy is originated from the Greek terms epi (upon, attached to) and taxi

(arrangement, order). MOVPE is one of the standard epitaxy methods for growing

thin �lms of semiconductors. A summary of the MOVPE growth processes is shown

in Fig. 2.5. In the growth of the here studied III-V semiconductor heterostructures,

metal organic molecules containing group III and group V atoms diluted in a carrier gas

(typically H2) �ow above a heated-up mono-crystalline substrate (mostly GaAs and Si).

The molecules di�use towards the surface and decompose due to the high thermal energy.

Following the adsorption of decomposed group III and group V atoms, they di�use to

the surface and incorporate into the crystal. The excess gas containing the organic group

and non-incorporated group III and V atoms are transferred to the exhaust system. So

far an ideal picture of the growth process is explained. Nevertheless, the bulk di�usion of

atoms caused by the growth temperature as well as the segregation of the atoms, which

are not incorporated into the crystal, may lead to non-abrupt interfaces. The quality of

these interfaces are investigated in this work by STEM.

The precursor molecules used for the growth of the investigated heterostructures are

triethylgallium, trimethylindium, and unsymmetric dimethylhydrazine as group III pre-

cursors and tertiarybutyarsine, triethylantimony, trimethylbismuth and tributylphosphat

as group V precursors.
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Figure 2.5: Schematic of the MOVPE growth main processes.

2.4.2 Low Energy Plasma Enhanced Chemical Vapor Deposition

The LEPECVD is an epitaxy method based on chemical vapor deposition (CVD). The

name 'low energy plasma enhanced chemical vapor deposition' follows from using high

intensity, low energy plasma, which is used to enhance the process. One of the main

applications of this method, also applied in this study, is the fast fabrication of high-

quality relaxed SiGe alloy bu�er layers with several tens of Ge percent epitaxially grown

on Si substrate, well-known as virtual substrates [54].

The basic idea is to increase the decomposition rate of the precursors in this study

silane (SiH4) and germane (GeH4) with the help of the applied plasma. It is critical to

use low plasma ion energies to avoid ion damage to the substrate surface whereas high

e�ciency demands a huge plasma density (high intensity). The speci�c characteristic of

the method is the independence of the growth rate from the substrate temperature below

750 °C. Here, a wide range of growth rates, routinely in the range of 5-10 nm per second

is achievable. The second signi�cant role of plasma enhancement is that the composition

is only a�ected by the precursor gases mixture. Due to the lower binding energy between

surface-passivating hydrogen and germanium, compared to H − Si, the composition in

CVD is strongly increased by germane [55]. This property of LEPECVD results in an

easy control of the alloy composition.
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3 Specimen Preparation

Electron microscopy characterization of materials under transmission needs thin, electron

transparent samples. The designed thickness might di�er from a couple of nanometers

to more than hundreds of nanometers depending on the application. In STEM, quanti�-

cation of atomic electric �elds using average momentum transfer requires samples with

less than 5 nm thickness [56], whereas in a long range homogeneous electric �eld the

momentum transfer is accumulated by thickness which means much higher thicknesses

of a few hundreds of nanometers are demanded [56, 57].

All the samples in this study are precisely prepared in [010] orientation. Two TEM

sample preparation methods are conducted. The �rst method, well-known as conven-

tional preparation, is based on a combination of mechanical grinding by Multiprep (Allied

High Tech Products, Inc., Rancho Dominguez, CA, United States) and Ar ion milling by

precision ion polishing system (PIPS) (model 691, Gatan Inc., Pleasanton, CA, United

States). It is shown that the resulting samples prepared by this method contain signi�-

cant surface-damaged layers of around 11.5 nm as well as a specimen-thickness gradient

[58]. Besides this, conventional preparation method is not site speci�c, which means it is

not possible to precisely choose the position from where the TEM sample should be pre-

pared. In order to overcome the mentioned limitations, a second preparation method is

applied using a focused ion beam machine (JEOL JIB- 4601F, JEOL Ltd., Tokyo, Japan)

combined with a Nanomill (model 1040, E. A. Fischione Instruments, Inc., Export, PA,

United States). Steps of both sample preparation methods are explained in this chapter.

3.1 Method I: Conventional Preparation

In conventional preparation method, two pieces of the sample wafer cleaved by a diamond

cutter are glued face to face using an epoxy. A piece of the sandwich can be removed in

desired crystallographic orientations using a diamond saw. This piece is attached to a

support ring to be able to mechanically grind it down.

Mechanical grinding and polishing is applied by a Multiprep, starting from a rather

rough paper with particle size of 15 µm to smooth papers with particle size of 0.1 µm.

13



3 Specimen Preparation

Every diamond paper can damage the specimen surface as deep as roughly three times the

paper's particle size. This thickness is accurately considered while reducing the sample

thickness with the next �ner papers to guarantee a smooth surface. In the �nal steps,

the central point of the samples is precisely considered by a light microscope to avoid

scratches. A typical �nal thickness of the sample is in the range of 20 µm [59].

It is hard to achieve an electron transparent sample by applying just mechanical polish-

ing. To further thin down the sample to electron transparency, ion milling is conducted

using a PIPS machine by a rather broad argon ion beam with an ion �ux FWHM less than

a millimeter. The ions sputtering yield can be a�ected by parameters such as material

toughness, temperature, internal microstructures, topological geometry of the specimen

surface, ion energy, and sputtering angle [60]. Here, only the last two parameters are

tuned to optimize the milling process. To reduce the surface-damaged layers caused by

ion milling, the ion energy is decreased from 5 keV to 1.2 keV stepwise. The sputtering

angle is set to be ±3° ending up a wedge shaped sample with thin area in the center. Nev-

ertheless, an accurate composition determination by STEM demands a specimen which

is as �at as possible. To limit the specimen thickness gradient, the single-sector instead

of double-sector method is applied in this study. A detailed explanation of the method

is given in [61].

3.2 Method II: Focused Ion Beam and Nanomill

A dual beam focused ion beam (FIB) scanning electron microscope (SEM) (JEOL JIB-

4601F, JEOL Ltd., Tokyo, Japan) is applied to prepare cross-sectional TEM lamellae

(thin �lms). It contains two beam columns: electron-beam column for imaging using

secondary electrons and Ga-ion-beam column to remove the material using the accel-

erated ions. At the beginning, an area of the sample is chosen with the help of SEM

imaging. Before exposing the sample to ion beam, it is necessary to avoid the ion dam-

age by depositing a protection layer. It is conducted by electron beam and consequently

ion-beam-induced decomposition of a carbon or metal-organic precursor gas [62]. It is

noteworthy that the thickness of the electron-beam-induced protection layer should be

high enough to protect the sample from Ga ions used for a further rapidly deposited

protection layer. The typical thickness of protection layer is in the range of 3-4 µm.

Here, a thin �lm of the material beneath the protection layer is lifted out and transferred

to a typical TEM grid as follow [63]. Leaving a small connection to the wafer, all the

material around the lamella is milled away using the ion beam. Then, soldering the

lamella to a micro-manipulator using tungsten deposition enables removing the remain-
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3.2 Method II: Focused Ion Beam and Nanomill

ing connection and lifting out the lamella. After transferring the lamella to a standard

TEM grid and soldering it to the grid by tungsten deposition, the micro-manipulator

is removed. The lamella is thinned down using the ion beam to reach an almost �at

sample with a thickness in the range of 100 nm. This thickness can di�er depending

on the application of sample. To limit the surface-damaged layers, the Ga-ion energy is

decreased gradually from 30 to 10 keV. The specimen is treated with low-voltage Ar-ion

milling employing a NanoMill (model 1040, E. A. Fischione Instruments, Inc, Export,

PA, United States) to further reduce the damaged layers. It includes a scanning focused

Ar-ion beam with ion energies as low as 50eV and up to 2keV. A secondary electron

detector is employed to detect the ion-induced electrons allowing a precise positioning

of the milling box. Redeposition of the material is avoided due to the small diameter

of the Ar-ion beam down to a micron. The ion beam is ±10° inclined in respect with

the sample surface and the milling energies of 900 eV and subsequently 500 eV is used

to gradually polish the sample surface. A detailed explanation of sample preparation by

FIB and its further improvement by Nanomill can be found in [64] and [65], respectively.
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4 Scanning Transmission Electron

Microscopy

In the following chapter, the principles of STEM as the main method utilized imple-

mented in this study is explained. A short introduction is given in section 4.1. Design of

the microscope along with its optical elements is described in section 4.2, mostly based

on [66, 67, 68]. The theoretical principles of interaction of an electron beam and speci-

men are given in section 4.3. Di�erent STEM techniques which are applied in this study,

i.e. ADF-STEM, 4D-STEM, EELS, and EFSTEM, are explained in section 4.4. At the

end, multislice image simulations are discussed in section 4.5. Herein, by incorporating

plasmon excitations, a modi�ed version of multislice method is also presented.

4.1 Introduction to Scanning Transmission Electron

Microscopy

The prototype of image formation by a scanning beam of electrons in transmission was

developed by Ardenne [69, 70], though the resolution was much worse than the available

conventional TEM at the time. The development of STEM was delayed for more than

20 years due to the lack of electronics and adequate electron sources. The idea of high-

resolution STEM was proposed in 1963 by Crewe with optimization and development of

electron sources and optical components [71, 72]. Further improvements in high vacuum

systems, electron optics, specimen preparation, and electron detectors made state-of-

the-art scanning transmission electron microscope a powerful tool to investigate nano-

materials at an atomic scale.

In STEM, a convergent electron beam (scan probe) is focused to a small point at the

height of the specimen and scans over the specimen. At each point of the probe position,

the electron specimen interaction results in several signals. It can end up with so called

Z-contrast HAADF imaging (see section 4.4.1) as well as energy dispersive X-ray and

electron energy loss spectroscopy mapping. In the far �eld behind the specimen, the

scattering distribution of the electrons produces di�raction patterns. Due to the conver-
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4 Scanning Transmission Electron Microscopy

gence of the electron probe, these di�raction patterns are called convergent beam electron

di�raction (CBED). Depending on the lattice spacing of the crystalline sample or the

electron beam's convergence angle, these CBEDs can include overlap of the di�raction

disks which cause coherent interferences. In a simple picture and neglecting dynamical

e�ects, an electron probe can experience higher scattering angle due to strong scatterers

like heavy atoms or thicker areas of a specimen. Here, it is worth noticing that inde-

pendent of the kind of signal to detect and the corresponding detector, it is the electron

probe which is signi�cantly decisive for the resolution of STEM micrographs [68].

4.2 Design of Scanning Transmission Electron Microscope

The design of the aberration-corrected JEOL JEM-2200FS microscope used in this work

is shown in Fig.4.1. The electron beam is generated by a Schottky emitter. This thermal

�eld emission gun (FEG) has a smaller source with high brightness and low energy

spread compared to the purely thermionic emission guns. In principle, a considerably

high electric �eld is expected by applying voltage to a really sharp tip of tungsten. It

decreases the work-function barrier for electrons to tunnel out. In addition, the applied

thermal energy lowers the required work function and simpli�es the electron extraction

process. The tungsten tip acts as a cathode and a �rst anode generates the electric �eld

enabling electrons to tunnel out. A second anode accelerates the electrons to the desired

voltage, here 200 kV. A �ne beam cross over called virtual electron source is formed after

the gun by the combination of two anodes acting as an electrostatic lens.

The second part of the illumination system includes condenser lenses and a condenser

aperture. They demagnify and transfer the image of the gun cross over to a �xed plane

above the probe corrector system. The probe's current and its semi-convergence angle

can be controlled by the condenser lens system and the condenser aperture. Then, a

probe aberration corrector consisting of two hexapoles assures a very �ne focused beam

yielding sub angstrom image resolution (more detail in section 4.2.3).

For STEM imaging, double de�ection coils scan the beam across the specimen surface

ensuring a parallel movement of the probe to the optic axis. This happens by tilting the

beam twice at each set of scan coils while the beam's pivot point is in the forward focal

plane of the objective lens pre-�eld. Thus, the beam is tilted back parallel to the optic

axis by the help of the objective lens pre-�eld.

A goniometer holds the specimen in between the objective lens pre-�eld and post-�eld.

The specimen is free to move in three spatial directions and to tilt in two directions.

This helps to freely locate the specimen and orient the crystal with respect to the optic
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4.2 Design of Scanning Transmission Electron Microscope

axis. The column optics follows with intermediate and projector lens systems which vary

the e�ective distance between the detector and the sample, i.e. camera length. The

microscope involves an in-column Omega-energy �lter between the the intermediate and

projector lens systems. It consist of an arrangement of magnetic prisms dispersing the

electrons of di�erent energies (more detail in section 4.2.4).

Condenser lenses

Condenser aperture

Scan coils

Condenser minilens

Objective lens pre-field

Objective lens post-field

Intermediate lens system

Projector lens system

In-column Omega filter

Specimen

Electron source

Upper ADF-detector

Lower ADF-detector

Pixelated detector

Transfer lens 11

Transfer lens 12

Transfer lens 21

Transfer lens 22

Hexapole 1

Hexapole 2

Illumination 
system

Aberration 
corrector

Objective lens
system / Stage

Image
system

Figure 4.1: The main elements of an aberration corrected scanning transmission electron
microscope including an in-column Omega-energy �lter.
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4 Scanning Transmission Electron Microscopy

After the interaction of electron probe and the specimen at each scan point, the scat-

tered electrons can be detected using an annular detector to produce an ADF image

(more detail in section 4.4.1). While the position of the detector is �xed, the detection

angle can be modi�ed with the help of intermediate and projector lens systems. The

microscope column contains two annular detectors, one above and one beneath the en-

ergy �lter, allowing both energy �ltered and un�ltered measurements at the same time.

At the end of the microscope column, a fast pixelated detector allows detection of the

complete di�raction pattern at every probe position resulting in 4D-STEM. As it will

be seen in section 4.4.2, it arises so many applications like a �exible choice of detection

angle for ADF imaging.

4.2.1 Magnetic Lenses

Electrons were �rst focused using electromagnets in 1930's by Busch. He could also focus

electrons with the help of an electrostatic �eld which is applied in recent thermionic

electron guns. However, in electron microscopes round magnetic lenses are commonly

used. They include two cylindrical soft magnetic material (like iron) called polepieces

which are surrounded by a coil of copper wire. The electron ray passes through the bore

which is located in the center of each pole piece. The magnetic �eld in the bore can be

adjusted by applying current to the copper coil. Due to the resistive heating of copper

coils, a water recirculating system is necessary.

In magnetic lenses with electric �eld E and magnetic �eld B, an electron with the

charge e and velocity v experiences the Lorentz force

F = −e(E + v ×B). (4.1)

Since no electric �eld is applied within a pure magnetic lens, the magnetic force is

vertical to both magnetic �eld and the electron movement direction at every moment.

This originates a spiral movement of the electron around the optic access. The force

which induces the circular movement of electrons, is caused by the radial component of

the magnetic �eld, while the focusing force is caused by the magnetic �eld component

parallel to the optic axis. This, however, along with a set of lens imperfections is explained

in section 4.2.2.

4.2.2 Lens Aberrations

Magnetic lenses used in electron microscopes su�er from lens imperfections in analogy

to light optics. Particularly in STEM, aberrations of the electron probe are in high
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4.2 Design of Scanning Transmission Electron Microscope

importance. The de�nition of three planes is necessary to describe the electron ray

path and de�ne lens aberrations; object plane, aperture plane and image plane. In

the aperture plane, the two-dimensional position coordinate of an electron trajectory

is de�ned as ω = θx + iθy while the coordinate in object plane is de�ned by analogy

as w0 = x0 + iy0. With the help of Gaussian optics, the ray position in the Gaussian

image plane can be derived as wi = xi + iyi. However, due to the aberrations, the actual

(aberrated) ray does not intersect the Gaussian image plane at the same position. This

di�erence ∆wi is de�ned as the image aberration.

There are di�erent classi�cations of aberrations according to their e�ect on the electron

beam. The e�ect of axial aberrations on the beam depends on the position of the ray

in the aperture plane ω, i.e. the scattering angle, and not on the position in the image

plane. However, the o�-axial aberrations' e�ect depends on the position in the image

plane w0. In fact, the resolution is not equal for all the object points in the presence of

o�-axial aberrations. As has been mentioned in section 4.2.1, the specimen is situated

within the objective lens in which the magnetic lens �eld is radial dependent, so the

�eld di�ers in the object plane. Consequently, the o�-axial aberrations are unavoidable.

Nevertheless, high-resolution microscopy is conducted in the central point of the object

plane with a relatively small �eld of view. The typical �eld of view in high-resolution

microscopy is less than 100 nm which is by orders of magnitude smaller than the bore

radius of the objective lens (typically between 2 and 3 mm). Thus, the magnetic �eld

in the center of the bore can be assumed to be homogeneous which allows neglecting

the o�-axial aberrations. We will see in the following that this approximation called

�isoplanatic approximation� is crucial to derive the wave aberration function.

Another classi�cation of aberrations is based on the fact that some aberrations cause

de�ned phase shifts (coherent), while the others lead to no phase relation between elec-

trons (incoherent). An example of incoherent aberration is chromatic aberration. There

are also other sources of incoherent aberrations, which are not necessarily connected to

the lens system such as mechanical vibrations, specimen drift, point spread function of

the detectors, �nite electron source size, or instabilities of the power supplies. Geometri-

cal aberrations however, are referred to as coherent aberrations which cause well de�ned

phase shift of the electron beam. They are called �geometrical� since the e�ect they

cause only depends on the geometrical ray parameters w0 and ω. They can be described

as follows. In phase contrast imaging, the in�uence of the lens aberrations on contrast

transfer for each spatial frequency q is de�ned by a transfer function

tL(q) = exp

{
−2πi

λ
χ(q)

}
, (4.2)
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4 Scanning Transmission Electron Microscopy

where χ(q) is the wave (lens) aberration function. It explains the phase shift caused

by objective lens post-�eld:

γ(q) =
2π

λ
χ(q). (4.3)

Taking into account the weak phase object approximation1, it can be deduced that only

the imaginary part of the tL is of importance. In addition, neglecting the non-isotropic

aberrations, the wave aberration function of a microscope which is not equipped with

aberration corrector is mostly dominated by defocus C1 and third-order spherical aber-

ration C3. Hence, the wave aberration function of an uncorrected CTEM is introduced

as

χ(ω) = Re

{
1

2
ω$C1 +

1

4
(ω$)2C3

}
, (4.4)

where $ is the complex conjugate of ω. For an uncorrected microscope C3 is an

inherent property, nevertheless Scherzer proposed an optimum defocus as function of C3

to maximize the highest spatial frequency that contributes to the image and consequently

optimize the resolution of the micrograph. The explanations above applies both to the

TEM and STEM modes. In STEM mode the aberrations of the beam-shaping system

(pre-�eld of the objective lens) are relevant, while in TEM mode the back focal plane of

the objective post-�eld where the di�raction pattern forms is conjugate to the plane of

the electron source.

Equation 4.4 however, is not adequate for the case of aberration-corrected microscopes.

In corrected microscopes, the third order spherical aberration C3, which is the dominant

aberration of the uncorrected microscopes, is corrected. In addition, the existence of

multi-pole lenses in aberration correctors (see section 4.2.3) increases the number of

symmetry-permitted axial aberrations. Besides, the parasitic aberrations may play a role

in corrected microscopes due to the mechanical imperfections of round lenses and multi-

poles. They can however be neglected in uncorrected microscopes due to the dominant

C3 in the range of a couple of milliliters. The wave aberration function for an aberration

corrected microscope considering all possible axial aberrations up to �fth order can be

expanded to

1
The weak phase approximation is based on the fact that on transmitting a very thin specimen the

electron beam phase can change while its amplitude is unaltered.
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χ(ω) = Re

{
1

2
$2A1 +

1

2
ω$C1 +

1

3
$3A2 + ω2$B2

+
1

4
$4A3 +

1

4
(ω$)2C3 + ω3$S3

+
1

5
$5A4 + ω3$2B4 + ω4$D4

+
1

6
$6A5 +

1

6
(ω$)3C5 + ω4$2S5

+ ω5$D5 + ...

}
. (4.5)

The order of each aberration is indicated as the subscript of the aberration coe�cient.

These aberration coe�cients as well as their symmetry numbers2 N are summarized in

Table 4.1.

Aberration Symbol Symmetry N

Beam/Image shift A0 1
Defocus C1 0

Twofold astigmatism A1 2
Second-order axial coma B2 1
Threefold astigmatism A2 3

Third-order spherical aberration C3 0
Third-order star aberration S3 2

Fourfold astigmatism A3 4
Fourth-order axial coma B4 1

Fourth-order three-lobe astigmatism D4 3
Fivefold astigmatism A4 5

Fifth-order spherical aberration C5 0
Fifth-order star aberration S5 2

Fifth-order rosette aberration R5 4
Sixfold astigmatism A5 6

Table 4.1: Geometric axial aberrations up to �fth order based on the notations of [73] as
well as their symmetry number N [68].

Here a short description is given about third-order spherical aberration, two-fold and

three-fold astigmatism, and second-order axial coma as the most signi�cant aberrations.

Due to a positive spherical aberration in a round magnetic lens, the marginal rays which

are further away from optical axis are focused closer to the lens than the paraxial rays.

2
The wave aberration function repeats N times on being rotated about the optical axis.
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For an object point it results in a broad disk, instead of a point, in the Gaussian image

plane. There exist a plane of least confusion in which the disk diameter is smaller than

the one in the Gaussian image plane. The radius of the disk for rays passing the aperture

plane within
∣∣ω
∣∣ is given as

rs = C
∣∣ω
∣∣3. (4.6)

As the name of the aberration Coma suggests, it resembles a comet-shaped image. It

causes the o�-axial peripheral rays to come to a di�erent focus than the paraxial rays.

The overlapping disks in the image plane represent a comet.

The most common correctable aberration in electron microscopy is two-fold astigma-

tism. It is a parasitic aberration caused by the rotational asymmetry of the magnetic

lenses, i.e., the focusing power di�ers in two orthogonal directions. As can also be seen

in the symmetry number of three-fold astigmatism, the focusing power alters in three

directions.

So far, the coherent geometrical aberrations are discussed. While geometrical aberra-

tions limit the resolution of an image, incoherent e�ects caused by the chromatic aber-

ration as well as the partial temporal and spatial coherency of the electron source can

limit the information.

In CTEM, the partial temporal coherency Et(ω) caused by lens chromatic aberration

as well as the energy spread of the electron source can be deduced as

Et(ω) = exp

{
−2π2∆C2

1

λ2
(
∂χ

∂C1
)2

}
, (4.7)

with chromatic defocus spread ∆C1 which is a function of lens chromatic aberration

coe�cient, instability of high tension, instability of the lens current, primary electron

energy, and the energy spread of the electrons [68].

Moreover, partial spatial coherence Es(ω) due to the �nite source size can be concluded

as

Es(ω) = exp

{
−π

2θ2
s

λ2
(∇χ(ω))

}
, (4.8)

where θs is the beam divergence semi-angle and ∇χ is the gradient of χ [68].

Temporal and spatial coherency are called damping envelope functions which can limit

the information. The highest spatial frequency which notably contribute to the image

is de�ned by the distance for which each of these become lower than 1
e2

(is the Euler's

number[68].

An electron source ideally emits electrons with no energy spread. In reality however,

the electrons emitted by an electron source contain an slight energy spread. Due to the
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chromatic aberration, the focal point of the lens alters by the electron beam energy, i.e.

the wavelength of the electrons. This de�nition corresponds to the axial chromatic aber-

ration, also called as chromatic aperture aberration, while o�-axial chromatic aberration

depends on the position in the object plane instead of aperture plane. The aperture

chromatic aberration indeed causes blurring of the focal point in the Gaussian image

plane. In STEM, the radius of the electron probe blurring circle is called the disk of

confusion de�ned as

δC = Cc
∣∣ω
∣∣δE
E0

, (4.9)

where E0 is the nominal electron energy and δE is the deviation from E0.

4.2.3 Aberration Correction

In 1936, Scherzer proved the fact that spherical aberration in rotational symmetric elec-

tromagnetic �elds is unavoidable. He also proved that the two main axial aberrations,

i.e. spherical and chromatic aberrations, both are always positive [74, 75]. In 1947,

he proposed a spherical and chromatic aberrations corrector out of a combination of

electromagnetic quadropole and hexapole [6, 76]. However, the fabrication of the �rst

resolution improving corrector took about 50 years and the reason for this delay was

the development of computer technology and charged coupled device (CCD) cameras.

A corrector system was �rst developed for a scanning electron microscope by Zach and

Haider [77]. For spherical aberrations in TEM, Haider et al. [5, 78] developed a cor-

rector consisting of two hexapoles and four transfer lenses based on Rose's suggestion

[79] (See a similar design in Fig. 4.1). In principle, the second-order non-rotationally

symmetric aberrations induced by the �rst hexapole can be compensated by the second

one. Both hexapoles however introduce a residual third-order spherical aberration with

opposite sign than the objective lens C3 coe�cient. Other aberrations apart from third-

order spherical aberration are also compensated using this corrector. The o�-axial coma

aberration can be compensated by accurately choosing and positioning the transfer lens

doublets (TL11, TL12, TL21, and TL22 in Fig. 4.1). The parasitic second-order axial

aberrations, coma B2 and threefold astigmatism A2, and non-spherical axial third order

aberrations, star aberration S3 and fourfold astigmatismA3 can be compensated by deter-

mining the aberration coe�cients using an extended version of the di�ractogram-tableau

method suggested by Zemlin [75, 80]. While tilting the illumination, the di�ractogram

of an amorphous sample is recorded digitally. The twofold astigmatism A1 and defocus

induced by tilting the illumination are determined on-line. The required currents to

compensate the aberrations are calculated and applied to the stigmators. Due to the
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additional misalignment aberrations caused by the corrector, the steps above should be

repeated [5].

For a probe forming aberration corrector however, there are two systems suggested.

One is base on the combination of quadropoles and octapoles [81, 82], while the other one

includes hexapoles [6]. The quadropole corrector has an advantage of intrinsic chromatic

aberration correction. Nevertheless, it is not favourable for only correction of spheri-

cal aberrations due to the complications caused by twice the number of nonrotational

symmetric components.

By correcting C3, C5 is the limiting factor for the resolution. It is possible to com-

pensate the limiting factor C5 by optimizing the aberrations up to third order. In 1970,

Scherzer optimized the C1 and C3 based on C5 for a CTEM as

C1 = 2
3
√
λ2C5, (4.10)

C3 = −3.2 3

√
λ2C2

5 . (4.11)

The corresponding resolution d and the optimum objective aperture ωA are de�ned as

d =
λ

3
6

√
C5

λ
, (4.12)

ωA =
7

4
6

√
λ

C5
. (4.13)

In STEM, another approach is proposed by Haider et al. [6] for the optimization of

free parameters C1 and C3 with a given C5. For a given semi-convergent angle ωA, they

minimized the maximum total phase shift in the entire aperture and de�ned C1 and C3

as

C1 = 0.144ω4
AC5, (4.14)

C3 = −0.92ω2
AC5. (4.15)

4.2.4 Magnetic Prisms

So far, only elastic scattering of electrons was considered. During the scattering however,

the electrons may transfer energy to the specimen through inelastic mechanisms like

inner-shell excitations or plasmon excitations. These interaction mechanisms will be

discussed in more detail in section 4.3.5. In this section, we focus on the optical element

used to disperse the electrons of di�erent energies, i.e a magnetic prism. It can be

used for energy analysis in electron energy loss spectroscopy (EELS) and energy-�ltered
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electron microscopy (see section 4.4.3). The detailed explanation of the magnetic prism

spectrometer is based on [83].

Fig. 4.2.1 illustrates the electron travel in the magnetic �eld of a magnetic prism.

Within the poles of an electromagnet with magnetic �eld B in y-direction, electrons

traveling with velocity υ in z-direction experience a circular movement whose radius of

curvature R is

R = (
γm0

eB
)υ. (4.16)

Thereby,m0 and e are the rest mass and the charge of the electron and γ is a relativistic

factor. Based on equation (4.16), the electrons with higher energy and consequently

higher speed experience a larger R and a smaller de�ection angle. As a side e�ect, it can

be deduced that the electron beam is also focused in the magnetic prism. The electrons

which enter the magnetic prism with an angle γx with respect to the optic axis will be

focused to a distance of υx from the magnet's exit. Positive γx angle results in a longer

traveling distance within the magnetic �eld and larger de�ection angle. In contrary, the

electrons with negative γx angle experience shorter distance within the magnetic �eld

where a smaller de�ection angle is expected. The trajectory of the electrons which have

lost energy in the specimen is also shown with dashed line in Fig. 4.2.4.

Ox

z

x

zIx

B

C

R

Figure 4.2: Focusing and dispersing mechanisms in a magnetic prism spectrometer.
Based on [83].

A single magnetic prism is the most common spectrometer for energy analysis in ei-
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ther CTEM of STEM. For energy-�ltered imaging however, the magnetic spectrometers

mostly contain magnetic prisms or a combination of mirror and magnetic element. In

1962, the �rst �ltering device was developed containing a uniform �eld magnetic prism

and an electrostatic mirror [84]. The �lter used in this study is a purely magnetic device

called omega �lter. The electrons pass through four magnetic prisms. They are typi-

cally de�ected in each prism with an angle between 90° and 120°. The complete electron

path trajectory forms the Greek letter Ω which is the reason behind the name. Using

an energy slit at the energy dispersive plane, any desired energy range can be selected

and with the help of intermediate lens system above the energy �lter an energy-�ltered

image or di�raction pattern can be obtained (see section 4.4.3). The vertical alignment

of the lens is preserved since the beam comes out of the device along the original optic

axis [85].

4.3 Theoretical Background

In this section, the electron probe and specimen interaction is explained. This interaction

can be described from two di�erent perspectives. Either the wave nature or the particle

nature of the electrons is considered. The particle nature shows in the scattering due

to the coulomb interaction of the negatively charged electrons with the positive atoms

nuclei as well as the negative electron cloud around the atoms. It is mostly interpreted as

particle-particle collisions and can be described by Rutherford di�erential cross-section

scattering which is explained in detail in section 4.3.2 (based on [66]). In contrast,

the electron wave interaction with a periodic arrangement of the atoms in a crystal

is referenced to as di�raction, which is seen in section 4.3.1 (based on [2]). Since the

inelastic scattering and its angular dependency is investigated in this thesis, the plasmon

excitation as the predominant source of the inelastic scattering is described in section

4.3.5. At the end, the e�ect of static atomic displacement on ADF-STEM image contrast

and the channeling e�ect as an important feature of dynamical scattering are explained

in section 4.3.3 and 4.3.4, respectively.

4.3.1 Electron Di�raction

In this section, the interaction of a focused electron probe with a crystalline specimen in a

scanning transmission microscope is formulated based on [2]. If a focused electron probe

is incident at the surface of a crystal, the Bloch formulation of dynamical di�raction can

be applied. The electron wave function ψ(R, z) within a crystal with an electrostatic

potential of V (R, z) can be de�ned as a solution of the Schrödinger equation
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(
∇2 + 4π2k2

0 +
2m0e

~2
V (R, z)

)
ψ(R, z) = 0, (4.17)

where R and z are the position components, respectively, perpendicular and parallel

to the optic axis, m0 is the relativistic electron mass, k0 is the electron wave magnitude

outside the crystal. Considering the periodic potential of the crystal, the Bloch wave

solutions of the Schrödinger equation are of the form

φ(r) =
∑

Φg exp [−2πi (k + g) .r] , (4.18)

where g is the reciprocal lattice vector and k = (K, kz) is the wave vector in its

components perpendicular and parallel to the optical axis. It is suggested that the

HOLZ re�ections are negligible in ADF imaging [86], so the Fourier coe�cients of Bloch

wave Φg can be obtained by matrix diagonalization. At the surface of the crystal, the

boundary condition of matching the crystal wave function and incident wave function

can be used to de�ne the excitation of each Bloch state.

The electron probe in STEM has a range of wave vectors within the cone of illumi-

nation. The probe wave function P can be de�ned by summing the amplitude of these

wave vector components as

P (R−R0) =

ˆ
A(Ki) exp [2πiKi.R0 − 2πiKi.R] dK. (4.19)

Thereby, r(R, z) is the real space vector in its transverse and perpendicular compo-

nents, R0 is the probe location vector, Ki is the transverse component of the incident

wave vector, and A(Ki) is the aperture function depending on the objective aperture

(usually described by a top-hat function) and the lens aberrations χ(Ki)(explained in

section 4.2.2). With Φ(j)∗
0 (Ki) as excitation of the jth Bloch state for an incident plane-

wave and k(j)
z (Ki) as the longitudinal component of the corresponding wave-vector, the

wave function within the crystal can be de�ned by integration of all incident partial plane

waves

ψ(R, z,R0) =

ˆ ∑
j

∑

g

A(Ki)Φ
(j)∗
0 (Ki)Φ

(j)
g (Ki)

× exp
{
−2πi

[
(Ki + g) .R−Ki.R0 + k(j)

z (Ki)z
]}

dKi. (4.20)

Equation (4.20) represents two facts. First, many Bloch states which are summed

in the equation propagate in the crystal with di�erent speed, consequently interfere

constructively and destructively with each other. Second, it can be deduced from the
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equation that the electron wave function depends on the incident probe position and the

thickness of the specimen.

The intensity of the coherent CBED pattern at the detector plane can be obtained

by taking the square of the absolute value of Fourier transform of equation (4.20). To

�nd the ADF intensity, this CBED pattern can be integrated over the detector function.

This shows that the ADF detector acts as a high-pass �lter which peaks in the highly

localized states on the atomic columns (1s-type bound states). The corresponding states

show �at and non-dispersive behavior. For a crystal aligned in zone-axis, this results in

an incoherent structure image of the atomic-column positions.

4.3.2 Rutherford Scattering

In STEM, the electron scattered intensity at high angles signi�cantly depends on the

atomic number of the target material. It is based on the particle nature of electrons and

their interaction with the nucleus. This interaction is in analogy with backscattering of α-

particles, which was �rst observed in Ernst Rutherford's laboratory [87]. Neglecting the

relativity e�ect, Rutherford derived the di�erential cross section for high-angle scattering

σR of an electron with energy E0 and charge e, scattered through an angle θ as

σR(θ) =
e4Z2

16(4πε0E0)2

dΩ

sin4 θ
2

, (4.21)

where Z is the atomic number of the scatterer and ε0 is the vacuum permittivity.

However, the relativistic e�ects are signi�cant for electron energies higher than 100 keV,

as with 200 keV at our instrument. Taking into account the relativistic e�ects as well as

the so-called screening e�ect of the electron cloud around the atoms, equation (4.21) can

be modi�ed to

σR(θ) =
Z2λ4

R

64π4a2
0

dΩ
[
sin4( θ2) +

θ20
4

]2 , (4.22)

with the Bohr radius a0, the relativistically corrected electron wavelength λR, and the

screening parameter given by

θ0 =
0.117Z1/3

E
1/2
0

. (4.23)

By integrating the expression in equation (4.22) from θ to π and inserting constant

values, the di�erential cross section for elastically scattered electrons to angles higher

than θ is de�ned as
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σR(θ) = 1.62× 10−24

(
Z

E0

)2

cot2 θ

2
. (4.24)

From equation (4.24), it can be concluded that the scattering cross-section decreases

drastically by increasing the scattering angle from 0° to 180° which means scattering in

the forward direction is more probable. It can also be deduced that lower-energy electrons

are more likely to be scattered than the higher-energy electrons. The Z dependence of

the high-angle scattering forms micrographs re�ecting the chemistry of the specimen and

facilitates the composition determination performed in this study.

4.3.3 Electron Channeling along Atomic Columns

As also explained in section 2.1, the high resolution HAADF-STEM investigations in

this study are conducted at each atomic column along [010] zone-axis. Here, a precise

alignment of the crystal in the zone-axis is necessary. However, a perfect alignment of the

atomic columns to the optic axis is not straightforward. In addition, the STEM electron

probe has divergence as well as an unavoidable lateral width even in probe corrected

microscopes. These problems can limit the resolution of HAADF-STEM micrographs.

Nevertheless, the so called electron channeling e�ect causes the localization of the electron

beam along a vertical atomic column. Here a short description of the channeling e�ect

is given based on [88].

Electron channeling is caused by con�nement of the electron wave in the atomic

columns due to the more attractive positive potential in the columns compared to the

interstitial area between the atoms. It is in fact due to the shorter wavelength of the

electron wave in the atomic column compared to the interstitial area and total re�ection

at the interface in analogy with the transmission of light in optical glass �bers. The total

internal re�ection however, occurs if the angle between the electron beam wave vector

and the atomic column is less than a critical angle. Apart from accurate tilting of the

sample to zone-axis, the probe semi-convergence angle is decisive to avoid reaching the

critical angle and channeling. The choice of semi-convergence angle should be considered

from di�erent aspects. On one side, for an aberration corrected microscope, smaller probe

size and consequently better point resolution can be achieved by larger semi-convergence

angle. One the other side, by exceeding the channeling critical angle, although the lateral

resolution is sustained, some electrons do not channel along the atomic columns which

causes a background noise in the micrograph and decreases the signal-to-noise ratio.
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4.3.4 Static Atomic Displacement E�ect on Scattering

As discussed in section 2.1, SADs can be caused by the substitution of atoms with

di�erent covalent radii in a host crystal. The SADs-containing material system in this

study is a sample with embedded GaNxAs1−x QWs. It is shown that the intensity of

ADF-STEM micrographs speci�cally at low scattering angles is highly sensitive to the

strain contrast of GaNxAs1−x caused by static atomic displacements (SADs) [33]. Based

on the Z-contrast imaging in HAADF-STEM, explained in section 4.3.2, lower contrast is

expected at the area of the GaNxAs1−x compared to the barrier (GaAs). The low angle

annular dark �eld STEM (LAADF-STEM) micrographs however, show more intensity at

the GaNxAs1−x QWs compared to GaAs owing to Huang scattering at SADs [34, 89].

4.3.5 Inelastic Scattering

As discussed in section 4.3.2, the high angle de�ection of the electrons by interacting with

the nuclei, referred to as Rutherford scattering, yields elastic scattering of electrons. How-

ever, inelastic scattering happens due to the Coulomb interaction of an incident electron

and atomic electrons. In this section, some of the inelastic processes are explained based

on [66, 83].

During the interaction of an incident electron and an inner-shell electron, the atomic

electron can be excited to the vacuum energy level, if it absorbs similar or greater amount

of energy than its binding energy. Due to the conservation of energy, the incident electron

scatters inelastically by losing the same amount of energy. The transition of the excited

electron leaves a vacant �core hole� behind. The hole can be occupied by an electron from

a higher energy level. The corresponding energy is released either by kinetic energy of

another electron, i.e. Auger recombination, or by electromagnetic radiation, i.e. x-rays.

Speci�cally in semiconductors, the electron excitation of outer-shell electrons can cause

interband transitions across the energy band gap. By absorbing enough energy to reach

an state above the vacuum level of the solid, the excited electron can be emitted as a

secondary electron. The outer-shell inelastic scattering can also involve many atoms. The

collective excitation of valance electrons which takes the form of a longitudinal traveling

wave is called plasmon excitation. The plasmon can be described as pseudoparticle in

quantum theory. This pseudoparticle has a short lifetime of less than a femtosecond and

is localized to less than 10 nm. In most of the solids, it has a signi�cant energy of 5-30

eV and a mean free path of around 100 nm. There have been many studies which have

measured the mean free path of di�erent materials experimentally [90, 91, 92]. Using the

inelastic mean free path, the thickness of the TEM specimen can be measured by di�erent
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methods such as �EELS log-ratio technique� [93] and �Kramers-Kronig sum rule� [91].

The scattering cross section of a bulk plasmon generated by an incident electron which

scatters to the angle θ and loses energy E is given as [94, 95, 96, 97]

B(E,k) =
d2σ

dθdE
=

sin(θ)

E0πnaa0

1

θ2 + θ2
E

E∆EpE
2
p,0(

E2 − E2
p,0 − γ4Ep,0E0(θ2 + θ2

E)
)2

+ (E∆Ep)
2
. (4.25)

Thereby, a0 is the Bohr radius, na is the atomic density of specimen, E0 is the impinging

electron energy, ∆Ep is the plasmon damping coe�cient, Ep,0 is the plasmon energy at

θ = 0, γ is the plasmon dispersion coe�cient de�ned by

Ep = Ep,0 + 2γE0(θ2 + θ2
E), (4.26)

and θE is the characteristic angle de�ned as

θE =

(
E

E0

)(
E0 +m0c

2

E0 + 2m0c2

)
. (4.27)

Equation (4.25) will be recalled in section 4.5, where the plasmon excitations will be

taken into account in the multislice image simulations.

Apart from the bulk excitation of electrons, plasmon excitation can occur also at the

surfaces called surface plasmons. Considering the typical thickness of electron transparent

specimens, the e�ect of surface plasmons can be predominant, especially if the sample is

very thin (less than 20 nm).

4.4 Techniques

4.4.1 Annular Dark Field Imaging

The invention of the ADF detector was carried out by Crewe [98]. It includes an annular

region which collects all scattered electrons within an angular range while the focused

probe scans over the sample. The image can be formed by plotting the total scattered in-

tensity for every scanning position. Since the ADF detector collects Rutherford scattered

electrons (see section 4.3.2), the intensity of the micrographs increases by both the atomic

number of the elements and the thickness of specimen. Crewe also improved his method

by dividing the elastic signal by the inelastic signal at each scanning point. This way he
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reached Z-contrast micrographs which gave information only about the atomic number of

the specimen Z and independent of sample thickness. He could image single heavy atoms

in an amorphous substrate [98]. Nevertheless, there was no interpretable signal from the

crystalline material due to the low inner detector angle he used. Howie recognized that

by enlarging the lower detector angle, the thermal di�use scattering (TDS) suppresses

the coherent Bragg di�racted beams [99]. He introduced the HAADF detector which

removes the di�raction contrast and results in easily interpretable Z-contrast images.

In HAADF imaging the scattering intensity follows the Rutherford scattering model in

which the scattering cross section is proportional to Z2, but the Z dependence is reduced

considering the screening e�ect of the electron cloud around the atoms.

The ADF images are easy to interpret due to their incoherence, which means the

information of each atomic column in the crystal can be interpreted independently from

the neighboring columns. The elastic scattering of the highly coherent STEM probe with

the specimen leads to coherent information and interference features in the detector plane.

Using a large ADF detector however, many of the interference features are averaged which

suppresses the coherent phase information.

In the explanations above, only elastic scattering is assumed to be relevant for the ADF

imaging. There exists also a contribution of quasi-elastic di�use scattering at the typical

ADF angles. It is called TDS caused by the interaction of incident beam and phonon

vibrations of the crystal. It is also known as quasi-elastic scattering, since only a small

amount of energy (in the order of tens of meV) is lost by TDS. The �rst interpretation of

the HAADF imaging as incoherent imaging by Howie [99] was based on the incoherent

nature of TDS and its predominant intensity in the ADF signal.

4.4.2 Four-Dimensional Scanning Transmission Electron Microscopy

Recent advances in the electron detector technology allow recording the complete di�rac-

tion pattern while the STEM electron probe scans over the sample. The two-dimensional

image in reciprocal space can be recorded for every probe position in real space which

results in a four-dimensional data set as the name �4D-STEM� suggests. This is only

possible, if the readout speed of the camera is in the range of STEM probe scanning speed

which is in the range of microseconds to milliseconds. However, the recording speed of

a typical CCD camera is in the range of less than 60 frames per second [100]. In this

study, a fast pixelated, silicon based image sensor called pnCCD is applied to record 4D

data sets [101]. In the pn-juction charge-coupled device, pnCCD, the scattered electrons

directly generate electron-hole pairs in the detectors bulk Si. The number of created

electrons (signal electrons) is proportional to the energy of the primary electron.
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There has been variety of applications possible with the help of 4D-STEM. It can

be used for virtual imaging by applying a virtual detector using arbitrary pixels of the

detector. The method is applied for example to quantify the long range built-in electric

�eld [57] as well as the atomic electric �eld [56] using the center-of-mass (COM) of electron

di�raction pattern. Another advanced application of 4D-STEM is to enhance the contrast

of lithium atoms, as an extremely light element, by subtracting the middle angle annular

bright-�eld from annular bright-�eld images [102]. Several other applications are gathered

by Ophus [100] categorized as for example precession electron di�raction, orientation

mapping, strain mapping, di�erential phase contrast imaging, and ptychography.

In the present study, we used the 4D-STEM in combination with image simulations to

optimize the imaging conditions for composition determination of III-V semiconductors.

4.4.3 Electron Energy Loss Spectroscopy

As an absorption spectroscopy method, electron energy-loss spectroscopy is the direct

measurement of the electron energy-loss after the interaction of the incident electron with

the specimen. It is seen in section 4.2.4 how the electrons with di�erent kinetic energy

can be dispersed which leads to an electron energy-loss spectrum. The corresponding

spectrum shows the scattered intensity as a function of electron energy loss. Fig. 4.3

(a) depicts a typical electron energy-loss spectrometer consisting of zero-loss or elastic

peak, low-loss (predominantly plasmon peak), and inner-shell excitation edges. The

mechanism of plasmon excitation as well as the inner-shell excitations are explained in

detail in section 4.3.5. The zero-loss peak (ZLP) involves the electrons which are scattered

with no signi�cant energy loss, i.e. elastically scattered electrons as well as the quasi-

elastically scattered electrons due to phonon excitation (see section 4.4.1). In addition,

the unscattered electrons do not lose energy. The inner-shell excitation edges begin with

a sharp rise and fall slowly afterwards. The position of the edge peak approximately

shows the binding energy of the excited electron and can be used to determine chemistry

of the investigated material [83].

The inelastic scattering intensity is also related to the thickness of the specimen. The

thicker the sample is, it is more probable that the transmitted electrons su�er inelastic

scattering. As can be seen in Fig. 4.3, it can result in a series of peaks, called plural

(multiple) inelastic scattering. For conducting the EELS analysis however, it is sometimes

necessary to remove the e�ect of multiple scattering by deconvolution methods [83].

Besides recording the electron energy-loss spectrum, it is also favorable to image an

area of the specimen, in real space or reciprocal space, at a selected electron energy-loss.

The method is called energy-�ltered S(TEM). It is feasible with the help of an in-column
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(a) (b)

Figure 4.3: An electron energy-loss spectrum is illustrated in (a) logarithmic scale for of
Y Ba2Cu3O7 and (b) linear scale for Silicon [83].

energy �lter explained in section 4.2.4. Chemical mapping in both STEM and CTEM

can be conducted by choosing di�erent inner-shell edges associated with each element by

applying an energy slit. In this study however, EFSTEM is used for the investigation

of the angular dependency of plasmon excitations. The ZLP �ltering is also applied to

quantify the composition of a sample containing GaNxAs1−x QWs.

4.5 Image Simulations

There are two commonly used methods for composition determination of materials by

ADF-STEM. One is the model-based statistical method in which statistical parameter

estimation theory is used to relatively quantify the chemical composition of every atomic

column of the HAADF-STEM micrographs [25, 103, 104, 105, 106]. The second method

is to determine the composition by a direct comparison of experimental HAADF-STEM

images normalized to the incident beam and the corresponding image simulations. Thus,

an accurate image simulation is necessary, which includes the in�uential experimental

parameters as much as possible. There are two common methods to simulate the electron

beam and specimen interaction in STEM. The �rst one is based on numerical calculations

of the Bloch wave formulation explained in section 4.3.1 [2, 11, 12]. The Bloch wave

method calculates the expansion of Fourier components of the electron wavefunction and

crystal potentials that match the lattice periodicity. The method gives precise results in

the case of a perfect periodic crystal. However, it is not e�cient if the specimen contains

nonperiodic features such as defects and interfaces. The second approach, which is used in

this study, is based on slicing the specimen perpendicular to the incident beam suggesting

the name �multislice� method. In the present work, the e�ect of plasmon excitations as

the predominant source of inelastic scattering (see section 4.4.3) is investigated both

36



4.5 Image Simulations

experimentally and in image simulations. Accordingly, two recently developed methods

are explained for the incorporation of plasmon excitations in the multislice algorithm.

4.5.1 Multislice Method

The multislice algorithm was �rst proposed by Cowley and Moodie [13] and implemented

by Goodman and Moodie [14]. It has been extended to calculate CBED by Cowley and

Spence [15]. Kirkland et al. [16] further extended the method including ADF-STEM.

The software packages used in this study, i.e. STEMsim [107] and STEMsalabim [108],

are based on the book of Kirkland [109]. In the following, the multislice algorithm for

dynamical scattering in ADF-STEM is explained from [109]. In this algorithm, the spec-

imen is divided into thin two-dimensional slices in which the weak phase approximation

is applicable (see section 4.2.2). The beam repeatedly interacts with the projected po-

tential of the atoms in one slice and then propagates to the next slice determined by

Fresnel di�raction. The whole procedure is applied for all the electron probe positions

on the specimen.

The incident electron probe function as a function of the probe position is de�ned in

equation (4.19). The Schrödinger equation (4.17) for elastic scattering of fast electrons

traveling in z direction under the e�ect of specimen potential V can be written as �rst-

order di�erential equation

∂ψ(x, y, z)

∂z
=

[
iλ

4π
∇2
xy + iσV (x, y, z)

]
ψ(x, y, z), (4.28)

where ψ is the electron wave function, ∇2
xy is the sum of the second derivative with

respect to x and y and σ = 2πmeλ
h2

is an interaction parameter. The solution of the

di�erential equation (4.28) is expressed as

ψ(x, y, z) = exp




zˆ

0

(
iλ

4π
∇2
xy + iσV (x, y, z′)dz′

)
ψ(x, y, 0). (4.29)

Equation (4.29) can be integrated for the range of z to z + ∆z

ψ(x, y, z) = exp

[(
iλ

4π
∆z∇2

xy + iσv∆z(x, y, z)

)]
ψ(x, y, z), (4.30)

with the projected atomic potential

v∆z(x, y, z
′) =

z+∆zˆ

z

V (x, y, z′)dz′. (4.31)
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Taking into account the isolated atom approximation, the projected atomic potential

can be determined as a linear superposition of all atomic potentials.

The wave function from z to z + ∆z can be rewritten as

ψ(x, y, z + ∆z) = p(x, y,∆z)⊗ [t(x, y, z)ψ(x, y, z)] (4.32)

in which the transmission function for the specimen slice between z and z + ∆z is

de�ned as

t(x, y, z) = exp


iσ

z+∆zˆ

z

V (x, y, z′)dz′


 (4.33)

and the propagator function is given as

p(x, y,∆z)⊗ = exp

(
iλ

4π
∆z∇2

xy

)
. (4.34)

If the specimen is divided into slices with thickness ∆z and the slice numbers n = 0, 1, 2, ...,

equation (4.32) can be described in a layer-by-layer form as

ψn+1(x, y) = pn(x, y,∆z)⊗ [tn(x, y)ψn(x, y)] . (4.35)

Thereby, ψn(x, y) is the wave function on the top of each slice, and the transmission

and propagator functions for each slice are given as pn(x, y,∆z) and tn(x, y), respectively.

The initial wave function is de�ned as the incident electron probe function by equation

(4.19) (see section 4.3.1).

For every scan position, the �nal electron wave function can be calculated for all slices.

The Fourier transformation of the corresponding wave function Ψ(k) represents the wave

function in reciprocal space. The intensity of the CBED pattern at the detector plane

for the corresponding probe position can be determined by taking the the square of the

absolute value of Ψ(k). The ADF intensity can be calculated by integrating the CBED

intensity over the detector function D(k)

g(x, y) =

ˆ ∣∣Ψ2(k)
∣∣D(k)d2k. (4.36)

In section 4.4.1, we pointed out the e�ect of TDS on ADF-STEM micrographs. In this

study, the e�ect of this quasi-elastic di�use scattering caused by phonon vibrations of the

crystal is taken into account by the frozen lattice approximation [28, 110, 111, 112]. It is

based on the fact that the fast incident electron travels through the thin TEM specimen

in an extremely short time compared to lattice vibrations, so it can be assumed that

the lattice is frozen. Hence, di�erent snapshots of the vibrated crystal, i.e. di�erent
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phonon con�gurations, are simulated. A random displacement of the atoms based on a

Gaussian distribution is applied at each con�guration. The mean-squared displacement

is determined by the Debye-Waller factors of each element at room temperature. The

Debye-Waller factors in this study are taken from Schowalter et al. [113]. We employed

the Einstein model in which it is assumed that the atoms independently vibrate in the

crystal and there exists no phonon correlation.

4.5.2 Including Plasmon Excitation

There are two recent methods to incorporate plasmon excitations into the multislice algo-

rithm. Mendis [114] developed a frozen phonon, multislice simulation method including

plasmon energy losses based on a Monte Carlo technique. Random numbers were used

to estimate the scattering angle and the scattering path length. In this method however

the wave nature of the electron is missing, so important e�ects like the electron beam

channeling within the atomic columns of the crystal are neglected. Overcoming this

problem, Barthel et al. [27] further extended the previous method but in the context of

a quantum excitation of phonons (QEP) model [115]. Here, the MFP of the plasmon loss

can be a free parameter and also change in the depth of the simulated specimen which

inherently takes into account the e�ect of surface plasmons.

In this study, the plasmon excitations are incorporated into the multislice algorithm

based on a modi�ed version of method developed by Mkhoyan et al. [94]. The developed

method by Mkhoyan is explained in the following based on [94, 116]. The scattering

cross section of a bulk plasmon is expressed in equation (4.25). During the interaction

of an incident electron with a thin layer of the specimen with thickness ∆z (in analogy

with slice thickness in multislice algorithm), a single plasmon scattering with probability

β1 is mostly probable. The intensity and angular redistribution of the incident electron

can be given as

Iinn+1(E,k) = Ieln(k)⊗B(E,k)β1(∆z), (4.37)

in which Iinn+1(E,k) is the inelastic scattering intensity at slice n + 1 and Ieln(E,k)

is the elastic scattering intensity at slice n. The probability of single plasmon scattering

can be determined by Possion's statistics as

Iin
Itotal

= β1(∆z) =
∆z

λ
exp(−∆z

λ
) (4.38)

and the probability of the elastic scattering can be determined as

Iel
Itotal

= β0(∆z) = exp(−∆z

λ
). (4.39)
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Taking into account the plasmon scattering, the electron wave function (cf. equation

4.35) for an elastic-inelastic multislice simulations can be rewritten as

ψn+1(E = 0, x) = pn(x,∆z)⊗
[
tn(x)ψn(E = 0, x)

√
β0

]
(4.40)

and

ψn+1(Ei > 0, x) = pn(x,∆z)⊗
[
tn(x)ψn(E = 0, x)

√
B(Ei,x)β1

]
. (4.41)

Thereby, ψn+1(E = 0, x) represents the wave function for elastic events, which contains

an additional reduction factor of
√
β0 compared to the elastic-only simulations. The

inelastic wave function ψn+1(Ei > 0, x) includes the single plasmon scattering for a given

energy loss Ei.

4.5.3 Further considerations

The ADF-STEM image simulations demand further considerations regarding the speci-

men and its crystal structure. In this study, binary, ternary, and quaternary alloys are

generated by randomly replacing the host atoms with substitute atoms. For the de-

termination of the lattice constant, a linear dependence of the lattice constant on the

composition is assumed based on the VCA (see section 2.1) [117]. As explained in section

4.3.4, the SADs can impact the ADF intensity, especially at low angles. They are taken

into account by relaxation of the supercells via the valence force �eld model, using a Keat-

ing potential [118, 119]. Due to the �nite thickness of the TEM specimens, the strain

in the heterostructures partially relaxes and causes bending of the crystal surface [120].

It in�uences the ADF intensity by changing the angular distribution of the scattered

electron intensity [121, 122, 123]. This e�ect can be incorporated into the simulations by

displacing the crystal using a �nite element formalism [124].

The information limit caused by the �nite dimension of the electron source called

partial spatial coherence is highlighted in section 4.2.2. It can be applied to the image

simulations by convoluting the source size distribution with the simulated image [125,

126]. Di�erent methods can be used to measure the source size distribution from the

experimental images [127]. The shape of the source can follow a Gaussian, Lorentzian

or a combination of both [126, 128]. We use the Lorentzian distribution and apply the

partial spatial coherence based on the method suggested by Beyer et al. [129]. The partial

temporal coherence however causes blurring of the image due to the energy spread and the

chromatic aberration (see section 4.2.2). In this study, the e�ect of chromatic aberration

in simulations is taken into account by a defocus series as suggested by Kuramochi [130].
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4.5 Image Simulations

A direct comparison of the experimental ADF-STEM micrographs and the correspond-

ing image simulations demands considerations regarding the ADF detectors. It is exper-

imentally proven that the ADF detectors do not uniformly respond [131] and this non-

uniformity is a function of beam current [132]. In the present work, it is considered by a

detector sensitivity map obtained by scanning the focused electron beam on the detector

based on [132]. By determining the beam current with the help of a CCD camera, it

can be concluded that for each speci�c region of the detector the number of the counts

on the detector is linear to the impinging beam current. Here, a normalization of the

experimental data based on [132] allows a direct comparison with image simulations. In

addition, the detector inner angle is determined by imaging the shadow of the detector

on a CCD camera below the detector [9] while the outer detection angle is four times the

inner angle as given by the manufacturer.

In the case of composition determination with an optimized detection angle by 4D-

STEM, four-dimensional data are collected by a pnCCD camera (see section 4.4.2). Here,

at each STEM probe position, an o�set correction is performed to the CBED pattern, a

readout artifact called �common mode� is corrected, and a gain correction was applied

[133]. Each of the CBED patterns is intrinsically normalized by imaging the direct beam

on the pnCCD camera. This resulting normalized data can be directly compared to the

image simulations. Besides this, the e�ect of the point spread function (PSF) of the

camera should be taken into account particularly in the case of a quantitative investiga-

tion of position averaged convergent beam electron di�raction (PACBED) patterns and

angle-resolved intensities. PSF, which in spatial frequency space is called modulation

transfer function (MTF), is a characteristic of the camera and shows the blurring of the

data over an area of the camera. In this study, it is measured by a modi�ed knife-edge

method and included in the image simulations [134, 135].
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This chapter summarizes the results achieved during this project, with a more detailed
discussion provided by the publications presented in chapter 7. Here, the publications
are numbered for convenience:

Article I : Composition Determination of Semiconductor Alloys Towards Atomic Ac-

curacy by HAADF-STEM
L. Duschek, P. Kükelhan, A. Beyer, S. Firoozabadi, J. O. Oelerich, C. Fuchs, W. Stolz, A. Ballabio, G. Isella,

K. Volz. Ultramicroscopy 200 (2019), pp. 84-96.

Article II : Simultaneous Determination of Local Thickness and Composition for Ternary

III-V Semiconductors by Aberration-Corrected STEM
P. Kükelhan, A. Beyer, S. Firoozabadi, T. Hepp, K. Volz. Ultramicroscopy 201 (2019), pp. 49-57.

Article III : Composition Determination for Quaternary III-V Semiconductors by Aberration-

Corrected STEM
P. Kükelhan, T. Hepp, S. Firoozabadi, A. Beyer, K. Volz. Ultramicroscopy 206 (2019), 112814.

Article IV : Optimization of imaging conditions for composition determination by an-

nular dark �eld STEM
S. Firoozabadi, P. Kükelhan, T. Hepp, A. Beyer, K. Volz. Ultramicroscopy 230 (2021), 113387.

Article V : In�uence of plasmon excitations on atomic-resolution quantitative 4D scan-

ning transmission electron microscopy
A. Beyer, F. F. Krause, H. L. Robert, S. Firoozabadi, T. Grieb, P. Kükelhan, D. Heimes, M. Schowalter, K.

Müller-Caspary, A. Rosenauer, K. Volz.

Article VI : Quantitative composition determination by ADF-STEM at low angular

regime: a combination of EFSTEM and 4DSTEM
S. Firoozabadi, P. Kükelhan, A. Beyer, J. Lehr, K. Volz

Article VII : Segregation at Interfaces in (GaIn)As/Ga(AsSb)/(GaIn)As -Quantum

Well Heterostructures Explored by Atomic Resolution STEM
P. Kükelhan, S. Firoozabadi, A. Beyer, L. Duschek, C. Fuchs, J. O. Oelerich, W. Stolz, K. Volz. Journal of

Crystal Growth 524 (2019), 125180.

Article VIII : Ge/SiGe parabolic quantum wells
A. Ballabio, J. Frigerio, S. Firoozabadi, D. Chrastina, A. Beyer, K. Volz, G. Isella. Journal of Physics D:

Applied Physics 52 (2019) 415105 (8pp).

A summary of the results is given in this chapter based on these publications as follows:
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In section 5.1, the composition determination of III-V and binary group IV semicon-

ductors by direct comparison of multislice image simulations and experimental HAADF-

STEM intensities is explained in detail based on Article I. The developed method is

further elaborated based on work presenting in Article II, Article III, and Article IV.

Section 5.2 includes the �ndings of Article V, in which a detailed discussion on the

e�ect of plasmon excitations on the angular dependence of the STEM intensities is given.

The results of this article can explain the discrepancies between image simulations and ex-

perimental ADF-STEM intensities particularly at low angular regimes. A key conclusion

of these results is the necessity of considering the plasmon excitations for composition

determination by ADF-STEM with low-angle scattering.

Section 5.3 presents a method developed for composition determination by ADF-STEM

at low scattering angles based on Article VI. Here, special measures are taken to avoid dis-

crepancies between experimental and simulated ADF-STEM at low scattering angles that

are introduced by for example inelastic scattering (see section 5.2). The LAADF-STEM

micrographs however contain valuable information about material systems containing

light elements. By applying EFSTEM and 4DSTEM, we achieved excellent agreement

between the image simulations and experimental results at low-angle scattering, allowing

for the composition determination of a sample containing GaNxAs1−x QWs embedded

in GaAs barriers.

Finally, two applications of composition determination by ADF-STEM are given in

Article VII and Article VIII, which are included in chapter 7. In Article VII, the HAADF-

STEM composition pro�les are used to investigate the surface segregation and interaction

e�ects of In and Sb in the �W�-QWH containing GaInAs and GaAsSb as electron and

hole QWs, respectively. The method is also applied to a sample containing a parabolic

Si1−xGex QW, which shows a slight deviation of the composition pro�le from an ideal

parabola (Article VIII ).

5.1 Composition Determination by HAADF-STEM

This section focuses on the composition determination of semiconductors by HAADF-

STEM. Article I, in which a comprehensive description of the method is given, is ex-

plained in more detail in section 5.1.1. In this publication, the composition of the III-V

and binary group IV semiconductors is determined on an atomic scale by direct compar-

ison of multislice image simulations and experimental HAADF-STEM intensities. The

theoretical capabilities of the method towards single-atom accuracy are further investi-

gated and the limitations of the composition determination by HAADF-STEM is dis-
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5.1 Composition Determination by HAADF-STEM

cussed. The developed method in Article I is more extended in Article II, Article III,

and Article VI. It is con�rmed that precise knowledge of the local thickness of the TEM

specimen is crucial for composition determination. Article II focuses on the development

of a method to simultaneously determine the local thickness and the composition on an

individual STEM micrograph. In Article III, the composition determination algorithm

is extended to quaternary III-V semiconductors. Optimized ADF-STEM imaging pa-

rameters should be chosen to raise the accuracy of the method. Article IV presents a

simulation study to investigate the e�ect of several imaging parameters, i.e. inner and

outer detection angles, probe semi-convergence angle, electron dose, and image sampling,

on the composition determination method. These three publications are also brie�y ex-

plained in section 5.1.2, whereas the original publications can be found in chapter 7.

5.1.1 Composition Determination of Semiconductor Alloys Towards

Atomic Accuracy

Determination of the composition based on the direct comparison of image simulations

and experimental HAADF-STEM intensities is a well know method [18, 20, 136, 137]. In

this study, the method is extended and the theoretical capabilities of the method towards

single-atom precision are investigated. The method is then applied for the composition

determination of ternary III-V and binary group IV semiconductor alloys. The method

is based on �nding the dependence of the number of substitute atoms on the HAADF-

STEM intensity at each atomic column of the crystal. Simulations are conducted for

three material systems: Ga1−xInxAs, GaP1−xAsx, and Si1−xGex. In all the supercells,

the composition of the substitute atom x varies from 0% to 100% in steps of 5%. Each

supercell with the size of 5×5×32 unit cells (X×Y ×Z) is simulated in [010]-direction.

The SADs are taken into account based on the method explained in section 4.5.1. The raw

simulations are treated to included necessary experimental parameters, such as sample

thickness and detector angle. The Voronoi intensity is determined for every atomic

column [20], while the position of each atomic column and the number of the substitute

atoms are extracted from the simulated supercell. The data are evaluated from each

atomic column for all the supercells. Fig. 5.1 illustrates the dependency between the

substitute atoms and the determined Voronoi intensity for all three material systems.

Every blue data point shows the intensity of a given atomic column with a certain number

of substitute atoms in. The deviation of the Voronoi intensity for a given number of atoms

is explained by two e�ects. First, the substitute atoms are statistically distributed in the

supercell, which causes di�erent z-height con�gurations of the impurity atoms. Second,

by increasing the thickness, the scattered intensity from an atomic column can appear
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in the neighboring columns, which is also called cross talk [2, 138]. For composition

determination of normalized experimental data (see section 4.5.1), the Voronoi intensity

of the experimental atomic column is compared to the mean Voronoi intensity represented

as red points. Here, the intensity-composition relationship for simulations with the same

thickness as the experimental measurement is used.

Figure 5.1: The intensity-composition relationships for (a)Ga1−xInxAs, (b)GaP1−xAsx,
and (c) Si1−xGex. Each blue dot shows an intensity - number of atoms
value pair derived from an atomic column in one of the supercells. The
mean intensity for each atom count is shown as a red dot with its standard
deviation. The total thickness of all the supercells is 32 atoms. Reprinted
from [139].

The precision of the composition determination is given by the overlap of the intensity

distributions in Fig. 5.1. The uncertainty arises when the intensity deviation of one

composition extends to the mean intensity of another composition. This overlap and

consequently the accuracy can vary for di�erent material systems. As HAADF-STEM

micrographs are inherently Z-contrast, this uncertainty is reduced for material systems

where there is a large di�erence between the atomic number of the host atom and the

substitute atom.

To investigate the capabilities and limitations of the method, a simulation study is

performed using a Ga1−xInxAs supercell. The method is applied and the number of

determined substitute atoms is compared with the extracted data from the simulated

supercell. This comparison gives the percentage of the columns which are correctly

determined and the ones which deviate by a certain number of substitute atoms. The

same investigation is carried out for di�erent specimen thicknesses, which are illustrated

for correctly determined atomic columns (black dots) as well as the ones which di�er by

a certain amount of substitute atoms (colored triangles) (Fig. 5.2a). Here, the thickness

is assumed to be correct. The percentage of the correctly determined atomic columns
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5.1 Composition Determination by HAADF-STEM

(black dots) decreases by thickness. This can be explained by the reason given before

for the deviation of Voronoi intensity in intensity composition relationship plots (Fig.

5.1). The percentage of columns with some atoms deviated increases up to a certain

sample thickness of 50 atoms and drops down afterward. The uncertainties however

are symmetric for the deviations in the positive (upwards facing triangles) and negative

direction (downwards facing triangles) which means the overall precision is good. In

Fig. 5.2b, the e�ect of incorrect thickness determination on the deviation from the real

composition is investigated. The overall composition is in nearly perfect agreement even

at higher thicknesses if the correct thickness is assumed (black dots). However, the

deviation to the overall composition increases drastically by the poor estimation of the

thickness (colored dots). The deviations for ±1 atom and ±2 atoms incorrectly estimated

thicknesses both decrease by increasing the thickness and show symmetry around 0%.

This represents the critical role of thickness on composition determination using this

method.

a b

Figure 5.2: A simulation study using a Ga1−xInxAs supercell as input showing the ca-
pabilities of the method towards the single-atom accuracy. (a) Percentage of
correctly determined atomic columns (black dots) as well as the ones which
di�er by a certain amount of substitute atoms (colored triangles) versus thick-
ness. (b) Deviation of overall composition error versus thickness and the e�ect
of wrongly assumed sample thickness. Reprinted from [139].

After investigating the capabilities of this method, the applicability of the method is

demonstrated by composition determination of three samples containing: a Ga1−xInxAs

QW embedded in GaAs barriers, a GaP1−xAsx QW embedded in GaP barriers, and

a Si1−xGex parabolic QW. The raw experimental data are all taken under HAADF
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condition and the corresponding Voronoi intensity maps are created. To match the ex-

perimental and simulated data as close as possible, the e�ect of electron source size is

accounted for by convolving the simulated data with a Lorentzian (see section 4.5.1).

To determine the Lorentzian width from the experiments, an area of the barrier with

a known material is chosen. The average experimental and the simulated unit cells are

calculated. Here, the thickness is given by comparing the mean intensity of the experi-

ment with the simulations of di�erent thicknesses. Lorentzian convolutions of simulation

with the corresponding thickness and di�erent Lorentzian width are conducted. By min-

imizing the deviations between the average experimental and simulated unit cells, the

Lorentzian width can be determined. The value of the Lorentzian width for Ga1−xInxAs

is calculated as σ = 0.049 nm with a deviation of 1.6% between the experimental and

simulated averaged unit cells. This deviation is 1.1% and 1.4% for GaP1−xAsx and

Si1−xGex samples, respectively.

As observed from the simulation studies, accurate knowledge of the local thickness is

necessary to determine the composition at each atomic column. Considering the charac-

teristics of each sample, three di�erent methods are used to determine the local thickness.

The sample containing Ga1−xInxAs has a composition change only in the sub lattice with

group III elements, i.e. As is the only element in group V sub lattice. In this case, the

thickness of this sub lattice is determined and is used to obtain the thickness of the group

III atomic columns by averaging the thickness of four neighboring columns. It should

be noted that no cross talk is expected in this sample due to the reasonably low thick-

ness of the sample (27 atoms in the barrier region). In the GaP1−xAsx sample however,

although group III composition does not change across the sample, the same method is

not applicable because of the higher thickness and more cross scattering within the QW.

To overcome this problem, the thickness in the QW is interpolated from the intensity

of the group V sub lattice at the barrier. The thickness in the barrier however is deter-

mined locally. In the sample containing Si1−xGex QWs, the lattice structure is diamond

with both Si and Ge at each sub lattice. Thus, it is only possible to de�ne the thick-

ness by interpolation from a known area. Besides this, there is no region with exactly

known composition. The bu�er layer includes Si1−xGex with a nominal concentration

of 80%. Although the composition is not constant in the whole bu�er area, an average

concentration of 80% is assumed. A plane is �tted to the intensity of the bu�er area and

extrapolated to the whole image to de�ne the local thickness.

Knowing the local thickness at each atomic column allows us to compare the Voronoi

intensities of each atomic column with the intensity-composition relationship (see Fig.

5.1) using the corresponding local thickness. This gives the composition at each atomic
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column. To include the e�ect of experimental noise, negative concentrations as well as

concentrations higher than 100% are allowed. Fig. 5.3 depicts the concentration pro�le

of all samples by averaging the composition maps perpendicular to the growth direction.

Here, three methods are compared. The red plot illustrates the concentration pro�le de-

termined by the intensity method, whereas the blue plot shows the concentration achieved

by the strain state analysis. X-ray di�raction (XRD) results are depicted as black lines.

It should be noted that the red and blue shaded areas de�ne the standard deviation of

concentration in the plane perpendicular to the growth direction. Fig. 5.3a shows an

excellent agreement between all three methods for the Ga1−xInxAs QW. There is also

a very close match between the intensity method and the XRD results (see Fig. 5.3b).

Due to the strong e�ect of surface relaxation however, the strain state method shows a

bend inside the QW. In Fig. 5.3c, performing XRD is not straightforward due to the

geometry of the concentration pro�le. In this case, the nominal pro�le estimated by the

calibrated growth parameters is shown as black. The concentration in the barrier shows

a constant deviation between the intensity method and the nominal value. Although the

intensity method shows a higher concentration of Ge within the QW area, which is at the

level of the nominal value, the shape of the pro�le does not represent a perfect parabola.

The strain state method shows severe �uctuations around the nominal concentration.

Figure 5.3: Concentration pro�les of (a) Ga1−xInxAs, (b) GaP1−xAsx, and (c) Si1−xGex
calculated by averaging the composition perpendicular to the growth direc-
tion. Red lines show the concentration determined by the intensity method,
and blue lines the one determined by strain state analysis. The black line
in (a) and (b) shows the XRD results, while the black line in (c) illustrates
the nominal concentration estimated by the calibrated growth parameters.
Reprinted from [139].

As mentioned in chapter 3, due to the ion milling during the preparation of the TEM

samples, there exist amorphous surface layers, particularly in conventional preparation.
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This is the preparation method used in this study. The simulation cells however are

only considered crystalline. The existence of the amorphous layers cause a change in

intensity compared to an only-crystalline sample [31]. Grieb et al. have studied this e�ect

and concluded that with the same thickness, the intensity of the amorphous material is

50% less than of the crystalline one [24]. This means the thickness determined by the

crystalline simulated cells is overestimated by half the thickness of the amorphous layers.

This overestimation of thickness may cause an underestimation of composition. This

e�ect can be mitigated experimentally by using advanced methods of sample preparation.

5.1.2 Further developments of the Composition Determination by

HAADF-STEM

As explained in Article I, accurate knowledge of the local thickness of the specimen is

critical to determine the composition. Article II represents a method for the determi-

nation of both thickness and composition simultaneously in an iterative algorithm. The

method is explained using GaAs1−xBix as an example material system.

Here, the composition only changes in group V atoms. From a set of simulations

with di�erent Bi compositions, the same intensity composition relationship plot as Fig.

5.1 can be determined. In addition, to take into account the e�ect of cross scattering,

the intensity of group III atoms for di�erent average numbers of Bi atoms in the four

group V nearest neighbors (NNs) and at di�erent thicknesses is plotted. Hence, there

are additional �intensity average of NN composition relationship� plots. Using these two

kinds of plots, the iterative algorithm is as follows:

The thickness is determined at group III atoms based on the method explained in

section 5.1.1 and without considering the cross scattering, whereas the average thickness

of the four group III NN is used to evaluate the thickness of each group V atomic column.

Then, the composition of all atomic columns is determined and used to determine the

thickness of group III atomic columns. Here, the e�ect of cross scattering is included by

considering the average NN composition. In the next step, the thickness of the group

III atomic columns is used to redetermine the thickness and composition of the group V

atomic columns and it continues in an iterative algorithm.

The method is applied on an experimental HAADF-STEM image containing

a GaAs1−xBix QW depicted in Fig.5.4a. Due to the Z-contrast imaging, the position

of the QW is visually brighter than the one of the GaAs barriers. The thickness and

composition map are de�ned after 35 iterations (see Fig.5.4b and Fig.5.4c). In Fig.5.4d,

the concentration pro�le is determined by the average composition of the atomic columns

perpendicular to the growth direction. Here, the blue line shows the concentration esti-
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mated at the beginning and the red line illustrates it after 35 iterations. There is a very

good agreement between the box-like concentration achieved by XRD and the concentra-

tion obtained after 35 iterations. There is however a weak agreement between the initial

composition determination and the XRD. This shows the feasibility of the algorithm in

reducing the e�ect of cross talk.

a b

cd

Figure 5.4: (a) Experimental HAADF-STEM micrograph of a GaAs1−xBix QW. The
thickness map (b) and the composition map (c) are determined by applying
the algorithm for 35 iterations. In panel (d), the concentration pro�le is
determined by the average composition of the atomic columns perpendicular
to the growth direction after one iteration (blue line) and 35 iterations (red
line). The XRD result is also shown as a black line for comparison. Reprinted
from [140].

In Article III, a method is developed to further extend the composition determination

to quaternary III-V semiconductors with two elements in each sub lattice. Here, a single

HAADF-STEM image is su�cient for determining the composition at each atomic col-

umn. In this method, the thickness of each atomic column is assumed to be known, and

can be determined using the methods described in section 5.1.1. In the following, the

method is explained based on the GaxIn1−xAs1−yBiy material system.
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This method demands vast amounts of quaternary simulations for di�erent combina-

tions of In and Bi compositions. As also mentioned in the previous algorithm, the e�ect

of cross scattering due to the average number of NN In or Bi can be seen. This means the

Voronoi intensity of each atomic column is plotted versus the composition of the atomic

column and the average composition of the NN columns. It results in two-dimensional

plots for each thickness as illustrated in Fig. 5.5. The plots belong to the detection

angles of 70-280 mrad and a specimen thickness of 25 atoms. The iterative algorithm is

as follows:

Due to the higher Z-number Bi atoms the Voronoi intensity is a�ected more by Bi than

In. Accordingly, the group V sub lattice is chosen to start the composition determination

while assuming no In in the NN in Fig. 5.1.1. In the next step, the average four NNs is

calculated from the resulting Bi compositions and used to determine the In composition.

The NN In composition can be used to redetermine the Bi composition.

The method is applied on a sample containing a GaxIn1−xAs1−yBiy QW. The average

concentration obtained by this method yields good agreement with the XRD results.

a b

Figure 5.5: Intensity versus in-column and the average NN columns composition for group
III (a) and group V atomic columns (b). Reprinted from [141].

In Article IV, a simulation study is performed to investigate the e�ect of imaging

parameters on the precision of composition determination. The critical imaging param-

eters, i.e. detection angles of the ADF detector, electron probe semi-convergence angle,

electron dose, and sampling of the image, are chosen to be investigated. Here, we focus

on detection angle and semi-convergence angle, whereas the other two parameters can be

found in chapter 7. In the following, we choose GaAs1−xBix as an example material sys-

tem. The simulated supercells include GaAs1−xBix by varying Bi concentrations from

0-14%. Each simulation is conducted at four di�erent semi-convergence angles, which

are 9.0, 15.1, 21.3, and 28.0 mrad. In every supercell, the CBED patterns at every probe

position are simulated up to 300 mrad, which results in a four-dimensional data set.

52



5.1 Composition Determination by HAADF-STEM

Hence, the ADF-STEM images can be generated for di�erent detection angles. These

can then be used to determine the intensity composition relationships (see Fig. 5.1).

To investigate the in�uence of the detection angle, ADF-STEM images are generated

from a simulated supercell of GaAs0.94Bi0.06. Di�erent thicknesses of 10, 25, and 40

atoms per column are investigated and a semi-convergence angle of 21.3 mrad is employed.

The inner detection angles vary from 30-120 mrad in steps of 10 mrad, while the detector

range is changed from 30-270 mrad by a maximum outer detector angle of 300 mrad. The

percentage of correctly determined atomic columns is determined based on the method

explained in section 5.1.1. The percentage of correctly determined atomic columns as a

function of inner and outer detection angle is shown in Fig. 5.6. The resulting graph for

10, 25, and 40 atom thicknesses are shown at di�erent panels. The accuracy decreases

with increasing thicknesses. There are detector angles in which the accuracy of the

composition determination improves. Here, the e�ect of the inner detection angle is

more signi�cant.

Max

Min

(a) (b) (c)

Figure 5.6: The percentage of correctly determined atomic columns as a function of inner
and outer detection angle for the studies with 10 (a), 25 (b), and 40 (c) atoms
thickness. Reprinted from [142].

To study the e�ect of semi-convergence angle on the accuracy of the composition

determination, ADF-STEM images are created from aGaAs0.94Bi0.06 simulated supercell

at di�erent semi-convergence angles and for three di�erent thicknesses of 10, 25, and 40

atoms per atomic column. The accuracy again decreases with increasing thickness. The

accuracy increases with increasing semi-convergence angle of the simulation cell with 10

atom thickness, whereas two other thicknesses show a peak at 21.3 mrad semi-convergence

angle.

To investigate the applicability of this method, the optimized parameters are used to

determine the composition of a sample containing a GaAs1−xBix QW. Here, choosing

the right semi-convergence angle, electron dose, and sampling is straightforward, whereas

a �exible choice of both inner and outer detection angles are only achievable with the
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help of a fast, pixelated detector. The concentration pro�le obtained by the optimized

parameters shows good agreement with the XRD results.

5.2 In�uence of Plasmon Excitations on Quantitative

Scanning Transmission Electron Microscopy

In Article V, the e�ect of plasmon excitation on the angular distribution of the STEM

intensities is quanti�ed. All of the methods of composition determination described in

section 5.1 were at high scattering angles with an assumption of elastic scattering. Thus,

there was an excellent match between the image simulations considering only elastic

scattering and the experimental results. However, there are STEM methods in which

low scattering angles are involved such as bright �eld, annular bright �eld, and LAADF.

In the following, some of the experimental, as well as simulated data, are explained.

Single-crystalline Si is intentionally chosen for the method development. The thickness

of the specimen at the measurement area is 42 nm determined by PACBED and quanti-

tative STEM. Experiments are conducted by a probe aberration-corrected STEM, which

involves using an in-column Omega energy �lter above a fast pixelated detector allowing

the acquisition of four-dimensional data sets at di�erent energy windows at an atomic

resolution. The zero-loss signal is taken by positioning the energy �lter slit between -5

eV and 5 eV, whereas an energy window of 5-27 eV is used to generate the plasmon-loss

signal. Fig. 5.7a depicts the synthetic experimental PACBED patterns without energy

�ltering (un�ltered), zero-loss �ltered, and plasmon-loss �ltered at three quadrants. To

indicate the e�ect of plasmon scattering, the ratio of plasmon-loss to zero-loss di�raction

patterns is represented in the last quadrant. The plasmon-loss PACBED looks more

blurred compared to the zero-loss pattern. The features at the ratio image, which are

shown in the fourth quadrant of Fig. 5.7.a, indicate the intensity redistribution from

direct beam to the outer angles due to the plasmon excitations. To specify the angu-

lar regions of this intensity redistribution, the corresponding radial average of the ratio

image is represented in 5.7.c as a blue line. It shows plasmon excitations play a more

signi�cant role below the scattering angle of around 40 mrad. This con�rms the excellent

agreement of the HAADF-STEM data and the elastic image simulations.

An adopted frozen-phonon multislice simulation including plasmon excitations is pre-

sented in this study. The PACBED patterns from a Si sample with the same thickness

as the experiments are simulated with and without considering the plasmon excitations.

In analogy to the experimental PACBEDs, the resulting simulated PACBED patterns

of un�ltered, zero-loss �ltered, and plasmon-loss �ltered are depicted at three quadrants
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of Fig. 5.7.b. There is a qualitative agreement between the features in the simulated

and experimental PACBEDs. The plasmon-loss signal is more blurred than the zero-loss.

The ratio of plasmon-loss to zero-loss illustrated in the fourth quadrant shows features,

i.e. intensity redistribution, similar to the experiment. For a quantitative comparison,

the radial average of the simulated and experimental ratio images is illustrated in 5.7.c.

The resulting plots show similarities between the simulations and the experiments such

as the position of the existing peak. However, the plots do not quantitatively agree.

It can be concluded that to be able to do composition determination at low scattering

angles, it is necessary to consider plasmon excitation. It can either be taken care of

experimentally by energy �ltering or by including energy loss due to plasmon scattering

in the simulations.
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Figure 5.7: The synthetic experimental PACBED patterns (a) and the corresponding
simulation for a thickness of 42 nm (b) for di�erent energy windows. (b) The
radial average of the ratio image for experimental and simulated data. Based
on [143].

5.3 Composition Determination by LAADF-STEM: a

Combination of EFSTEM and 4DSTEM

HAADF-STEM is a valuable tool for the structural characterization of nanomaterials.

As mentioned in previous sections, a direct comparison of the image simulations only

taking into account the elastic scattering and Z-contrast HAADF micrographs allows for

composition determination. This method however is not applicable on material systems

containing light elements, e.g. GaNxAs1−x. Light elements do not scatter e�ciently

at the angular regimes applied in the HAADF. Accordingly, a lower detection angle is

favorable. Additionally, in for example GaNxAs1−x, the strain contrast caused by SADs
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increases the scattering intensity at low angles [19, 32, 33, 34]. Nevertheless, there are

sources of discrepancy between the image simulations and experiments at low scattering

angles such as low-loss inelastic scattering (see section 5.2) [26, 27, 143], neglecting the

phonon correlations in image simulations [28], the impact of mistilt from the targeted

zone-axis on high-resolution ADF micrographs [26, 29], and the existence of surface

amorphous layers on ADF images [30, 31]. In Article VI, by resolving these sources

of discrepancy, a method is established for the composition determination of material

systems containing light elements at low angles. Here, a sample containing GaNxAs1−x

QWs embedded in GaAs barriers is chosen as an example material system.

In the beginning, we conducted a simulation study to de�ne the angular range for which

the intensity of ADF-STEM micrographs is more a�ected by the substitution of As than

by N . Fig. 5.8.a illustrates the angular distribution of the scattered intensity for GaAs

(black) andGaN0.05As0.95. To emphasize the e�ect of SADs, the individual simulations of

GaN0.05As0.95 with (blue) and without (red) taking into account the SADs are performed.

It can be concluded that the intensity of the relaxed cell compared toGaAs is signi�cantly

redistributed due to SADs, whereas the unrelaxed cell shows a negligible di�erence to the

GaAs simulation. Additionally, the N sensitivity is signi�cantly higher in the angular

range between the semi-convergence angle and a certain value. The precise knowledge

of this angular range is critical for the following composition determinations. Hence, the

intensity of GaN0.05As0.95 normalized to GaAs is determined in Fig. 5.8b showing the

optimum outer detection angle as 100 mrad.
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Figure 5.8: (a) Angular dependency of scattered intensity for GaAs (black)
GaN0.05As0.95 with (blue) and without (red) taking into account the e�ect
of SADs obtained from a stimulation study. (b) The scattered intensity of
GaN0.05As0.95 normalized to GaAs. Reprinted from [144].

In the second step, we take care of the mentioned sources of discrepancy between the
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experimental images and image simulations at these low scattering angles as follows:

We reduced the e�ect of the surface amorphous layer by performing �ne Ar ion pol-

ishing using a Nanomill with milling energies from 900 eV to 500 eV (see chapter 3). A

precise orientation of the crystal to the zone-axis is possible by centering the PACBED

pattern. The e�ect of plasmon excitations can be accounted for by either including it in

the image simulations (see section 5.2) or avoiding it experimentally by energy-�ltering.

As also explained in detail in Article V, incorporating the plasmon excitations into the

image simulations is extremely computationally demanding. Hence, we avoided the e�ect

of low-loss excitations by �ltering the ZLP using an in-column energy �lter. Additionally,

there are other angle-dependent sources of discrepancy between the simulations and the

experiments, particularly the e�ect of correlated phonons. Here, with the help of our

fast, pixelated detector, a free choice of detection angle is possible. Thus, we minimize

the e�ect of angle-dependent sources of discrepancy by �nding the optimum angular

range. Here, Si as a simple model material is applied to determine the optimum angular

range. The angle-resolved plots of the experiments and simulations of Si with the same

thickness are compared showing the discrepancy in the angular range below 45 mrad. By

combining these results and the simulation study shown in Fig. 5.8 a su�ciently large

angular window between 45 and 100 mrad can be used for composition determination

of the sample containing GaNxAs1−x QWs. Nevertheless, the aberrations of the energy

�lter in hand, which causes a shadow of the energy slit in the di�raction pattern, reduce

the maximum scattering angle to around 70 mrad. Consequently, an angular range of

45-70 mrad is used in the following.

The method above is conducted on a sample containing GaNxAs1−x QWs embedded

in GaAs barriers. An energy-�ltered ADF image is generated at the optimum detection

angle. Fig. 5.9. shows the steps of composition determination based on the method

explained in section 5.1.1. The Voronoi intensity at group V atomic columns in panel (a)

indicates a distinct contrast between QW and barrier. The corresponding thickness map,

as well as the composition map are found in panels (b) and (c), respectively. Panel (d)

depicts the concentration pro�le (red) and its standard deviation (shaded red) determined

at every lattice plane perpendicular to the growth direction. For comparison purposes,

the same evaluations conducted by the un�ltered data set taken at the same position of

the specimen are illustrated as blue. Additionally, the box-like concentration pro�le from

XRD is illustrated as a black line. Here, an excellent agreement is achieved between the

concentration pro�le of XRD and EFSTEM data. However, the EFSTEM concentration

map is at an atomic resolution, which reveals more features for example a higher N

content in the middle of the QW. In addition, comparing the un�ltered and energy-
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�ltered concentration pro�les indicates the necessity of energy �ltering.
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Figure 5.9: Composition determination of energy-�ltered the ADF image using optimum
detection angles. It illustrates the Voronoi intensity at group V atomic
columns (b) and the corresponding thickness map (b) and the composition
map (c). (d) The concentration pro�le of EFSTEM (red) and un�ltered (blue)
data are determined at every lattice plane perpendicular to the growth direc-
tion. The XRD result is also shown as a black line for comparison. Reprinted
from [144].
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6 Summary

In this study, the structural characterization of nanomaterials is performed by an exten-

sion of the established method which is used for quantitative STEM based on comparing

the ADF-STEM image simulations and experiments. The limitations and capabilities of

the method towards single atom accuracy are investigated. The method is further elab-

orated by determining more complex material systems as well as optimizing the imaging

conditions to increase the accuracy.

Accessing the composition determination method with high resolution in a single atom

accuracy and potential of estimating the accuracy of the method emerges the idea to op-

timize the experimental condition by conducting a simulation study. A performed simu-

lation study on several critical imaging parameters leads to optimization of the imaging

condition and enhances the accuracy of the method. The result reveals the critical role

of two ADF-STEM imaging parameters: the semi-convergence angle of the impinging

beam as well as the detection angle of ADF detectors. The former can be simply tuned

experimentally by the choice of STEM condenser aperture, while the latter demands a

fast, pixelated detector allowing the �exible choice of detection angle. The study however

indicated that the optimum imaging condition di�ers by sample thickness and material

systems. This becomes more apparent in the case of material systems containing light

elements, e.g. GaNxAs1−x. Due to their low amount of protons, the light elements

do not e�ciently scatter to the commonly used detection angles in Z-contrast HAADF-

STEM micrographs. Accordingly, lower detection angles should be chosen. In contrast

to the HAADF in which the image intensity is dominated by only elastically scattered

electrons leading to a perfect match between ADF-STEM image simulations and exper-

imental results so many other parameters play a role in the intensity of the micrograph

at a low angular regime. In this study, as the main source of discrepancy between STEM

experiments and simulations at low scattering angles, the e�ect of plasmon excitations

on the angular distribution of the STEM intensities is investigated. The comparison

of energy-�ltered and un�ltered di�raction patterns indicates the signi�cant e�ect of

inelastic scattering at angles in the range of 0-40 mrad.

Considering the e�ect of plasmon excitation at low scattering angles, a further method
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6 Summary

is developed for the composition determination of material systems containing light el-

ements at a low scattering angle based on EFSTEM. It is con�rmed that the strain

contrast induced by SADs causes higher scattering intensity at low scattering angles.

Consequently, a material system containing SADs, i.e. GaNxAs1−x, is intentionally cho-

sen to make the composition determination more reliable. There are also other sources

of discrepancy between simulated and experimental STEM images such as neglecting the

phonon correlations in image simulations, the e�ect of mistilt from the targeted crys-

talline zone-axis, and the existence of surface amorphous layers on ADF images. These

errors are resolved either experimentally or by optimizing the detection angle with the

help of a fast, pixelated detector. Here, Si as a model material is used to obtain the

angular range with the perfect match between experiment and simulation. The method

was applied on a sample containing GaNxAs1−x QWs embedded in GaAs barriers. The

composition and the width of the QWs obtained by the new method are in very good

agreement with XRD results.

The new advanced four-dimensional detector in hand enables recording a full di�raction

pattern for every electron probe position. So far the camera is utilized as an annular

detector with the �exibility of choosing the optimum detection angle. However, it can

be further expanded in optimizing the composition determination by the �exible choice

of regions on di�raction pattern for which the intensity suits the best for quantitative

STEM. As Pennycook [3] suggests, the incoherent nature of HAADF-STEM results in

simply interpretable micrographs with independent information at every atomic column

of the crystalline materials. However, this interpretability is lost in the conventional high-

resolution TEM micrographs due to the dynamical scattering and the coherent nature

of the image formation[2]. Hence, avoiding any coherent information in the di�raction

pattern such as Laue zones may lead to more localized information in real space and

consequently a higher accuracy in composition determination.

The combination of an in-column energy �lter a fast pixelated detector is utilized

to quantify the composition of di�erent material systems at high accuracy. The four-

dimensional detectors however, are capable of detecting the shift of the di�raction pat-

tern's center-of-mass (COM) which is correlated to the local electric �eld within the

crystal such as atomic potentials. The e�ect of quasi-elastic TDS on electric �eld de-

termination is investigated in a simulation study showing a signi�cant e�ect on electric

�eld measurements [56]. Future researches can be focused on utilizing the combination of

EFSTEM and 4D-STEM to investigate the e�ect of another source of inelastic scattering,

i.e. plasmon excitation, on COM shift.
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7 Scienti�c Contributions

7.1 Composition Determination of Semiconductor Alloys

Towards Atomic Accuracy by HAADF-STEM

L. Duschek, P. Kükelhan, A. Beyer, S. Firoozabadi, J. O. Oelerich, C. Fuchs, W. Stolz,

A. Ballabio, G. Isella, K. Volz.

Ultramicroscopy 200 (2019), pp. 84-96.

doi: 10.1016/j.ultramic.2019.02.009

Abstract This paper presents a comprehensive investigation of an extended method to

determine composition of semiconductors by scanning transmission electron microscopy

(STEM) high angle annular dark �eld (HAADF) images and using complementary multi-

slice simulations. The main point is to understand the theoretical capabilities of the

algorithm and address the intrinsic limitations of using STEM HAADF intensities for

composition determination. A special focus is the potential of the method regarding

single-atom accuracy. All important experimental parameters are included into the multi-

slice simulations to ensure the best possible �t between simulation and experiment. To

demonstrate the capabilities of the extended method, results for three di�erent technical

important semiconductor samples are presented. Overall the method shows a high lateral

resolution combined with a high accuracy towards single-atom accuracy.

Contributions of the Author For this work, I prepared two out of three samples under

investigation, i.e. SiGe and (GaIn)As. I also performed the STEM measurements of

SiGe and evaluated the experimental data. The method was develope by the other coau-

thors for ternary III-V semiconductors. I further developed the method to incorporate

binary group IV semiconductors.
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A B S T R A C T

This paper presents a comprehensive investigation of an extended method to determine composition of materials
by scanning transmission electron microscopy (STEM) high angle annular darkfield (HAADF) images and using
complementary multislice simulations. The main point is to understand the theoretical capabilities of the al-
gorithm and address the intrinsic limitations of using STEM HAADF intensities for composition determination. A
special focus is the potential of the method regarding single-atom accuracy. All-important experimental para-
meters are included into the multislice simulations to ensure the best possible fit between simulation and ex-
periment. To demonstrate the capabilities of the extended method, results for three different technical important
semiconductor samples are presented. Overall the method shows a high lateral resolution combined with a high
accuracy towards single-atom accuracy.

1. Introduction

In the last two decades, scanning transmission electron microscopy
(STEM) developed into a very important characterization tool for
atomic analysis of crystalline specimens [1,2]. Using high angle annular
dark field (HAADF) detectors, this technique can provide directly in-
terpretable atomic resolution images where the measured intensity is
highly sensitive to the type and the number of atoms [3–5]. Since the
electron-matter interaction as well as the image formation process have
been understood in detail, it is nowadays possible to reproduce ex-
perimental images via numeric simulations [6]. Through the combi-
nation of experimental aberration corrected STEM HAADF images and
complementary multislice simulations it is possible to extract important
information about the sample such as the thickness, chemical compo-
sition or strain fields [7–10]. Since semiconductor devices such as lasers
or transistors become constantly smaller, there is an increasing need for
the local arrangements of atoms on an atomic scale. To gain such
quantitative insights from crystalline structures, a lot of work has been
performed to make electron microscopy a quantitative method [6].
Combining all knowledge of the past years of research, several methods
have been proposed to gain quantitative information from crystalline
samples [11–13]. Van Aert and coworkers have published significant
work in the field of statistical model-based quantitative

characterization of a La0.7Sr0.3MnO3-SrTiO3 interface [14–17]. Also
Grieb et al. demonstrated quantitative composition determination for
the samples of Ga(N,As) [18,19] and (Ga,In)(N,As) [10,20,21], using
the averaged intensities from STEM multislice simulations and com-
paring them to experimental images.

This work focuses on the composition determination of ternary III/V
and binary group IV semiconductor alloys with atomic precision. The
technique to compare experimental intensities with simulated in-
tensities known from literature [10,18,21,22] is extended in this work.
All influencing experimental parameters are included and a detailed
analysis of the used simulated supercells opens up the possibility to
push the precision to single-atom accuracy. This is shown using a de-
tailed simulation study. The evaluation scheme is applied to experi-
mental images of technologically relevant semiconductor samples. The
experimental samples are the following: (Ga1−xInx)As quantum wells
(QW) are investigated, potentially being part of a ‘W’-type or a multi
QW heterostructure used in an infrared laser device [23]. Furthermore
a Ga(P1−xAsx) QW structure is analyzed that might be used as a barrier
in several different laser designs. Additionally a Si1−xGex QW hetero-
structure is investigated, where the Ge fraction x is varied in the at-
tempt of obtaining a parabolic confining potential [24]. Especially in
devices as lasers, transistors, solar cells and photodetectors a detailed
knowledge of the element´s local distribution is a key factor in the
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optimization process. This work shows, how to determine the exact
composition of atomic columns in a ternary/binary alloy with the de-
tailed analysis of STEM HAADF multislice simulations, using the
STEMsalabim package [25].

Following this introduction, the samples used as well as the ex-
perimental equipment used is explained in detail in Section 2. Fur-
thermore, the complementary simulations used to evaluate the data will
be outlined. In Section 3, the method itself is described and explained in
detail followed by plots of the resulting intensity composition re-
lationships. A detailed analysis of the limitations with regards to single
atom accuracy is the focus of the next paragraph.

Section 4 starts with the description of the raw experimental data.
The determination of the local thicknesses is described afterwards, as it
is different for every sample used and has an important role in the
quantitative analysis. The results are presented in color coded 2D
composition maps of the investigated samples that have a lateral re-
solution of one atomic column. Furthermore line scans in growth di-
rection are presented and compared to well established methods for
composition determination such as high resolution X-ray diffraction
(HRXRD) and lattice constant analysis. For the latter technique, the
lattice constant is derived from the experimental images and combined
with Vegard's law and tetragonal distortion due to pseudomorphic
growth to determine the composition.

At the end, a discussion points out the potential of single-atom ac-
curacy of the method and the role of experimental influences is as-
sessed.

2. Methods and experiment

The investigated samples include a (Ga1−xInx)As quantum well
(QW) structure between GaAs barriers, which will be referred to as
sample I, as well as a Ga(PxAs1−x) quantum well structure between GaP
barriers, which will be referred to as sample II. Both of these samples
were grown for TEM investigations via metalorganic vapor phase epi-
taxy (MOVPE) using an AIXTRON AIX 200 GFR reactor (Gas Foil
Rotation) (Aixtron SE, Herzogenrath, Germany). Sample I was grown
on an exactly oriented, semi-insulating GaAs (001) substrate at a
growth temperature of 550 °C [23]. The (Ga,In)As QW structure is
6.1 nm wide with an In concentration of 20%, derived from HRXRD.

Sample II was grown on an exactly oriented, semi-insulating GaP
(001) substrate at a growth temperature of 550 °C. The Ga(P,As) QW
layer has a width of 11.7 nm and the As content is about 65.5% which
was determined by HRXRD [26].

Sample III is a strained SiGe multi-quantum well heterostructure,
which was grown via low-energy plasma-enhanced chemical vapor
deposition (LEPECVD) on a Si (001) substrate [27]. The buffer layer on
which the QW structures are grown, consists of a 2 µm thick Si0.2Ge0.8

layer on top of a 11 µm linearly graded buffer [28]. 15 QW layers with a
width of 30 nm are grown with a Ge concentration graded between 65%
and 100% in a parabolic manner. In this work, only the first QW of the
sample is investigated.

All samples were conventionally prepared for cross-sectional TEM
investigations in [010] direction. Mechanical grinding and polishing
was carried out for all samples utilizing an Allied MULTIPREP system
(Allied High Tech Products, Inc., Rancho Dominguez, CA, United
States). The final thinning and polishing was done by Ar-ion milling
with a precision ion polishing system (model 691 Gatan, Inc.,
Pleasanton, CA, United States) until electron transparency was
achieved. The acceleration voltage of the Ar-ions was progressively
reduced from 5 kV to 1.2 kV to limit the amorphous surface layers and
damage of the thin specimen. The inclination angle of the ion beam
used was 6° resulting in a wedge shape of the TEM samples, which can
be seen as a thickness gradient in the STEM images. All samples were
treated in a plasma cleaner (model 1020 E. A. Fischione Instruments,
Inc., Export, PA, United States) before inserting them into the micro-
scope.

All HAADF measurements shown here were carried out in a double
Cs-corrected JEOL JEM 2200FS (JEOL Ltd., Tokyo, Japan) operating at
200 kV acceleration voltage. The annular dark-field detector used
(JEOL EM-24590YPDFI) detected electrons scattered to an annular
range that was determined for each image using the method proposed
by LeBeau and Stemmer [29] namely measuring the physical shadow of
the detector on a CCD camera to determine the inner detector angle. For
sample I the detector ranges were 63–252 mrad, for sample II
74–174 mrad and for sample III 68–272 mrad. A condenser aperture
with a size of 40 µm diameter was used, which led to a semi-con-
vergence angle of 21 mrad of the probe. To improve the signal-to-noise-
ratio and to reduce the effect of sample drift on the image, each STEM
image is the average of multiple images with a short dwell time (3 µs).
The images have been aligned with the Smart Align software [30].
Furthermore the image intensity was normalized to the intensity of the
impinging beam applying the approach described in [31]. The peak
positions of the atomic columns were found by the 2D peak finding
program PeakPairs [12].

2.1. Complementary STEM HAADF simulations

To gain quantitative information from the STEM HAADF images,
complementary contrast simulations are necessary. All steps described
in the next paragraph are equivalent for the samples introduced above.
Structure models were created with dimensions of 5 × 5 unit cells in X-
and Y- direction and with 80 unit cells in Z-direction (electron beam
direction). The ternary/binary alloys were generated by randomly re-
placing atoms in the base matrix (e.g. GaAs for sample I) with the
substitute atom (e.g. In for sample I). The lattice constant for the cor-
responding resulting compound material was calculated by Vegards law
[32,33]. The composition of the cells was chosen between 0% and
100% in steps of 5% for all three samples. The atom positions for
sample I & II were relaxed via a force field, using a Keating potential as
described by Rubel et al. [34,35]. This has been done to acknowledge
the static atomic displacements (SADs), caused by the different atom
sizes and electronegativity [36]. It has already been shown in literature
that SADs have a significant influence on the HAADF intensities in
STEM [8]. Sample III has not been relaxed in the same way because the
differences in covalent radii and electronegativities between Si and Ge
are minor compared to the other two systems investigated.

Then these cells were used as input for the simulation software,
called STEMsalabim [25], that was used for this investigation. This
software package is designed for highly parallelized simulations on
high-performance computer clusters and implements the multislice al-
gorithm presented by Kirkland in [37,38]. A more detailed description
on the technical implementation and scaling of the code can be found in
[25]. Thermal diffuse scattering (TDS) was taken into account using the
frozen lattice approach [39], where the atomic positions get displaced
statistically (Gaussian distribution) from their resting positions. To in-
clude chromatic aberration, a defocus series of 7 defocus values was
calculated for every individual simulation cell as described in [40–43].
For each defocus value, 10 phonon configurations were simulated, re-
sulting in 70 individual phonon configurations for one simulation cell.
In addition, the detector sensitivity was determined and applied to all
simulations as proposed by LeBeau et al. in [44]. The finite source size
as well as beam broadening by amorphous layers were included by
convoluting a two dimensional Lorentzian distribution to the simula-
tion of the form:

S
x y( )

,L 2 2 2 3/2=
+ +

where x and y are the spatial coordinates and σ describes the width of
the distribution. This step is crucial to match simulation intensities as
closely as possible to the experimental images as described in [40]. A
detailed explanation on the choice of the width parameter sigma of the
Lorentzian function will be given in a later chapter. All simulation
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parameters were carefully chosen to fit the experimental setup and are
summarized in Table 1.

3. Results

This chapter presents the steps necessary to determine the compo-
sition of the investigated samples using HAADF-STEM images and
complementary multislice simulations. First, the method itself is ex-
plained and it will be shown how the intensity composition relationships
are extracted from the multislice simulations. The capabilities of the
extended method are highlighted afterwards and the intrinsic limita-
tions towards single-atom accuracy are pointed out. Thereafter, the raw
experimental STEM images are introduced which are used to demon-
strate the composition determination method. Several parameters have
to be taken into account to match the simulated STEM intensity to the
experimental intensities. The various important parameters are ad-
dressed in the upcoming section. Since the thickness determination
plays a crucial role to gain accurate results, three different methods to
consider thickness locally are explained and demonstrated using the
experimental images. Three technologically important semiconductor
samples are used to present the method. The color coded 2D compo-
sition with a lateral resolution of one atomic column are explained in
detail. Line scans are compared to established methods such as HRXRD
and lattice constant analysis.

3.1. Intensity composition relationship

The foundation of the method described is to find the dependency
between the STEM HAADF intensity and the number of included sub-
stitute atoms. Since the method should be as accurate as possible, the
analysis is carried out for every atomic column. The first step for ana-
lyzing the simulated concentration set is to retrieve STEM HAADF
images from the raw simulation data. The experimental parameters
needed for this, i.e. sample thickness, detector angles or the sigma
parameter of the Lorentzian distribution, can be determined with the
method explained in an upcoming chapter. For every STEM image
created from the simulated concentration set, the atomic column po-
sitions are extracted from the simulation cell and divided into group III
and group V (or group IV respectively). The Voronoi intensity [13,45] is
determined and correlated to the number of substitute atoms in the
column. Since simulated results are processed, the count of substitute
atoms in every atomic column is given by design. The value pair of
Voronoi intensity and number of substitute atom is determined for
every column in every simulation of the concentration set. With this, a
dependency between number of substitute atoms and Voronoi intensity
is build up gradually. Fig. 1a–c shows the dependencies for a fixed
thickness of 32 atoms in total and experimentally used detector angles,
as stated in previous chapter, for all three samples used in this work. It
is important to derive the intensity composition relationships for every
column thickness present in the experimental image to be able compare
it to every column individually. Every blue dot visible in Fig. 1a–c re-
presents an intensity – number of atoms value pair derived from a si-
mulation of the concentration set. It is noticeable in the plots that there
is a deviation in intensity for one fixed number of substitute atoms. For
example: for 10 In atoms embedded in GaAs with 32 atoms thickness,

the Voronoi intensity ranges from 0.055 to 0.057. This effect is caused
by the different heights of the substitute atoms in the crystal in re-
ference to the defocus of the electron beam [46,47]. As already men-
tioned above, the distribution of the substitute atoms’ coordinates is
random and thus also the height. Crosstalk between atomic columns
can affect the intensity on a specific column as well [48,49]. These two
effects are the main reasons why there is a deviation in the Voronoi
intensity for a specific amount of substitute atoms. These inherent
statistical fluctuations influence the corresponding STEM HAADF
images and therefore introduce a fundamental limitation of the
achievable accuracy of the composition determination. In addition to
this theoretical limit, in experimental STEM HAADF measurements
where additional noise is present, the achievable accuracy may be re-
duced. Further on, the Voronoi intensity as well as the standard de-
viation is calculated for each number of substitute atom. The red
markers in Fig. 1a–c depicts the mean Voronoi intensity for a fixed
number of substitute atom. The “errorbars” mark the maximum overlap
of the standard deviations for different numbers of substitute atoms. In
other words, if the upper maximum of the standard deviation of one
specific number overlaps with the minimum of the next higher number,
the uncertainty is one atom. This also represents the highest precision
possible for each atom number of a specific material. All three sample
materials, used in this work, show a maximum precision error of ± 2
atoms at a total thickness of 32 atoms. The deviation in the Voronoi
intensity is influenced by the elements, which build up the material, as
well as the total thickness and the detector range of interest.

The dependencies that follow from the analysis, described above
will be called intensity composition relationship in the following. Each
intensity composition relationship depicted in Fig. 1a–c shows an in-
creasing, nearly linear behavior of the Voronoi intensity with increasing
number of substitute atoms. This is because a lighter element is sub-
stituted with a heavier one and thus increasing the mean atomic
number Z of the column. The slope of the plot depends on the atomic
number of the substitute atom as well as the difference to the replaced
atom, since heavier elements have a higher influence on the STEM
HAADF intensity. To visualize this effect more clearly, a second x-axis
has been plotted in Fig. 1a–c. There, the plotted intensities were nor-
malized to the surrounding base material, i.e. GaAs for sample I, GaP
for sample II and Si for sample III. The limits of the axis reflect the slope
of the plot. This means that the intensity difference between pure GaAs
and InAs (Fig. 1a) or pure GaP and GaAs (Fig. 1b) is smaller than the
difference between pure Si and pure Ge (Fig. 1c). Comparing sample I
and II, it is noticeable that the points of pure GaAs do not match in
Voronoi intensity. This is due to the different inner detector angles
(63 mrad for sample I and 74 mrad for sample II), which affects the
intensity strongly. The inner detector angles of sample I and III were
63 mrad and 68 mrad and thus are more comparable. The second axis in
Fig. 1c ranges from 1 to 4, whereas the limits of the second axis in
Fig. 1a only range from 1 to 1.4. The drastic difference in this limits
originates, amongst others, from the different sample structure (dia-
mond, zincblende) of the samples. Since the substitute atoms in the
diamond SiGe sample occupy both fcc sub lattices, the fractional
compositions of Ge actually reflect twice the absolute number of sub-
stitute atoms compared to the zincblende case.

3.2. Capabilities and limitations the method

In the following paragraph, the capabilities and limitations of the
presented method are investigated. The subject is the overall accuracy
with a special focus on accuracy towards single-atom detection. For
this, simulated STEM images with known composition and thickness are
used as input. The resulting number of substitute atoms that are de-
termined by the algorithm proposed are verified by the supercell used
as input. This is used to derive a percentage of exactly determined
atomic columns. Furthermore, the number of columns that differ by a
certain number of substitute atoms are extracted and are examined. The

Table 1
Experimental parameters of the used electron micro-
scope. All the parameters were used for the com-
plementary multislice simulations.

Electron beam energy 200 kV
Aperture angle 21 mrad
Cs 2 µm
C5 5 mm
CC 1.5 mm
ΔE 0.42 eV
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benchmark will be exemplarily done with GaInAs with 20% indium
content incorporated. To improve statistics, 10 simulations are used as
input with random atom configurations. This ensures, that the bench-
mark covers a decent amount of indium atoms distributed in e-beam
direction. The individual simulations are 5 × 5 unit cells in lateral di-
mensions which leads to 81 group III atomic columns, edge columns
excluded. Overall, the 10 simulations then add up to 810 examined
atomic columns. The analysis was also carried out for varying sample
thickness. Fig. 2a depicts the results from the benchmark. The y-axis
shows the percentage of atomic columns that are either determined
correctly or differ by one or up to five substitute atoms. The percentage
of atomic columns is plotted against the sample thickness t presented in
number of atoms in e-beam direction. The black dots depict the number
of correctly determined atomic columns, meaning that the exact
amount of substitute atoms resulted from the algorithm. The differently
colored triangles show the fraction of atomic columns, where the result

is off by one or up to five atoms, according to the legend. The upwards
facing triangles represent deviation in the positive direction whereas
the downwards facing triangles show negative deviation.

The plot, seen in Fig. 2a starts at 1 atom thickness and 100% cor-
rectly determined atomic columns. This is not relevant for experimental
cases but important to check for the correct operation of the algorithm.
The exact number of substitute atoms can be determined correctly on
each atomic column up to a sample thickness of 3 atoms. At 10 atoms
thickness, the percentage of exactly determined atomic columns drops
to 82% with a deviation in one atom of 13% in positive direction and
5% in negative direction. From statistics, these values should be equal
since overestimation of the In content is as likely as underestimation
according to Fig. 1a. The discrepancy observed is most likely caused by
insufficient statistics at a thickness of only 10 atoms. For higher
thicknesses, the errors are distributed nearly symmetrically around
zero.

Fig. 1. The figure shows the intensity composition relationships for all corresponding samples I and III. The blue dots mark the averaged Voronoi intensity of every
atomic column of each concentration set. The red markers illustrate the mean intensity for every atom count, whereas the “errorbars” mark the overlap of the
standard deviations, which is the maximum precision achievable. The second x-axis shows the intensity normalized to the barrier material. With this a quantitative
comparison between all samples is possible. All figures were calculated for total thickness of 32 atoms. (For interpretation of the references to color in this figure
legend, the reader is referred to the web version of this article.)

Fig. 2. Percentage of correctly determined atomic columns versus the sample thickness t for (Ga,In)As with 20% In concentration (a). With increasing sample
thickness, the percentage of correctly determined atomic columns decreases and the number of atomic columns, off by several atoms increases. The number of
underestimated columns is nearly the same as the number of overestimated columns, resulting in the correct average composition for all thicknesses. Subfigure (b)
shows the deviation of the real composition determined from all atomic columns (810 in total) versus sample thickness. Assumed sample thickness affects the
deviation of real composition. The composition deviation is symmetrically distributed around 0, which means that the mean concentration stays mainly correct.
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With increasing thickness t, the percentage of exactly determined
atomic columns drops and the percentage of atomic columns with some
atoms deviation increases accordingly. Up to a sample thickness of 50
atoms the maximum deviation is in the range of 2 atoms. At thicknesses
higher than 50 atoms, a small fraction of atomic columns are de-
termined with a deviation of 3 atoms or higher.

To check how the atomic deviations influences the total determined
composition of the sample, Fig 2b shows the deviation from the real
composition in percent versus the sample thickness t. The black dots
represent the deviation from real composition if the correct thickness is
assumed. The deviation from the real composition starts at 0.5% at 10
atoms thickness and decreases with increasing sample thickness down
to 0.1% at 50 atoms thickness. This means, that the mean of the de-
termined atomic columns is still very accurate with a deviation under
0.5% for (Ga,In)As with 20% indium and thicknesses below 70 atoms.
The deviation from real composition is given in absolute percentage,
i.e. a deviation of 0.5% would mean that In content 19.5% or 20.5%
would be determined instead of the 20% being present in reality.

If the assumed thickness of the sample is incorrect by 1 or two
atoms, deviation from the real composition increases. The green dots,
depict the total deviation with a thickness error of 1 atom. The devia-
tion increases tremendously to 20% whilst still remaining centered
symmetrically around 0% deviation. The deviation starts at ( ± ) 20%
indium concentration at 10 atoms sample thickness. This deviation
decreases with increasing sample thickness down to ( ± ) 3% at 70
atoms thickness. With a thickness error of two atoms the deviation
starts at ( ± ) 37% at 10 atoms thickness and decreases down to ( ± )
6% at 70 atoms thickness whilst also remaining symmetrically dis-
tributed around 0%.

This analysis summarizes the capability of the composition de-
termination via STEM HAADF intensities using the example of
(Ga,In)As with 20% indium concentration. The accuracy of the method
is determined mainly by the thickness of the sample and the slope of the
intensity composition relationship (compare Fig. 1). The steeper the

slope is, the higher is the accuracy of the intensity method.
The analysis shows that the precision of correct determined number

of atoms is higher at thinner samples. The thicker the sample is, the
higher is the deviation in determined number of substitute atoms.
Nevertheless, it can be said that the deviation is in the range of 1–2
atoms per atomic column. Furthermore, the analysis of the mean
composition determined from the atomic columns shows a negligible
deviation from the real composition for all investigated thicknesses t at
a correctly assumed sample thickness. This stresses the fact, that cal-
culating the correct sample thickness is crucial for the composition
determination. If the assumed thickness is off by one or two atoms, it
has a tremendous effect on the composition determination. However,
since the deviations are symmetrically around zero when over/under-
estimating the thickness, they are likely to cancel out in experimental
images due to statistics. This will be shown in later paragraphs.

3.3. Collocation of raw experimental data

With the capabilities of the presented method in mind, the next
paragraph addresses the application on experimental samples. A
(Ga1−xInx)As quantum well (QW) is investigated, potentially being part
of a ‘W’-type or a multi QW heterostructure used in an infrared laser
device. Furthermore, a Ga(P1−xAsx) QW structure, that might be used
as a barrier in several different laser designs is investigated. Moreover, a
Si1−xGex QW heterostructure is investigated, where the Ge fraction x is
varied in the attempt of obtaining a parabolic confining potential. [24]

For all three samples, STEM images were acquired under HAADF
conditions. These are shown in Fig. 3. Due to the dominant Z-contrast
under HAADF conditions, the different QWs are clearly visible within
the respective barriers. For all samples the substituting atoms are
heavier than the atoms in the matrix (i.e. In (49) vs. Ga (31), As (33) vs.
P (15) and Ge (32) vs. Si (14)), therefore the QW appears brighter than
the matrix material in all cases.

For a quantitative analysis of these raw STEM images, intensities are

Fig. 3. STEM images of all three sam-
ples normalised to the impinging elec-
tron beam. (a) Sample I, a (Ga,InAs)-
QW between GaAs barriers. (b) Sample
II, a Ga(P,As)-QW between GaP bar-
riers. (c) Sample III, SiGe with different
Ge concentrations. Growth direction is
from left to right.
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evaluated by Voronoi cells and assigned to every atomic column
[21,45]. In a Voronoi cell, every pixel is belonging to its closest atomic
column and for every column the intensity of the appropriate pixels is
averaged. These Voronoi intensities have the advantage of being robust
regarding most experimental influences [45] especially including sur-
face relaxation that is important for our samples [50]. Using these
Voronoi cells, Voronoi intensity maps are created as shown in Fig. 4.
For clarity, only the sub lattice on which the composition change is
taking place is shown in the Voronoi intensity map. This is the group III
sub lattice for sample I (Fig. 4a), the group V sub lattice for sample II
(Fig. 4b) and the group IV lattice for sample III (Fig. 4c) which is the
only lattice present in this sample. To determine the influence of cross
scattering to neighboring columns and show the thickness gradient (see
later chapter), additionally Voronoi intensity profiles are shown for the
group III and V sub lattices in the case of sample I and II and for group
IV for sample III (Fig. 5).

3.4. Matching of simulation and experiment

To determine the composition of semiconductor alloys by intensity
comparison of experiment and simulation, the simulation has to re-
produce the experiment as closely as possible. Considering the influ-
ences mentioned above, a parameter for the Lorentzian convolution of
the simulation remains to be determined. This takes into account the
size of the electron source [40].

The adaption of the simulation to the experiment has to take place
in a region with known composition, i.e. the barrier, and at the correct
thickness.

In sample I, this adaption is done for GaAs. Here, for every peak of

one sub lattice the surrounding unit cell is found and the average ex-
perimental unit cell (AEUC) of GaAs is generated as shown in Fig. 6a.
For the simulated image of GaAs, which has a size of 5 × 5 unit cells,
the average simulated unit cell (ASUC) is also calculated (Fig. 6b). Now,
the most suitable thickness – that is number of atoms – for the simu-
lation is chosen so that the mean intensity of the ASUC is matching the
mean intensity of the AEUC. As the composition is the same in both
experiment and simulation, thickness is the decisive parameter for
matching both. A thickness intensity relationship can be obtained by
evaluating the ASUC for different thicknesses. This relationship and the
best fitting thickness are shown in Fig. 6d.

At this thickness, a Lorentzian convolution of the simulated image is
performed using a range of different widths of the Lorentzian.
Minimizing the total deviation between AEUC and ASUC for all pixels,
the correct width σ= 0.049 nm is found. The resulting ASUC with
correct thickness and width σ is shown in Fig. 6b. A pixel wise 2D re-
presentation of the relative difference between both AEUC and ASUC is
presented in Fig. 6c already showing the good overall agreement. To get
an exact comparison of both images, they are aligned using the software
SmartAlign [30] beforehand. The good agreement between experiment
and simulation is also supported by a diagonal line scan across both
ASUC and AEUC plotted in Fig. 6e. The difference in 2D pixel wise
intensity between the experimental and simulated intensity can be
calculated to 1.6% in this case for GaAs in sample I.

The corresponding figures for sample II and sample III, respectively,
can be found in the supplements. Here, a difference between experi-
mental and simulated 2D pixel wise intensity of 1.1% (GaP in sample II)
and 1.4% (Si0.2Ge0.8 in sample III) is achieved.

Fig. 4. Intensity maps showing the intensities of every atomic column averaged using Voronoi cells. For sample I (a), only the group III sub lattice is shown, for
sample II (b) only the group V lattice is shown. In (c), all atomic columns of sample III are shown. Growth direction is from left to right.
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3.5. Local thickness determination

In this way, suitable parameters for a matching between experiment
and simulation were determined. To be able to find the composition of
every atomic column, for each column the thickness, i.e. the number of

atoms in this column, has to be specified. A determination of the
thickness is only possible with a known composition of the atomic
column. In order to assign a thickness to a column with unknown
composition, thickness information about the material itself or the
surrounding atomic columns are necessary. There are several

Fig. 5. Voronoi averaged intensity profiles of all three samples. In (a) and (b) both sub lattices of sample I ((Ga,In)As-QW in GaAs barrier) and sample II (Ga(P,As)-
QW in GaP barrier) are shown. The intensity profile for sample II (SiGe-QW in SiGe barrier) is shown in (c). Growth direction is from left to right.

Fig. 6. Adapting simulation to experiment for GaAs. The correct thickness is found by matching the unit cell averaged intensities with the simulated thickness
intensity relationship shown in (d). The respective unit cells are shown in (a) and (b) for experiment and simulation, respectively. By choosing a suitable width for the
Lorentzian convolution, representing the source size, both show a good agreement as proven in 1D by a diagonal line scan (e) across both images as well as in 2D by
difference image (c), normalized to the intensity of the simulated unit cell. A deviation in Voronoi intensity of only 1.6% was achieved.
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possibilities to do so, which will be explained for the different samples
in the following.

In sample I, there is a composition change on one sub lattice only, as
group V columns are consisting of As in the barrier and the QW region.
In contrast, the group III sub lattice composition is changing across the
sample: there is only Ga in barrier regions but Ga and In in the QW
region. Since the sample is thin enough (thickness determined by unit
cell average is 27 atoms), there is no substantial influence of one sub
lattice on the other during the electron scattering process, i.e. there is
no cross scattering. This assumption is supported by the line plots de-
picted in Fig. 5(a) and (b). Comparing subfigure (a) to subfigure (b),
one can see the clear effect of cross scattering in subfigure (b) but not in
(a). Therefore, the group V sub lattice can be used to determine the
thickness of the sample. The intensity is compared to simulated Voronoi
intensities, As in the case of sample I (see Fig. 7a), and the suitable
thickness is assigned. Since finally the thickness of group III sub lattice
atomic columns is needed, for every group III column the thickness of
the 4 neighboring group V columns is averaged and assigned to the
group III column. The resulting thickness map of group III atomic col-
umns only is shown in Fig. 8a. Thicknesses are ranging from 25 to 33
atoms per column. This thickness gradient is induced by the preparation
method as explained earlier. The thickness map shows a reasonable
thickness distribution considering the last preparation step of Ar ion
milling.

In sample II, the composition change is also taking place on one sub
lattice only. Here, group III atomic columns consist of Ga atoms ev-
erywhere, while group V atomic columns consist of P atoms in the
barrier regions and P and As in the QW. As can be seen in Fig. 5b, cross
scattering plays a more important role in this sample. Thus, even if the
composition stays constant on the group III sub lattice it cannot be used
for a thickness determination in the QW. Instead, the thickness in the
QW region is interpolated by fitting a plane to the intensities of the
group V columns in the barrier. There, the original intensities of every
column are taken for thickness determination while in the QW region
the intensities are interpolated. The QW region is found by setting an

intensity threshold for gradient normalized column intensities. In-
tensities above this threshold are then assigned to the QW region. The
intensities assigned to each peak are then compared to the thickness
dependent simulated P intensities and the thicknesses are determined.
In Fig. 8b the resulting thickness map for the group V sub lattice is
shown. Thicknesses range from 8 to 18 atoms per column. In the in-
terpolated region, the small length scale features are necessarily gone
but the fitted plane is the best approximation of the thickness in this
region.

In sample III, there is only one sub lattice on which Si and Ge
concentration are changing. Additionally, there is no region consisting
only of Si or pure Ge. Instead, there is a region where the Ge con-
centration is nominally 80%. However, as can be seen from the in-
tensity profile (see Fig. 5c) the intensity is also fluctuating in this region
suggesting that the concentration may not be constant here. Therefore,
only a mean concentration of 80% Ge is assumed. A plane is fitted to the
linear decreasing region (see Fig. 5c) and intensities are assigned to the
columns based on this plane both in the buffer layer of Si0.2Ge0.8 and in
the region of unknown composition. This technique is only suitable if
the reference region is large enough (40 × 40 nm in this case) and
shows a linear behavior. Using a simulation of Si0.2Ge0.8 and its mean
Voronoi intensity, thicknesses are specified for every column. Hence,
extrapolation is used to determine local thicknesses in this sample. The
thickness map resulting is shown in Fig. 8c where the thickness ranges
from 29 to 35 atoms per column.

3.6. Composition maps

With the composition intensity relationships explained above, the
experimental Voronoi intensities can now be converted to a composi-
tion of the corresponding material. For this, every atomic column's
intensity is compared to its corresponding intensity composition re-
lationship. For this, the local thickness of every column is used and its
corresponding intensity composition relationship is calculated. This en-
sures that no intensity that originates from thickness is mistaken for

Fig. 7. Thickness dependencies for Voronoi intensities. The different barrier materials are presented: GaAs in (a), GaP in (b) and Si0.2Ge0.8 in (c). The inset in (c)
illustrates the concept of the Voronoi cell.
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Fig. 9. Composition maps of all three
samples. The number of substitute
atoms per atomic column is given for
the group III sub lattice of sample I (a),
the group V sub lattice of sample II (b)
and for sample III (c). Note, that the
thickness of each atomic column differs
as indicated in the thickness maps in
Fig. 6. This was taken into account for
composition determination.

Fig. 8. Thickness maps for all three samples. In (a), the thicknesses in atoms per column are given for the group III sub lattice of sample I. For sample II, thicknesses of
the group V sub lattice are shown in (b). In (c) the thicknesses of the atomic columns of sample III are presented. Growth direction is from left to right.
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composition variation. The Voronoi intensities can now be converted
into the corresponding number of substitute atoms. Fig. 9a shows the
color coded 2D composition map of sample I. The GaAs barrier is clearly
visible with a mean number of In atoms of 0 which increases up to a
maximum of 12 in the QW region. The local thickness in the QW region
ranges between 27 and 29 atoms in total. The mean number of In atoms
in the QW area is around 6 which translates to a composition of 20% In.
Additionally to the 2D map, Fig. 10a shows a line scan in growth di-
rection of sample I. This is done by averaging the composition of the
atomic columns perpendicular to the growth direction. In this way, the
results of the different methods can be compared more easily. The red
solid line represents the composition determined by the intensity
method, explained above. The shaded area around the solid line is not
the accuracy of the method but rather the composition deviation per-
pendicular to growth direction. The deviation of the composition in the
GaAs barrier material as well as in the QW region is around ± 5%.
Additionally an offset in the pure GaAs barrier of ∼1.5% is visible. The
black line in Fig. 10a shows the geometry retrieved from HRXRD with a
QW width of 6.1 nm and an In composition of around 20%. Further-
more, the concentration derived from the lattice constant analysis of the
sample is visualized with the blue line. The In concentration was cal-
culated via the local lattice constant, derived from the image and
combining Vegard's law with tetragonal distortion due to pseudo-
morphic growth. This method is considerably more sensitive to the
surface relaxation of the sample. An increase of the concentration in the
upper barrier region of the QW is visible which is due to the elastic
surface relaxation of the sample. The concentration deviation along the
QW is smaller than for the intensity method with ± 4%. Nevertheless,
the composition derived from the intensity method is in good agree-
ment with the composition derived from HRXRD.

The effect of the noise from the experimental intensity can be seen
in the GaAs barrier in Fig. 9a. The mean concentration of In atoms in
the GaAs is zero, but due to the noise, the minimum of the calculated In
atoms is negative. Surface damage introduced during the preparation of
the sample enhances the effect.

Fig. 9b shows the 2D composition maps for sample II. The GaP
barrier is clearly visible and distinguishable from the QW region. The
number of As atoms in the barrier is around 0 with a total number of
group V atoms of 10 − 18. The number of As atoms increases to
maximum of 13 atoms in the QW with a local thickness between 11 and
16 total atoms. Fig. 10b shows the corresponding line scans for sample
II. The composition line scan (red) derived from the intensity method
shows a very good agreement with the sample geometry derived from
HRXRD (black). The parameters of the QW, according to XRD are

11.7 nm width with an As concentration of 65.5%, which is also re-
produced by the intensity method. The concentration deviation is small
in the barrier region and increases to around ± 4% in the QW area. This
is due to the averaging of the intensities perpendicular to the growth
direction. The distribution of atoms in a QW consisting of a compound
semiconductor is not completely homogeneous, which leads to different
compositions on the atomic columns. The composition deviation in the
barrier is small and results from the intensity deviation, introduced by
surface damage. The concentration profile derived from the lattice
constant (blue line) shows a prominent discrepancy with the HRXRD
profile (black). The concentration in the QW is between 40% and 50%.
Due to the sample geometry, the elastic surface relaxation is very
prominent. The intensities, derived from the Voronoi cells compensate
the elastic relaxation very well, which is why the influence is not pre-
sent, whereas the lattice constant is influenced tremendously. A de-
tailed description how the elastic surface relaxation influences the lat-
tice constant and thus the concentration derived from it can be found
in.

Fig. 9c depicts the 2D composition map for sample III. The sample
geometry is different than the one of sample I & II. The barrier consists
of a Si0.35Ge0.65 alloy grown on the relaxed Si0.2Ge0.8 buffer. In the QW
region the Ge content increases gradually in a parabolic form to 100%
Ge. The composition drops back to Si0.35Ge0.65 after the QW area. The
Ge content profile is such to ensure strain balance between the tensile
strained barrier regions and the compressively strained QW regions.
This geometry cannot be clearly distinguished from that a conventional
box like QW by means of X-ray diffraction, therefore the nominal
parabolic profile has been estimated from the calibrated deposition rate
and alloy composition at varying precursor gas fluxes. The relaxed
buffer material with Si0.2Ge0.8 is visible in the 2D color map from
Fig. 9c with a total number of atoms between 35 and 33. The drop to
Si0.35Ge0.65 is clearly visible with a number of Ge atoms between 19 and
22 with a total number of atoms of 32. The QW area with a higher Ge
concentration is clearly visible whereas the parabolic form is not clearly
distinguishable. The highest point of the parabola consists of 32 Ge
atoms with a total number of 32 atoms. After the QW region, the Ge
concentration drops back to 20 atoms with a thickness between 29 and
30 atoms in total. The line scans in Fig. 10c visualize the desired sample
geometry more in detail. The concentration derived from the intensity
method fluctuates around 80% of Ge in the barrier and the drop to 65%
is clearly visible. The intensity method shows a small offset of around
3% to the desired sample geometry. The increase to 100% Ge is visible
and peaks at around 102% Ge, which is due to the deviation of the
Voronoi intensity. The drop in Ge concentration after the QW results in

Fig 10. Horizontal line scans, acquired by averaging the 2D maps perpendicular to the growth direction. Sample I is depicted in (a) where the red line represents the
composition derived from the intensity method, the solid blue line originates from the strain state, calculated from the local lattice constant and the black line
visualizes the output of HRXRD measurements. Sample II is visualized in (b) and sample III in (c). The red and blue shaded areas depict the concentration standard
deviation perpendicular to the growth direction. (For interpretation of the references to color in this figure legend, the reader is referred to the web version of this
article.)
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a Ge concentration of 68%. The concentration derived from the lattice
constant shows an enormous fluctuation around the desired con-
centration (black). This underlines that the proposed intensity method
is more stable in comparison to the composition derived from the lattice
constant.

4. Discussion

In this paragraph, we discuss composition determination by com-
paring simulated and experimental STEM intensities with regards to its
extension towards single-atom accuracy. First, a general assessment of
the method and its capabilities is done. Then, the application to ex-
perimental STEM images and accompanying influences are assessed.

Composition determination by comparing STEM intensities is based
on the assumption that a certain composition of an atomic column leads
to a unique intensity. In this work, Voronoi intensities [21] are con-
sidered. However, due to different possible z-height configurations of
the substitute atom(s) inside the atomic column different intensities
result. This leads to the intensity distribution for a given composition
shown in Fig. 1. For the composition determination, the whole intensity
distributions are reduced to a mean intensity that reflects a certain
composition. The intensity distributions lead to the statistical character
of the composition determination that is inherent in the composition
intensity relationships of STEM experiments.

Therefore, the overlap of the intensity distributions determines the
accuracy of the composition determination. To be more exactly, it is
that overlap of the intensity distributions that is closer to the mean
intensity of another composition. This is referred to as overlap from
now on. In this work, an estimation of this accuracy was done with help
of standard deviations of the intensity distributions. With this, 68% of
the atomic columns are considered. An assessment of the error for all
atomic columns can be done with the simulation study performed for
the example of (Ga,In)As.

Atomic columns that have a z-height configuration leading a “non-
overlap intensity” are determined correctly. If an atomic column has an
intensity that is part of the overlap to another composition, its com-
position is not determined correctly.

The overlap of the intensity distributions and hence the accuracy of
composition determination depends on the material system, the number
of substitute atoms in an atomic column and its thickness. The HAADF-
STEM images used for this study exhibit strong Z-contrast.
Consequently, if the difference between the atomic number of the
substitute atom and the replaced atom is higher, the overlap between
different intensity distributions is smaller. Therefore, the achievable
accuracy depends decisively on the studied material system and for
example for Ga(As,Bi), where the difference in atomic number is

Z 50= , the accuracy of composition determination is higher than for
(Ga,In)As where the difference in atomic number is only Z 18= . For a
higher number of substitute atoms in an atomic column, there are more
possible arrangements of these substitute atoms and therefore a larger
overlap of intensity distributions. If the number of total atoms in an
atomic column is higher, this leads to more possible z-height config-
urations and a larger overlap between intensity distributions.

The influence of thickness can be clearly seen in the simulation
study on (Ga,In)As. With increasing thickness, the percentage of atomic
columns for which the composition was determined correctly decreases
since the overlap of intensities increases. From a statistical point of
view, this means that there is certain probability that the composition
of a given atomic column is determined correctly. This probability
depends on the material system and the composition and decreases with
increasing thickness.

The errors in composition determination increase with increasing
thickness since there is overlap with more compositions. However,
overall these errors cancel out on average, since plus and minus de-
viations are equally frequent independently of the thickness.
Consequently, the overall composition is determined very accurately at

every thickness for the investigated sample size.
For the application to an experimental STEM image, all experi-

mental parameters are determined and all influences are treated care-
fully. Since the evaluation method solely relies on STEM HAADF in-
tensities, every potential influence on the intensities has to be
understood very precisely. In the following, the influences of local
thickness, amorphous layers, detector angles, clustering of substitute
atoms and surface relaxation are discussed.

As already apparent during the evaluation, the thickness of each
atomic column has a major influence on its intensity. In the simulation
study for (Ga,In)As, it is found that below thicknesses of 30 atoms it is
impossible to determine the correct number of In atoms if the thickness
is of by one atom. At higher thicknesses, the probability of correct
composition determination becomes almost equally likely for wrong
thicknesses.

The process of sample preparation where Ar ion milling is used as a
final step leads to thickness variation within the field of view of one
image. Therefore, the thickness of each atomic column has to be con-
sidered locally. Several options to do so have been introduced tailored
to the demands of different samples. These demands depend on ex-
perimental sample thickness and present atomic columns/regions with
known composition that can be used as reference for thickness de-
termination. If the assumption for the thickness of an atomic column is
wrong, this will lead to a locally wrong composition. However, the
deviations in composition for under- and overestimated thickness of an
atomic column cancel at every thickness. Hence, for the experiment
contributions from wrong thicknesses will cancelout, leading to an
overall correctly determined composition as shown for the three sam-
ples.

Thickness determination is realized by comparison of experimental
intensities to simulation resulting in a certain number of atoms per
atomic column. In the simulation, only crystalline material is con-
sidered. However, due to sample preparation there are amorphous
layers on top and bottom of the sample. For the case of GaAs based
material, an amorphous layer of 3.5 nm was found on both sides of the
sample [51]. These amorphous layers lead to two main effects: One is
beam broadening [40] and the other one is different intensity compared
to only crystalline material [52] leading to a thickness determination
deviating from only crystalline material.

The beam broadening caused by the upper amorphous layer leads to
a two-dimensional redistribution of intensity in the image, which is the
same effect as caused by the finite source size. As this is taken into
account by a Lorentzian convolution, the width of this convolution will
increase due to the amorphous layers and lead to a higher effective
source size.

Since the thickness is determined via intensity comparison to si-
mulation which only considers crystalline material, this crystalline
thickness is overestimated. The real crystalline thickness is smaller:
Considering the intensity of amorphous material to be about 50% [53]
of crystalline material, the real crystalline thickness would be about
3.5 nm smaller than the one determined by intensity comparison. The
real crystalline thickness is not considered in this case but could be
taken into account by for example measuring position averaged con-
vergent beam electron diffraction (PACBED) patterns [53]. However,
since there is still a linear relationship between thickness and intensity
there is only a minor influence by the amorphous layers present due to
our sample preparation. Amorphous and crystalline material seems to
behave similar despite of the different compositions present. This is
supported by the good agreement of the presented composition results
to other methods.

Additionally, to these two main effects, the amorphous layers are
probably also causing the non-zero concentration of substitute atoms in
the barrier of samples I and II (see Fig. 10). In the case of sample I, the
In concentration is slightly higher than zero (∼2%, ∼0.5 atoms per
column), in sample II As concentration is slightly smaller than zero
(∼1.3%, ∼0.2 atoms per column). This will be explained in the
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following with the example of Fig. 6.
In Fig. 6, the adaption of simulation to experiment for GaAs is

shown. In the diagonal line scan, the central peak is a Ga peak (group
III), while both neighboring peaks are As peaks (group V). Using the
best possible adaption of the simulation to the experimental image, the
group III intensity is slightly underestimated by simulation, while the
group V intensity is slightly overestimated. In the case of GaP (see SI),
the simulation is overestimating both group II and group V peaks. This
leads to a small amount of In that increases the intensity of group III
atomic columns being necessary to match experiment and simulation
for sample (∼1.3% intensity increase per substitute In at 27 atoms
thickness). For sample II, a small negative concentration of As that
decreases the intensity of group V atomic columns gives the best match
between simulation and experiment in GaP (∼5.8% intensity decrease
per negative substitute As at 14 atoms thickness). While these devia-
tions in adapting simulation to experiment cause the non-zero con-
centrations of substitute atoms in the barriers of samples I and II, the
deviations themselves are probably caused by the two main effects of
amorphous layers on intensity evaluations that are differing thickness
and differing effective source size discussed above.

A possible solution to deal with the residual amorphous layers is to
use very low kV ion milling to remove them [54]. This is work in
progress, which should improve both adaption of simulation to ex-
periment and composition determination.

However, amorphous layers are most influential on STEM in-
tensities in a lower angular detector range. This is also the case for
inelastic scattering and diffuse scattering caused by SADs. While the
two former ones are not considered in simulation, SADs are taken into
account. However, since the angular range used for the measurements
is in the HAADF regime all three effects do not contribute majorly.

Detector angles were determined following the ansatz from [29].
Thickness determination is performed assuming this certain angular
range of the detector. Since these thicknesses and the same angular
range are used for composition determination, final compositions are
relatively robust against small angle deviations.

The distribution of substitute atoms within the supercells that are
used for simulations is done statistically in both the x–y-plane and their
z-height within one atomic column. The distribution of substitute atoms
in the x–y-plane only influences the Voronoi averaged intensities of
atomic columns if the sample exceeds a certain thickness so that cross
scattering comes into play. However, for samples that show clustering
effects in the x-y-plane and are quite thick this assumption of statistical
distribution leads to a wrong treatment of the influence of neighboring
atomic columns on the intensity. This is only a minor effect while
clustering in z-direction would have a larger influence. Here, the sta-
tistical distribution of substitute atoms leads to the intensity distribu-
tion and its mean value for a certain number of atoms per atomic
column (see Fig. 1). If there is clustering in z-direction, the mean in-
tensity of an atomic column will deviate from the one determined by
evaluation of the simulated super cells. However, for all samples in-
vestigated no clustering effects are expected. Indeed, for a similar
structure as sample I it was already shown that In atoms are statistically
distributed [55].

Surface relaxation was shown to have a possibly severe influence on
HAADF-STEM images [26,50]. It changes not only the intensity in the
QW region but also in the barrier. Thus, it can be difficult to find a
suitable reference for quantitative evaluations. However, the influence
of surface relaxation on composition determination by intensity eva-
luation is decreased by the use of Voronoi cells [45]. To fully treat
surface relaxation and its influence on composition determination is
very complex since it is a self-consistent problem for both intensity
evaluations and strain state analysis.

The composition determined by strain state analysis is severely in-
fluenced by surface relaxation [26] in the case of sample II (Fig. 10b)
where the lattice mismatch of barrier and QW is the highest for the
three samples investigated. Here, strain state analysis gives lower

compositions than both other methods. However, in general the overall
accuracy of the composition determination where a single-atom ansatz
is chosen is also very good experimentally. This is confirmed by the
comparisons to XRD and strain state analysis results.

5. Summary

In this paper, an extension of the established procedure that is used
to determine compositions of materials by comparing STEM multislice
simulations to experimental images is presented. A special focus lies on
the comprehensive investigation of the capabilities and limitations of
the extended method presented and the question whether single-atom
accuracy is achievable. With the help of a simulation study on
(Ga,In)As, the extended technique was benchmarked by calculating the
percentage of correctly determined atomic columns as a function of
assumed sample thickness. The results show that a correct determina-
tion of the composition of all atomic columns is possible up to a sample
thickness of 3 atoms only. Above a sample thickness of 3 atoms, locally
a deviation in composition of one atom is visible. Above 30 atoms
sample thickness, the fraction of atomic columns which have a com-
position deviation of one atom or above increases substantially. This
inaccuracy is caused by the fact that there is a certain intensity range
for a fixed number of substitute atoms caused by the different z-heights
of the substitute atoms as well as their local environment. Accordingly,
the intensities for different number of substitute atoms overlap, leading
to an over- or underestimation of the local composition. Since, over-
and underestimation of the composition is as likely, the global com-
position, however, is determined very accurately.

Furthermore, the simulation study showed that the assumed sample
thickness is a crucial parameter when determining compositions. With a
correctly assumed thickness, the mean total deviation is below 0.5% for
the example of (Ga,In)As with 20% indium. Moreover, the analysis of
intentionally wrong chosen thicknesses shows that the resulting de-
viation in composition is symmetrical around zero. This means, that the
errors in global composition determination again cancel out, since plus
and minus deviations are equally frequent independently of the thick-
ness. With the capabilities of the evaluation method in mind, three
technologically important semiconductor samples, namely (Ga,In)As
QW, a Ga(P,As) and a SiGe QW, were used to prove the applicability of
the method. The concentration resulting from the intensity method
presented here shows a good agreement with HRXRD measurements
and strain state analysis. However, it has the advantages of atomic
lateral resolution and insensitivity to surface relaxation. Of course, in
the future this allows to investigate samples, which cannot be char-
acterized accurately by XRD, e.g. due to gradients in the composition or
interface roughness present.
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Abstract Scanning transmission electron microscopy (STEM) is a suitable method for

the quantitative characterization of nano-materials. For an absolute composition deter-

mination on an atomic scale, the thickness of the specimen has to be known locally with

high accuracy. Here, we propose a method to determine both thickness and composition

of ternary III-V semiconductors locally from one STEM image as shown for the example

material systems Ga(AsBi) and (GaIn)As. In a simulation study, the feasibility of the

method is proven and the in�uence of specimen thickness and detector angles used is

investigated. An application to an experimental STEM image of a textitGa(AsBi) quan-

tum well grown by metal organic vapor phase epitaxy yields an excellent agreement with

composition results from high resolution X-ray di�raction.
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A B S T R A C T

Scanning transmission electron microscopy (STEM) is a suitable method for the quantitative characterization of
nanomaterials. For an absolute composition determination on an atomic scale, the thickness of the specimen has
to be known locally with high accuracy. Here, we propose a method to determine both thickness and compo-
sition of ternary III-V semiconductors locally from one STEM image as shown for the example material systems
Ga(AsBi) and (GaIn)As. In a simulation study, the feasibility of the method is proven and the influence of
specimen thickness and detector angles used is investigated. An application to an experimental STEM image of a
Ga(AsBi) quantum well grown by metal organic vapour phase epitaxy yields an excellent agreement with
composition results from high resolution X-ray diffraction.

1. Introduction

Scanning transmission electron microscopy (STEM) became a
widely used technique for the atomic-scale analysis of nanomaterials,
especially technologically relevant ones. For the optimization of these
nanomaterials, the atomic-scale characterization by STEM plays an
important role in the interplay of theoretical predictions, growth and
material characterization with the aim of improving the performance of
the final device.

In particular, annular dark field (ADF) STEM proved to be suited for
a quantitative analysis of material properties that includes locating,
counting and distinguishing atoms in a material matrix. To achieve
these goals, two main ideas were established. One is based on imaging
models with statistical parameter estimation theory and the other one
relies on the comparison of experimental and simulated images.

With the former one, relative composition determination [1] and
atom counting with single atom sensitivity [2] were accomplished. By
combining the statistical framework with image simulations, atom
counting could be further improved [3] and atomic-scale composition
determination was brought to an absolute scale [4]. Additionally, for
composition determination on an atomic scale, an atomic lensing model
was developed [5,6].

The direct comparison of experimental and simulated image in-
tensities will be discussed in more detail since this is the ansatz fol-
lowed in this work.

For this direct comparison of experimental and simulated image

intensities, a normalisation of the intensities to the impinging electron
beam is crucial [7]. To be able to analyse each atomic column sepa-
rately, pixel intensities are assigned to the atomic columns which could
either be done by circular integration [8], Voronoi intensities [9] or
pixel integrated cross sections [10].

For highest accuracy in the comparison of experimental and simu-
lated intensities, electron probe, specimen, probe-specimen interaction
and detector have to be known and modelled precisely. In case of the
electron probe, this especially includes the effect of chromatic aberra-
tion [11] and of a finite source size [12–14] and coherent lens aber-
rations [15]. Static atomic displacements [16], strain [17], tilt [18],
surface relaxation [19,20] and amorphous layers [21–23] are char-
acteristics of the specimen that influence ADF-STEM image intensities.
Alongside a general knowledge of the probe-specimen interaction
[24,25], especially the influence of thermal diffuse scattering [26,27] is
of importance.

For the electron detector, next to the general geometry [28], the
detector angles [7] and the non-uniform detector sensitivity [7,29,30]
influence experimental results.

Taking into account all these parameters, atom counting [31] and
composition determination can be conducted. Composition determi-
nation was performed on non-atomic [30] and atomic scale [9,32,33]
for III-V semiconductors.

To be able to determine absolute atomic scale composition, the
specimen thickness has to be known locally. Already small thickness
deviations can make accurate, i.e. single-atom accuracy, composition
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determination impossible depending on the material system [33]. De-
termination of local thickness is normally achieved by an inter- or ex-
trapolation of thickness in regions with known composition [9,30] but
this will obviously lead to local thickness deviations. Another possibi-
lity is the usage of atomic columns with known composition being
justified by a small influence of cross-scattering due to small specimen
thicknesses but failing for thicker specimens [4,33]. Furthermore, a
method was developed where the composition and thickness char-
acteristic electron scattering was detected in two ADF-STEM images
taken at different angular ranges [32]. Complementary methods for
thickness determination like electron energy loss spectroscopy [34] or
convergent beam electron diffraction [35] do not offer the necessary
accuracy or have other limitations.

In this work, we propose a method to simultaneously determine the
local thickness and composition for ternary III-V semiconductors from a
single ADF-STEM image using complementary image simulations. For
the composition determination, the sub lattice where the matrix atom is
replaced by the substitute atom is utilized while for thickness de-
termination the other sub lattice with known composition is employed.
The latter is prevented by the influence of cross-scattering at a certain
thickness. However, this influence and the knowledge about it drawn
from simulation are used to determine thickness and composition lo-
cally on an atomic scale. This process is performed iteratively analysing
both sub lattices separately.

For this, the outline is as follows: After general information about
STEM image simulations and experimental setups, the method itself is
explained in detail. Then, a proof of principle is given by applying the
method to a simulated STEM image of Ga(AsBi) which is a promising
material for optoelectronic applications and for which the composition
is fully known. Additionally, it is also applied to a simulated STEM
image of (GaIn)As. In a simulation study, the influence of detector
angles and specimen thickness are investigated leading to preferred
conditions that are considered for applying the method to experimental
STEM images of a Ga(AsBi)-QW grown by metal organic vapour phase
epitaxy (MOVPE). Finally, the obtained results are discussed.

2. STEM image simulations

STEM image simulations are performed for quantitative evaluation
of STEM image intensities. For this, the software package STEMsalabim
[36] is employed. STEMsalabim is based on the multi slice algorithm
[37] and optimized to run on parallelized computing clusters. Thermal
diffuse scattering is included by the frozen phonon approximation [27]
and a defocus series [11] of seven different defoci centred around

=fΔ 0 nm with a full with half maximum of 7.5 nm considers the effect
of chromatic aberration. A detector scan allows to consider the non-
uniform detector sensitivity [7,9,29,30]. The finite source size is built in
by a Lorentzian convolution [14] for which the width is carefully ad-
justed. All parameters for image simulations are chosen in accordance
with the microscope at hand and are summarized in Table 1.

Super cells are generated for Ga(AsBi) with a varying average Bi
concentration of x=0, 0.02, 0.04, …, 0.14 and a size of 5×5×80
unit cells (x× y× z). Thereby, Bi atoms are statistically distributed
inside the super cell. Slicing of the super cell was done in a way that one
slice contains one atom per atomic column. A valence force field

relaxation of Keating's potential [38] takes into account the effect of
static atomic displacements. For Ga(AsBi), 700 group V and 567 group
III atomic columns are evaluated. Equivalent image simulations are also
performed for (GaIn)As with an average In composition varying from
x=0, 0.05, 0.10, …, 0.50. Here, 539 group III and 704 group V atomic
columns are evaluated.

3. Experimental

The Ga(AsBi)/GaAs multi quantum well (MQW) structure was
grown in an Aixtron AIX 200 reactor with gas foil rotation. The reactor
pressure was kept constant at 50 mbar and H2 was used as carrier gas.
For growth at low temperatures Triethylgallium (Ga(C2H5)3),
Tertiarybutylarsine (As(C4H9)H2) and Trimethylbismuth (Bi(CH3)3)
were chosen as Gallium, Arsenic and Bismuth source, respectively. First,
a GaAs buffer layer was deposited at 625°C on top of the exact n+-GaAs
substrate to ensure a smooth growth surface. The Ga(AsBi) quantum
well (QW) was grown at a reduced growth temperature of 400°C whilst
the barrier was grown at 550°C to prevent segregation of Bi into the
GaAs barrier [39]. Growth interruptions between the layers were es-
tablished to change the growth temperature of the layer, respectively.

Multi QW thickness and strain were determined by simulation of a
high-resolution X-Ray (HR-XRD) diffractogram around the (004)-re-
flection. Using a GaBi lattice constant of 6.33 Å [40], the Bi fraction was
calculated to 5.8% from the strain. The QW thicknesses were de-
termined to 7.2 nm separated by 34.9 nm thick GaAs barriers.

For TEM investigations, a cross-sectional lamella was prepared of
this sample using a dual beam scanning electron microscope focused
ion beam (FIB) machine (JEOL JIB-4601F, JEOL Ltd., Tokyo, Japan).
Applied milling voltages for the Ga ions were progressively reduced
from 30 kV to 10 kV. The specimen thickness after this initial FIB pre-
paration was roughly 140 nm.

Further sample thinning was performed using a NanoMill TEM
specimen preparation system (model 1040, E. A. Fischione Instruments,
Inc., Export, PA, United States) [41] using a milling voltage of 900 eV
for the Ar ions utilized. Milling was continued with an inclination angle
of ± 10∘ until the final specimen thicknesses were reached.

STEM measurements were realized with an aberration-corrected
JEOL JEM 2200FS (JEOL Ltd., Tokyo, Japan) operating at 200 kV ac-
celeration voltage. Electrons scattered into an angular range of
67–268 mrad were detected by the annular dark-field detector (JEOL
EM-24590YPDFI). The inner detector angle was determined according
to [7] while the outer detector angle is determined by the geometry of
the detector. A convergence angle of 21 mrad was used resulting from a
condenser aperture with a diameter of 40 µm. The hexapole lenses of
the imaging corrector were turned off to avoid a cut-off in the diffrac-
tion plane [42]. Images were recorded as a stack of 10 images with a
dwell time of 3 µs and aligned afterwards using the SmartAlign software
[43] to reduce the influence of sample drift and scan distortions. For
comparison with simulated STEM images, image intensities were nor-
malized to the impinging electron beam [44]. Peak position finding in
the STEM images was achieved by applying the peak finding software
PeakPairs [45].

4. Method

In the following, we describe the method developed to determine
thickness and composition simultaneously for ternary III-V semi-
conductors using an STEM image.

The first crucial step is to fix the width of the Lorentzian convolu-
tion needed to take into account the finite source size for all following
simulations. For a given experimental image, this is achieved by a pixel
wise comparison of a simulated and an experimental average unit cell
at the same thickness. In detail, this procedure can be found in [33].

Voronoi intensities [9] are assigned to every atomic column of the
experimental image and will also be used for simulations. They are

Table 1
Parameters for STEM image simulations as de-
termined for the microscope at hand.

Electron energy 200 kV
Aperture angle 21.3 mrad
Astigmatism 0 nm
CS 2 µm
C5 5 mm
CC 1.5 mm
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chosen as they are robust against surface relaxation that can strongly
influence STEM intensities in semiconductor heterostructures [19,20].

Then, the thickness of every atomic column is determined initially.
This is achieved by the comparison of the Voronoi intensities of every
atomic column of the sub lattice with known composition with simu-
lated Voronoi intensities of the same sub lattice in the matrix material.
Hence, in the case of Ga(AsBi) group III atomic columns containing only
Ga atoms are compared to simulated group III atomic columns in a
GaAs super cell. By this comparison, the thickness of every atomic
column can be fixed given in number of atoms in this column. The
thickness of group V atomic columns with unknown composition is
found by averaging the thickness of the 4 next neighbor (NN) group III
atomic columns that are present in [010]-direction that is used.

After this initial thickness determination, a first initial composition
determination can be performed. The obtained intensity composition
relationship is shown in Fig. 1(a). For this, for all thicknesses present in
the experimental image the simulated super cells with varying Bi con-
centration have to be evaluated. For every group V atomic column, the
number of Bi atoms contained in this column and the Voronoi intensity
is read. Because of different z-heights of Bi atoms within each atomic
column, this leads to an intensity distribution for every Bi composition.
However, a mean Voronoi intensity can be determined for every Bi
composition that will be used to determine the Bi composition of every
experimental atomic column by comparison of Voronoi intensities. This
is also described in more detail in [33].

With this initially determined composition, the thickness can be
determined again. For this, the simulated super cells with varying Bi
concentration are evaluated in a different way. Using a range of
thicknesses, for every group III atomic column the Voronoi intensity
together with the columns thickness and the average NN Bi composition
is read. Again this gives a distribution of Voronoi intensities for every
NN composition for which a mean value is found. This dependency
between intensity and average NN Bi composition for group III atomic
columns is shown in Fig. 1(b). The thickness of every group III column
in the experimental image can then be determined by comparison to
simulated Voronoi intensities considering the average NN Bi composi-
tion that was determined in the step before. Then, the thickness of
group V atomic columns is again determined by averaging the thickness
of NN group III atomic columns. With these adapted thicknesses, the Bi
composition of group V atomic column is again determined by com-
parison to simulation as described before.

These last two steps are performed iteratively until a stable thick-
ness composition configuration is found. For the simulated cases in-
vestigated, this was always the case after five iterations.

5. Proof of principle using simulated STEM image

To prove the feasibility of the method described above, it will first
be applied to a simulated STEM image for which the super cell and its
composition generating this image are fully known. Hence, one can
compare thickness and composition obtained to the real values for
every atomic column.

For this, a super cell with a composition of GaAs0.94Bi0.06 is chosen
with a thickness of 30 atoms in every atomic column. To generate the
STEM image, a virtual detector range of 70–280 mrad is chosen and the
experimentally obtained non-uniform detector sensitivity is applied to
closely resemble the experiment. A Lorentzian convolution with a width
of =σ 0.05 nm is applied in accordance with experimental conditions.
The resulting STEM image is shown in Fig. 2(a). First, the initial
thickness determination is performed as described above and the re-
sulting thickness map is shown in Fig. 2(b) for the group V columns
only. Note, that atomic columns at the edges are removed due to in-
complete, open Voronoi cells and unfulfilled NN relationships. As can
be seen, the thickness is generally overestimated by 1–2 atoms since the
intensity of group III atomic columns is increased compared to GaAs
due to the influence of cross scattering from group V atomic columns.
The thickness is determined correctly only for 40% of the 81 group V
atomic columns highlighting the necessity of taking cross scattering
into account at this thickness.

The initial composition map resulting from this initial thickness
determination is shown in Fig. 2(c). Due to the generally overestimated
thickness of atomic columns, the Bi composition is generally under-
estimated. Though, the Bi composition is still determined correctly for
56% of the group V atomic columns. This leads to a total deviation of
−35 Bi atoms compared to the real composition in the simulated super
cell that contains 140 Bi atoms. The column wise deviation to the real
composition is shown in Fig. 2(d).

After three cycles of iteratively determining the thickness of every
atomic column considering the Bi composition derived before and the
composition of every atomic column considering the current thickness,
the configuration of thickness and Bi composition is stable. The re-
sulting thickness, composition and composition deviation maps are
shown in Fig. 3(a)–(c), respectively. The thickness is determined cor-
rectly for all but one column (99%) while the Bi composition is correct
for 78% of the columns. The summed total deviation of Bi atoms is +2
for the 140 Bi atoms contained in the super cell so the total composition
is well reflected.

As a comparison, the composition is also determined for that case if
the thickness of all atomic columns is known correctly. In this case, the
composition is determined for 79% of the group V atomic columns and
the total deviation is −1 Bi atom. Hence, the method introduced above
essentially reaches the inherently present limitations of this

Fig. 1. Relationship between group V Voronoi
intensity and Bi composition (a) and group III
Voronoi intensity and average NN Bi compo-
sition (b) for GaAsBi at a total thickness of 30
atoms per atomic column. For both cases, all
events within the simulated super cell (blue)
are shown together with the mean intensity
(red). (For interpretation of the references to
color in this figure legend, the reader is re-
ferred to the web version of this article.)
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composition determination via comparison to mean Voronoi intensities
of atomic columns. These limitations exist due to different z-height
distributions of the substitute (Bi) atoms inside the atomic columns and
following different intensities. However, these limitations are of sta-
tistical nature and are discussed in detail later on.

To show that the proposed method is not only working in the special
case of Ga(AsBi), it is also applied to a simulated STEM image of
(Ga0.7In0.3)As at a thickness of 35 atoms per atomic column and de-
tector angles of 70–280 mrad (Fig. 4). With the proposed method, the
thickness is determined correctly for 92% of 49 group III atomic col-
umns which leads to a composition determination that is correct in 33%
of the group III atomic columns. The overall deviation of the compo-
sition is 4 In atoms for 495 In atoms contained in the super cell. If the
thickness is known correctly for every atomic column the composition
is determined correctly for 33% of the group III atomic columns and a
deviation of 4 In atoms results which is dictated by the statistical nature
of composition determination. Hence, the same accuracy is reached
with the method proposed.

For now, it is concluded that the method introduced allows us to
determine thickness and composition of the atomic columns shown in
the simulated STEM images with good accuracy.

6. Influence of detector range and specimen thickness

To get a more comprehensive understanding of the method de-
scribed, the influence of the detector range employed and of specimen
thickness is investigated in a simulation study. For this purpose, the
proof of principle described for the simulated STEM image above in
detail is performed for the GaAs0.94Bi0.06 super cell but with varying
thickness and images recorded with different virtual detector ranges.

Specimen thicknesses range from 10 to 35 atoms per atomic column
in steps of 5 atoms per atomic column while for every thickness inner
detector angles from 30 mrad to 100 mrad in steps of 10 mrad were
evaluated. The outer detector angle was chosen as four times the inner
detector angle which corresponds to the geometry of the detector used
in this work. A maximum simulation angle of 300 mrad was chosen
since intensity scattered to higher angles hardly affects the intensity
finally collected by the detector because of the −θ 4 dependency of the
scattered intensity.

For each thickness-detector configuration, we evaluated the total
deviation of Bi atoms between determined and real composition and the
percentage of correctly determined columns for both composition and
thickness.

In a first step, for a given thickness of 30 atoms per atomic column

Fig. 2. (a) Simulated STEM image of GaAsBi
containing 6% Bi at a thickness of 30 atoms per
atomic column. (b) Thickness of group V
atomic column determined initially via the
group III sub lattice and comparison of Voronoi
intensities to simulations. (c) Bi composition
determined at the thicknesses shown in (b) by
comparing to intensity composition relation-
ships. (d) Deviation of determined composition
shown in (c) to the real composition of the
super cell. When comparing STEM image in (a)
and column representations in (b)–(d) note
that only group V atomic columns are shown
and edge regions of the image are excluded.
(For interpretation of the references to color in
this figure legend, the reader is referred to the
web version of this article.)

Fig. 3. Thickness (a), Bi composition (b) and deviation to the real composition (c) for the same simulated STEM image shown in 2(a) after applying the proposed
method for thickness and composition determination with 3 cycles. (For interpretation of the references to color in this figure legend, the reader is referred to the web
version of this article.)
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the influence of the detector range is evaluated. The results are shown
in Fig. 5(a) for the total deviation of Bi atoms and the percentages of
correctly determined atomic columns. With increasing inner detector
angle from 30 mrad to 70 mrad, the total deviation to the real com-
position tends to zero while the number of correctly determined col-
umns increases for both thickness and composition. For inner detector
angles of 70 mrad and 80 mrad, thicknesses are determined correctly
for almost every atomic column while this leads to the composition
being determined correctly in almost 80% of the cases. The total de-
viation of the composition is 2 Bi atoms for both detector ranges. In-
creasing the inner detector angle leads to a decline in correctly de-
termined atomic columns and an increase in the deviation. Hence,
experimentally one should aim to work with an inner detector angle of
70–80 mrad for the given thickness of 30 atoms per atomic column.

Secondly, it is investigated whether the proposed method is working
for every thickness range. Thicknesses are investigated up to 35 atoms

per atomic column. Up to this thickness, for the given super cell size
edge effects can be excluded. In Fig. 5(b), the absolute total deviation
between the real and the determined Bi composition together with the
percentage of correctly determined atomic columns for both thickness
and composition is shown. For very thin samples up to 20 atoms per
atomic column composition and thickness can be determined correctly
for (almost) every atomic column, whereas this percentage decreases
with increasing thickness afterwards. However, up to a thickness of 30
atoms per atomic column the total composition can be deduced accu-
rately with a deviation of only 2 Bi atoms, at most. For a thickness of 35
atoms per atomic column, the deviation to the real composition in-
creases to 7 Bi atoms and the percentage of correctly determined col-
umns drops to 73% while the thickness is determined for 94% of the
atomic columns. However, with 2835 group V atoms and 163 Bi atoms
in the super cell the absolute concentration deviation is only 0.2%.

Hence, for all investigated thicknesses the proposed method works

Fig. 4. STEM image of (Ga0.7In0.3)As for a
thickness of 35 atoms per atomic column (a),
together with the thickness (b), the composi-
tion (c) and the deviation to the real compo-
sition (d) determined by applying the proposed
method. When comparing STEM image in (a)
and column representations in (b)–(d) note
that only group III atomic columns are shown
and edge regions of the image are excluded.
(For interpretation of the references to color in
this figure legend, the reader is referred to the
web version of this article.)

Fig. 5. Detector angle dependency of the pro-
posed method for a super cell of Ga(AsBi) with
6% Bi and a thickness of 30 atoms (a).
Thickness dependency of the proposed method
for the same super cell (b). In a simualtion
study, the deviation of the total Bi composition
determined to the real composition of the
super cell (black) and the fraction of group V
atomic columns for which the composition
(red) and the thickness (blue) were determined
correctly were analysed. (For interpretation of
the references to color in this figure legend, the
reader is referred to the web version of this
article.)
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accurately for the total composition but the local accuracy decreases.
The thickness of every atomic column can be determined with 99%
accuracy up to a thickness of 30 atoms per atomic column. For taking
experimental STEM images, working in specimen regions with a
thickness of 35 atoms per atomic column (∼20 nm) is possible de-
pending on the goal of the investigation. If one is interested in high
local accuracy for the composition determination in contrast to more
global information, thinner specimens have to be investigated. This has
to be considered for sample preparation but is definitely achievable
experimentally.

7. Application to experimental STEM image

The proposed method was also applied to an experimental STEM
image of a Ga(AsBi)-QW with GaAs barriers grown on a GaAs substrate
for which the composition is known from HR-XRD measurements. For
acquiring the STEM image, the detector range was chosen as
67–268 mrad which is in agreement with the optimal detector range
determined by the simulation study above. Additionally, we aimed for a
specimen thickness below the upper limit of 20 nm which was also
ascertained above.

The STEM image of the Ga(AsBi)-QW is shown in Fig. 6(a) already
being normalized to the impinging electron beam. Here, the Ga(AsBi)-
QW is on the left side of the image while on the right side GaAs is
present. The small field of view due to high magnification is sufficient
since no binary reference material is needed on both sides of the QW.
The method proposed was applied with 15 thickness-composition re-
finement cycles to this image. The resulting thickness map is shown in
Fig. 6(b). As can be seen, the thickness of the atomic columns ranges

from 26 to 31 atoms per column and therefore is below the thickness
limit of 35 atoms per atomic column discussed before. Using this
thickness map for composition determination, the composition map
presented in Fig. 6(c) was retrieved. For the composition determination,
the intensity composition relationships were extrapolated to negative
compositions of Bi both for on- and off-column relationships to take into
account the possibility of experimental noise. Resulting compositions
range from −1 to 6 Bi atoms per atomic column clearly showing that
the QW just begins on the left side of the image and that there is GaAs
on the right side of the image. Within the QW, also clustering of Bi
atoms is apparent which was reported for this material system before
[8].

By averaging over the lattice planes in the vertical direction, i.e.
parallel to the interface, a composition profile of the Ga(AsBi)-QW is
generated. To take into account the differing thickness of atomic col-
umns and enable a comparison, Bi composition is given as concentra-
tion. The resulting concentration profile is shown in Fig. 6(d) (red
profile). Here, it has to be noted that the shaded region does not show
the error of the composition determination but rather the standard
deviation of the concentration along one lattice plane that contains 34
atomic columns in the present case. Additionally, the concentration
profile that would result from an initial thickness and composition
determination without applying the refinement steps is given (blue
profile). Finally, also the concentration profile obtained by HR-XRD is
shown in Fig. 6(d) (black profile). A comparison between the final
concentration profile obtained and the box-like concentration profile
obtained by HR-XRD with a QW width of 7.2 nm and a Bi concentration
of 5.8% yields a very good agreement and therefore confirms the va-
lidity of the method also experimentally. In contrast, the concentration

Fig. 6. Application of the proposed method to
an STEM image of a GaAsBi-QW grown by
MOVPE. The STEM image (a) shows the
GaAsBi-QW on the left and GaAs barrier on the
right. Thickness map (b) after 15 iterative cy-
cles. Composition map (c) for thicknesses
shown in (b). The QW is clearly distinguish-
able. Concentration profile (d) of the initial
(blue) and final (red) composition determina-
tion together with its standard deviation
within one lattice plane (shaded red). For
comparison reasons, also the concentration
profile as determined by HR-XRD (black) is
shown. (For interpretation of the references to
color in this figure legend, the reader is re-
ferred to the web version of this article.)
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profile resulting from the initial composition determination distinctly
differs from the HR-XRD profile and the final concentration profile and
underestimates the Bi concentration due to overestimating the thick-
ness of the atomic columns.

8. Discussion

In the following, the proposed method and its application is dis-
cussed regarding several aspects. This starts with the method in general
and its statistical character as well as its accuracy. Then the best ima-
ging conditions for a successful composition determination and the
experimental results are explained.

The proposed method was developed out of the need for an accurate
knowledge of the thickness of every atomic column in order to de-
termine its thickness. As was shown in [33], already a difference be-
tween the assumed thickness and the real thickness of one atom per
atomic column leads to an incorrect composition determination in most
cases. Hence, a correct knowledge about the thickness is crucial to
determine the composition with atomic accuracy and avoid making
assumptions of the thickness in the region with unknown composition
[9,30,33]. Furthermore, the method proposed works with only one
STEM image detected for one detector range in comparison to the an-
gular resolved STEM ansatz [32] that detects composition and thickness
characteristic scattering at different angular ranges.

Cross-scattering limits the use of the sub lattice with constant
composition in ternary III-V semiconductors for thickness determina-
tion to very small thicknesses (10–15 atoms per atomic column in the
case of Ga(AsBi)) as for these the influence of cross scattering is mar-
ginal. For the proposed method, it is this existence of cross-scattering
that is exploited by reading this information from image simulations.
These image simulations are at the heart of simulation-based quanti-
tative STEM analysis and therefore an exact modeling of probe, spe-
cimen and detector is necessary. By using the iterative composition and
thickness determination described above, an ensemble of a cohesive
thickness and composition configuration can be found.

Thereby, the composition determination has a strong statistical
character as discussed in detail in [33]. For a given thickness, for every
quantity of substitute atoms in an atomic column an intensity dis-
tribution arises due to different possible z-configurations of these sub-
stitute atoms, i.e. z-heights with respect to the impinging beam. These
intensity distributions have a certain overlap depending on material
system, specimen thickness and number of substitute atoms. However,
for the evaluation these intensity distributions are only represented by
mean values that inherently lead to errors in composition determina-
tion for extremal z distributions. For example, atoms placed on top of
the column will have a higher intensity than the mean intensity for this
composition and vice versa. Nonetheless, on average this composition
determination still yields the correct value given a large enough value
of atomic columns to evaluate. For the simulation study presented
above, only 81 atomic columns out of one super cell were evaluated but
for experimental images there are typically several thousand atomic
columns within one image (1098 group V atomic columns in the ex-
perimental STEM image used). Hence, the statistically determined
mean value for the composition is still correct.

The percentage of atomic columns for which the composition is
determined correctly, i.e. the exact number of substitute atoms in that
column, decreases with increasing thickness since with increasing
thickness there are more possibilities to arrange a given number of
substitute atoms within one column and overlap between the resulting
intensity distributions increases. This decreasing percentage of atomic
columns for which the composition can be determined correctly also
leads to a decreasing percentage of atomic columns for which the
thickness can be determined correctly. The thickness determination
depends on the average NN composition that is not correct anymore.
Hence, the thickness is not correct anymore which then leads to a
wrong composition of that atomic column as the thickness is crucial.

This explains why the performance of the method proposed decreases
with increasing thickness as found in the simulation study.

Therefore, the statistical character of the experimental method
prevents a correct composition determination of every single atomic
column whereas the overall composition is determined correctly given a
large enough number of atomic columns. These effects are then ex-
aggerated for the simultaneous thickness and composition determina-
tion as these two characteristics are strongly mutually dependent.

The fact that the composition of an atomic column is not determined
correctly for 100% of the atomic columns also leads to the necessity to
assess the accuracy of the present method. As previously explained, this
accuracy depends on the overlap of the intensity distributions that for a
given material system increases both with increasing thickness and
composition. Hence, these three factors have to be considered when
determining the accuracy of the proposed method. One way to assess
this accuracy is an evaluation of the results of the simulation study. For
the super cell with a Bi concentration of 6% (140 Bi atoms of 2430 total
group V atoms) and a thickness of 30 atoms per atomic column that
closely resembles the experimentally investigated QW, the detailed
evaluation performed above yielded deviations of ± 1 Bi atom for
22% of the atomic columns while for 78% of the atomic columns the
composition was determined correctly. Since the Bi atoms were statis-
tically distributed within the super cell, this value of 78% correctly
determined atomic columns and an error ± 1 Bi atom for the re-
maining atomic columns can be assumed to reflect the accuracy of the
given combination of material system, thickness, and composition.

The influence of the material system on the accuracy of composition
determination manifests itself through the difference in atomic number
between the matrix atom and the substitute atom replacing it.
Therefore, Ga(PBi) would give a more accurate composition determi-
nation than Ga(AsBi), whilst Ga(AsSb) would be less accurate. For
thickness determination, it would be the other way around. For Ga(PBi)
the thickness determination is expected to perform worse than for Ga
(AsBi), while Ga(AsSb) is expected to yield more accurate results.

The concentration itself is also influencing the accuracy of compo-
sition determination and therefore also the accuracy of the proposed
method. If the amount of both the substitute and the matrix atom is
equal, i.e. a concentration of 50%, the number of possible arrangements
of these atoms within an atomic column is highest. Therefore, the sta-
tistically determined composition determination performs worst for this
concentration and this also converts to the proposed method.

However, these material system and concentration considerations
are only of a theoretical nature since most of the time the material
system to investigate is technologically dictated. Hence, the only re-
maining “free parameter” is the specimen thickness that is measured at.
Then, the optimum thickness becomes a matter of specimen preparation
and in particular the amorphous layers emerging during it.

The best detector range for simultaneous thickness and composition
determination is determined by the potential to detect both the matrix
and the substitute atom. Generally, atoms with higher atomic number
scatter electrons to higher angular ranges while atoms with lower
atomic number like N mostly scatter to a lower angular range [32].
Since the total atomic number of one atomic column increases with
thickness the best detector range for composition determination also
depends on thickness. This was also found for atom counting [46]. A
detailed analysis of the best imaging conditions for composition de-
termination will be done in future work. For now, it is stated that the
choice of the detection range is highly influential and offers great po-
tential for future optimization and application.

The experimental results that were obtained considering the opti-
mized angular range and thickness for STEM measurements are in very
good agreement with the HR-XRD results. For these HR-XRD results, it
has to be considered that HR-XRD yields only box-like concentration
profiles that do not reflect the real concentration profile due to non-
abrupt interfaces and non-constant concentration within the QW.
Taking this into account, the composition profiles obtained by STEM
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investigations give a more detailed description even in 2D and fur-
thermore, closely resemble the concentration profile assumed for HR-
XRD.

The 2D composition map also reveals clustering effects for Bi atoms
in Ga(AsBi) that have also been found before [8] and can be confirmed
for this sample by considering the absolute atomic numbers for the
composition.

Negative composition values for an atomic column are allowed with
the purpose of taking into account the experimental noise present in the
STEM image that will lead to intensity values that would belong to
these negative compositions. Not allowing these negative compositions
would bias the average concentration of one lattice plane to higher
concentrations which is especially important for binary material where
the average concentration of the substitute atom should be zero.

Locally, the experimental noise causes composition values of −1 Bi
atoms and therefore gives a good estimation of the loss of accuracy that
must be considered in addition to the inherent accuracy of the method
of ± 1 Bi atoms for the given material system, composition and
thickness.

The magnitude of experimental noise for a lattice plane can be de-
tected within the binary material. Here, the standard deviation of the
concentration within one lattice plane can be solely attributed to ex-
perimental noise since there are no composition fluctuations in binary
material. In contrast, the higher standard deviations of concentration
within one lattice plane within the Ga(AsBi)-QW is a combination of
experimental noise and real composition fluctuations that are further
increased by the clustering effects detected.

Non-zero average concentrations of the substitute atom within the
binary matrix have been attributed to the presence of amorphous layers
before [33]. There, the concentration of the substitute atoms for spe-
cimens prepared by conventional sample preparation and final treat-
ment with a precision ion polishing system with an ion energy of 1.2 kV
was substantially higher than 1%. Here, improved specimen prepara-
tion by using the NanoMill TEM specimen preparation system with ion
energies of 900 V could decrease the non-zero concentration as the Bi
concentration detected in the GaAs barrier is −0.4%. This supports the
argument that indeed the amorphous layers due to specimen prepara-
tion are responsible for non-zero concentrations of the substitute atom
in the binary region. Hence, it is expected that further improvement of
specimen preparation, i.e. the use of even lower ion energy and the
reduction of the amorphous layers will bring the concentration of the
substitute atom even closer to zero.

9. Summary

We showed a method to determine the thickness and composition of
ternary III-V semiconductors on an atomic scale while aiming for single-
atom accuracy. The statistical character of the experimental method
allows this single-atom accuracy only for a certain fraction of atomic
columns but looking at a high number of atomic columns an accurate
overall composition determination is possible. In a simulation study, a
proof of principle was given and the best detector range for image ac-
quisition as well as limiting specimen thickness was investigated. When
applying the method to an experimental STEM image excellent agree-
ment with HR-XRD composition measurements was found.
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A B S T R A C T

Quantitative scanning transmission electron microscopy (STEM) is a powerful tool for the characterization of
nano-materials. Absolute composition determination for ternary III–V semiconductors by direct comparison of
experiment and simulation is well established. Here, we show a method to determine the composition of qua-
ternary III–V semiconductors with two elements on each sub lattice from the intensities of one STEM image. As
an example, this is applied to (GaIn)(AsBi). The feasibility of the method is shown in a simulation study that also
explores the influence of detector angles and specimen thickness. Additionally, the method is applied to an
experimental STEM image of a (GaIn)(AsBi) quantum well grown by metal organic vapour phase epitaxy. The
obtained concentrations are in good agreement with X-ray diffraction and photoluminescence results.

1. Introduction

Scanning transmission electron microscopy (STEM) emerged as an
excellent tool for the quantitative analysis of nanostructures at atomic
scale. In particular, annular dark field (ADF) STEM is established for
composition determination of semiconductor compounds. This in-
formation is essential to support the development of new semi-
conductor devices.

Composition determination on an absolute scale can be achieved by
comparison of experimental results to complementary image simula-
tions. For these simulations, a precise modelling of the electron probe,
the specimen, their interaction and the detector characteristics is ne-
cessary. Past developments made excellent agreement between ex-
periment and simulation possible [1–3].

For material systems with one unknown substitute element, com-
position determination by ADF-STEM was demonstrated frequently
[4–7] and showed good agreement to other methods, e.g. high resolu-
tion x-ray diffraction (XRD), but superior lateral resolution. Particu-
larly, ternary III-V semiconductors were investigated. Obtained con-
centration profiles can be used to analyse further characteristics of the
material system, e.g. surface segregation [8].

For material systems with two substitute elements, i.e. quaternary
III–V semiconductors, several methods were considered. By analysing a
single XRD measurement of the quasi-forbidden (002)-reflection, Tilli
et al. determined the composition of Ga(NAsP) [9]. Grillo et al. com-
bined the measurement of lattice distortions from high resolution

transmission electron microscopy (HR-TEM) and (002) dark field TEM
reflections to analyse the composition of (GaIn)(NAs) on a nanometre
scale [10]. With atomic resolution, Grieb et al. determined the com-
position of (GaIn)(NAs) by evaluating high angle ADF-STEM intensity
and strain state yielding good agreement to XRD results [11]. Ad-
ditionally, there are more TEM studies of (GaIn)(NAs) by Müller et al.
evaluating strain and contrast in TEM two-beam images [12] and using
three-beam TEM lattice fringe images [13]. Duschek et al. proposed a
method to determine the composition of Ga(NAsP) from several ADF-
STEM images taken at different detector angles [14]. The atomic len-
sing model can also analyse the composition of mixed atomic columns
[15,16]. Recently, Balades et al. pointed out the importance of cross
talk for an intensity based composition evaluation of ADF-STEM images
[17].

Here, we propose a method to determine the composition of qua-
ternary III–V semiconductors with two elements on each sub lattice. It is
applied to (GaIn)(AsBi) which is a promising material for optoelectronic
applications. The method works with a single ADF-STEM image and
utilizes the cross talk and knowledge about it from image simulations.

The feasibility of the proposed method is proven by the application
to a simulated ADF-STEM image for which the composition is fully
known. In a simulation study, the influence of detector angles and
specimen thickness is evaluated. Then, the composition of (GaIn)(AsBi)
quantum wells (QWs) grown on GaAs by metal organic vapour phase
epitaxy (MOVPE) is determined from a high resolution ADF-STEM
image. The obtained concentrations are compared to XRD and
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photoluminescence (PL) results. Finally, the results are discussed.

2. Experimental

Growth of the sample is conducted at 400 °C and a reactor pressure
of 50 mbar in a MOVPE machine with horizontal reactor system
(Aixtron AIX 200). H2 is used as carrier gas for the precursors trie-
thylgallium (TEGa), trimethylindium (TMIn), tertiarybutylarsine
(TBAs) and trimethylbismuth (TMBi) as Gallium (Ga), Indium (In),
Arsenic (As) and Bismuth (Bi) sources, respectively. Flow modulated
epitaxy (FME) is utilized to deposit the quaternary (GaIn)(AsBi) QW
structure with three QWs on s.i. GaAs (001) substrates. Bi and In are
pulsed separately for 2 s each without a break in between while GaAs is
grown continuously. A growth interruption is established to increase
the temperature to 550 °C in order to grow the GaAs barrier. XRD
measurements around the (004) reflection are carried out to determine
the strain of the quaternary layer. To determine the composition of the
quaternary layer, a second information is needed since Bi and In both
contribute to the compressive strain. Therefore, PL is performed in
order to determine the energy gap. Bi shows a stronger influence on
strain and band gap energy than In which makes it possible to de-
termine the composition. For the given strain, a set of compositions can
be calculated. From these compositions, the corresponding band gap
energies are calculated based on tight binding theory simulations [18].
Finally, the calculated band gap energies are fitted to the experimental
ones to extract the correct composition of the quaternary layer. More
details of the growth of this quaternary material system and the com-
position determination by XRD and PL can be found in [19].

Using a dual beam focused ion beam scanning electron microscope
(FIB-SEM) machine (JEOL JIB 4601F), a cross-sectional TEM lamella of
this sample is prepared in [010] direction. The energy of the Ga ion
beam is gradually decreased from 30 kV to 10 kV. After this FIB pre-
paration, the specimen thickness is approximately 100 nm.
Subsequently, the specimen is further thinned using a NanoMill TEM
specimen preparation system (model 1040, E. A. Fischione Instruments,
Inc., Export, PA, United States) [20] with milling energies of the Ar ions
gradually decreasing from 900 eV to 500 eV. This milling is performed
under an angle of ± 10∘. Directly before the STEM investigations,
plasma cleaning of the sample is performed.

For STEM investigations, a double Cs-corrected JEOL JEM2200FS
(JEOL Ltd., Tokyo, Japan) is employed at an acceleration voltage of
200 kV. A condenser aperture with a diameter of 40 µm results in a
convergence semi-angle of =α 21.3 mrad. Scattered electrons are de-
tected by the JEOL EM-24590YPDFI dark-field image detector at an
angular range of 67–268 mrad. The inner angle is determined by
measuring the shadow of the detector on a CCD camera and the outer
angle is four times the inner angle. The hexapoles of the imaging cor-
rector are switched off to avoid the cut-off in the diffraction plane in-
troduced otherwise [21]. To reduce sample drift and scan distortions,
ten images with dwell times of 3 µs are averaged using the software
SmartAlign [22]. Normalisation of STEM intensities to the impinging
beam is done with a beam image on a CCD camera [23].

3. STEM image simulations

For quantitative evaluation of STEM image intensities, com-
plementary image simulations are used. These are conducted by the
software STEMsalabim [24] which is based on the multi-slice algorithm
by Kirkland [25] and optimized for highly parallelized computing on
high-performance clusters. Thermal diffuse scattering is taken into ac-
count by the frozen phonon approximation [26] while the influence of
chromatic aberration is included via a defocus series [27] of seven
different defoci being centred at =Δf 0 nm with a full width half
maximum of 7. 5 nm. The non-uniform detector sensitivity is taken into
account after conducting a detector scan [1,4,5,28]. The effect of finite
source size is considered by a Lorentzian convolution [3] whereby the

width of this Lorentzian convolution is carefully adjusted to the ex-
periment as described in [7]. All parameters for image simulation are
chosen in accordance to experimental values and are summarized in
Table 1.

Ga1-xInxAs1-yBiy super cells with sizes of 5× 5×80 unit cells are
created resembling all possible compositions for x=0–0.6 and
y=0–0.2 in steps of 0.05. In and Bi atoms are randomly distributed
within the respective super cells while the overall composition was
fixed to the value given. The effect of static atomic displacements is
considered by valence force field relaxation using a Keating potential
[29].

4. Method

In this section, the method developed to determine the composition
of quaternary III–V semiconductors with two elements per sub lattice is
described in detail.

First, the width of the Lorentzian convolution used to consider the
finite source size [3] has to be determined as this parameter is used for
evaluation of all image simulations following. For this, a barrier region
with a material of known composition is needed. An averaged unit cell
is calculated for this region. From this averaged unit cell, the thickness
can be determined by comparison of the average intensity to the
average intensity of an average simulated unit cell of the same com-
position. At this thickness, the width of the Lorentzian convolution can
then be identified by matching both average unit cells as closely as
possible in 2D. This procedure is also described in more detail in [7].
For all simulations following hereafter, this width is used for the Lor-
entzian convolution. For the simulation study, a reasonable value of

=σ 50 pm is chosen while for the experimental image evaluated later
=σ 55 pm is determined.
To determine the composition of a specific column, a measure of its

intensity is needed. For this, Voronoi intensities [5] are assigned to
every atomic column. These are chosen since they limit the influence of
surface relaxation that can drastically alter the intensity in STEM
images of semiconductor heterostructures [30,31]. Voronoi intensities
are used for both experiment and simulation.

To be able to determine the composition of an atomic column, it is
crucial to know its thickness. This is done by using a region of known
composition, i.e. the barrier, and by interpolating the determined
thickness from here to the region of unknown composition [4,5]. This is
necessary since the composition of both sub lattices changes. The
thickness gradient is modelled by a plane.

The thickness in the region of known composition is determined by
comparison of the Voronoi intensities of both sub lattices to simulated
Voronoi intensities of a super cell with the same composition. By
finding the best fitting intensity, the thickness is fixed for every atomic
column and can then be interpolated to atomic columns of unknown
composition [5]. Thicknesses are determined as total number of atoms
in a specific column.

Knowing the thickness of every atomic column, one can then eval-
uate all simulations with varying compositions at the present thick-
nesses. For every present thickness, for every atomic column the com-
position of this column, the composition of neighbouring atomic
columns and the Voronoi intensity is evaluated. Since the STEM images

Table 1
Parameters for STEM image simulations in ac-
cordance to the microscope at hand.

Electron energy 200 kV
Aperture angle 21.3 mrad
Astigmatism 0 nm
CS 2 µm
C5 5 mm
CC 1.5 mm
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are taken in [010] direction, every atomic column has four next
neighbour (NN) atomic columns that are belonging to the other sub
lattice. This means that for every group III atomic column the number
of In atoms in this atomic column, the average number of Bi atoms
within the four NN group V columns (which can therefore feature
quarter atoms) and the Voronoi intensity is evaluated. For group V
atomic columns, the analogous procedure is done for Bi atoms in that
column and average number of In atoms within NN atomic columns.
Because of the statistical distribution of substitute atoms within the
super cells, a wide range of different neighbourhoods is present for
every composition.

These data are shown in Fig. 1 for a thickness of 25 atoms per
atomic column, a detector range of 70–280 mrad and a width for the
Lorentzian convolution of =σ 50 pm. In Fig. 1(a), the Voronoi intensity
of group III atomic columns is illustrated depending on the number of In
atoms in that column and the average number of neighbouring Bi
atoms. Correspondingly, Fig. 1(b) shows this relationship for the group
V lattice with Bi atoms and neighbouring In. One can see that for the
given material system (GaIn)(AsBi) the Voronoi intensity increases with
increasing number of In and Bi atoms in the respective column as well
as with increasing average number of In and Bi atoms in the neigh-
bourhood. As expected for Z-contrast images, the dependence of the
Voronoi intensity on the number of Bi atoms is higher than on the
number of In atoms for both in-column and NN atoms. This is made use
of later on.

Now one has a certain Voronoi intensity distribution for every value
pair of number of in-column atoms and average number of NN atoms.
This originates from the different z-height distributions of substitute
atoms in atomic columns due to the statistical distribution of substitute
atoms within the super cells. To ascertain an average Voronoi intensity
for every value pair of number of in-column atoms and average number
of NN atoms, polynomial planes of second degree are fitted to the data.
A polynomial relationship of second degree emerged as the most rea-
sonable approximation.

If there are at least 10 data points for one value pair, the mean
Voronoi intensity is assigned. Otherwise the value of the fitted plane is
used. This ascertains the consideration of a minimum amount of pos-
sible z-height configurations.

The resulting relationships between Voronoi intensity, number of
in-column atoms and average number of NN atoms are shown in
Fig. 2(a) and (b) for group III and group V atomic columns, respectively.
The sampling of this data space is set to one atom for the in-column
composition and a quarter atom for the average NN composition.

The actual composition determination is then done in several steps.

During the whole process, for every atomic column the intensity com-
position relationship for the atomic column's thickness has to be em-
ployed.

In a first step, the composition is determined for one sub lattice
only. Here, one should use the sub lattice for which the dependence of
the Voronoi intensity on the composition of the substitute atom is
higher. In the case of the given material system (GaIn)(AsBi), this is the
group V lattice containing Bi atoms. Hence, for the group V lattice the
composition is determined without considering influences of neigh-
bouring atomic columns on the Voronoi intensity. This means that only
the data of the intensity composition relationship for the group V
atomic columns are taken, where no NN In atoms are present. For these,
the number of Bi atoms in the group V atomic columns is then set by
comparing the simulated Voronoi intensities to the experimental one.

In the next step, the composition of the other sub lattice which is the
group III lattice in this case is determined. For this, for every group III
atomic column the In composition is determined by considering the
average NN Bi composition just determined and using only this data
from the intensity composition relationship for the group III lattice.
Then, the In composition of every atomic column is found by comparing
experimental and simulated Voronoi intensities.

Afterwards, the Bi composition of the group V atomic columns is
refined analogously by considering the NN In composition and finally
this step is performed one more time for the In composition of the group
III atomic columns by considering the NN Bi composition of the group V
lattice.

The last two steps can be performed iteratively.

5. Application to simulated STEM images

To show that the method described above is actually working, it is
tested for a simulated STEM image. For this, the simulated super cell
and its composition are fully known for every atomic column. The
chosen super cell contains 5% of Bi and 5% of In on average while the
substitute atoms are randomly distributed on the respective sub lattice.
A thickness of 25 atoms per atomic column is chosen with the image
being generated by a virtual detector with inner and outer detection
angle of 70 and 280 mrad, respectively. Finally, a width of =σ 50 pm
for the Lorentzian convolution is applied. The resulting STEM image is
shown in Fig. 3(a). Different intensities of the atomic columns can be
clearly distinguished due to their different composition.

The thickness of every atomic column is treated as already known so
for every column the correct thickness of 25 atoms per atomic column is
used. With the intensity composition relationships shown in Fig. 2 the

Fig. 1. Voronoi intensities depending on in-column and NN composition (simulated reference data). All group III (a) and group V (b) atomic columns are evaluated
for the simulated super cells at a thickness of 25 atoms per atomic column and for a detector range of 70–280 mrad.
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composition for every atomic column can be determined. The resulting
composition map after two composition determination cycles is shown
in Fig. 3(b) while the deviation to the real composition of every atomic
column is shown in Fig. 3(c). As can be seen, the deviation to the real
composition is ± 1 atoms per atomic column at most while there are
up to 5 substitute atoms contained in one column in reality. This leads
to a total deviation of −2 In atoms to the overall In composition of 65
In atoms and a total deviation of −1 Bi atoms to the overall Bi com-
position of 63 Bi atoms. For 85% of the atomic columns, the composi-
tion is determined correctly.

Hence, an accurate composition determination is possible for the
given super cell. A perfect composition determination is not possible
since the z-height distribution of the substitute atoms inside an atomic
column influences its Voronoi intensity which leads to an intensity
distribution for the same composition of an atomic column while only a
mean intensity value can be used for the evaluation. This is discussed in
more detail below.

To explore possibilities and limitations of the proposed method, it is
also applied to a range of different detector angles and super cell
thicknesses. By this, the best detector range can be found and the in-
fluence of specimen thickness can be determined.

The inner detector angle is varied from 50 to 100 mrad in steps of
10 mrad while the outer detector angle is chosen as the minimum value
of four times the inner detector angle which is the detector geometry for
the microscope at hand and 300 mrad which is the maximum value
simulated. Above 300 mrad the change of the total signal is rather

small. For a thickness of 25 atoms per atomic column, the influence of
the detector angles is illustrated in Fig. 4(a). For small inner detector
angles, the Bi composition is underestimated first while with increasing
inner detector angle also the determined Bi composition is increasing.
An optimum is reached at 70 mrad but afterwards the Bi composition is
underestimated again. The In composition is also underestimated first,
reaches its lowest deviation at an inner detector angle of 70 mrad and is
underestimated for higher inner detector angles. The percentage of
atomic columns for which the composition is determined correctly also
has its highest value (85%) at an inner detector angle of 70 mrad while
other detector angles give worse results.

Hence, for taking experimental images at the given thickness one
should aim to work with an inner detector angle of 70 mrad resulting in
an outer detector angle of 280 mrad for the evaluated detector geo-
metry. It is found that the optimum inner detector angle increases with
increasing specimen thickness.

Furthermore, the thickness of the super cell has been varied from 10
atoms to 35 atoms per atomic column in steps of 5 atoms. The eva-
luation stops at a thickness of 35 atoms per atomic column since the
limited edge exclusion in the STEM image leads to edge effects beyond
this thickness. These edge effects are caused by the self-interference of
the convergent electron beam in the finite size of the simulated super
cell.

For each thickness, the smallest deviation to the real composition is
found in dependence of the detector range. The resulting dependence of
the performance of the method on the specimen thickness is shown in

Fig. 2. Intensity composition relationships for group III (a) and group V (b) atomic columns drawn from the data shown in Fig. 1 (simulated reference data at
thickness of 25 atoms per atomic column). A polynomial fit was used to account for missing statistics. Otherwise the mean intensity for a composition and its NN
composition is chosen.

Fig. 3. Proof of feasibility with simulated STEM image of Ga0.95In0.05As0.95Bi0.05. The STEM image (a) was used to determine the composition (b) by the method
described. Here, squares indicate group III atomic columns, while circles indicate group V atomic columns. The deviation to the real composition of the super cell is
shown in (c). When comparing STEM image and compositions, take into account that edge columns are removed due to unclosed Voronoi cells and wrong NN
relationships.
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Fig. 4(b).
For thicknesses of 10 to 25 atoms per column, the total composition

of In and Bi can be determined with very good agreement and devia-
tions of 3 atoms maximum while the composition is determined cor-
rectly for more than 80% of the atomic columns.

At a thickness of 30 atoms, the Bi composition is underestimated by
11 atoms (80 Bi atoms and 1800 total group V atoms in the super cell)
and for the In composition the deviation increases to 5 In atoms with 86
In atoms (1800 total group III atoms) contained in the super cell.
Additionally, the percentage of correctly determined columns drops to
69%.

At a thickness of 35 atoms, for 62% of the atomic columns the
composition is determined correctly and the Bi composition is under-
estimated by 18 atoms (91 Bi atoms and 2240 total group V atoms)
while the In composition is overestimated by 8 atoms (96 In atoms and
2240 total group III atoms).

This thickness dependence means that for experimental investiga-
tions the most accurate results are achieved for thin samples with a
thickness below 25 atoms per atomic column (∼15 nm) for the case of
(GaIn)(AsBi) which is possible to reach during sample preparation.

6. Application to experimental STEM image

Having proven that the proposed method is actually capable to
determine the composition of quaternary (GaIn)(AsBi) from its HAADF-
STEM image, it is applied to an experimental STEM image. The in-
vestigated material system is a (GaIn)(AsBi)-QW grown on GaAs by
MOVPE. As found in the simulation study, the combination of thickness
and detector range has to be chosen appropriately in the experiment.
This is considered when acquiring the experimental STEM image shown
in Fig. 5(a). Due to the dominant Z-contrast, the quaternary (GaIn)
(AsBi)-QW in the centre of the image can be clearly distinguished from
the binary GaAs regions. Following the method introduced above, the
thickness is determined for every atomic column in the binary GaAs
regions and then interpolated linearly to the quaternary region. The
resulting thickness map is shown in Fig. 5(b). Thicknesses range from
22 to 26 atoms per atomic column. For these thicknesses, the compo-
sition of both In and Bi is determined iteratively as described above
using three cycles. The resulting composition maps for In and Bi are
shown in Fig. 5(c) and (d), respectively. These composition maps only
show one sub lattice each. The In composition ranges from −3 to 8 In
atoms per atomic column while the Bi composition ranges from−1 to 2
Bi atoms per atomic column. Negative compositions are allowed to
consider experimental noise and to account for wrong thickness

assumptions in the region where the thickness is interpolated. These
wrong assumptions are apparent at the transition from one thickness to
another where edges are visible within the composition maps. How-
ever, overall the thickness interpolation is resembling the thickness
trend reasonably as confirmed by the thickness profile shown in
Fig. 5(e). Averaging the compositions of all atomic columns along the
lattice planes while considering the local thickness of each atomic
column yields layer-by-layer concentration profiles. These profiles are
shown in Fig. 5(f). Here, the shaded regions represent the standard
deviation of the concentration across one lattice plane. While In and Bi
growths start simultaneously, In continues to grow longer than Bi. This
is caused by the pulsed growth with In being the last growth pulse.
Averaging the concentrations within the QW, this gives a concentration
of 4.5% In and 1.3% Bi.

With these average concentrations, the XRD diffractogram can be
simulated and is compared to the experimental one in Fig. 6. A good
agreement between both is present. Width of QW and barrier are ad-
justed to give the best agreement of both diffractograms as the QW
width is found to vary locally.

7. Discussion

In this section, the proposed method for composition determination
for quaternary III–V semiconductors with two elements on each sub
lattice is discussed with regards to the general idea, its statistical
character and the attainable accuracy. Furthermore, the best imaging
conditions in terms of detector range as well as the experimental results
are analysed.

The general idea of the method proposed is to make use of the cross-
scattering [32] between the two sub lattices in quaternary III–V semi-
conductors that was also recently highlighted to be very influential
[17]. However, although it might prevent the direct composition de-
termination detailed knowledge about this cross-scattering from image
simulations is utilized to determine the composition in an iterative
manner for each sub lattice separately. For this, the NN atomic columns
are considered as these heavily influence the intensity of neighbouring
atomic columns from the other sub lattice. In this way, a cohesive
composition neighbourhood can be found.

In general, composition determination by comparing experimental
and simulated mean STEM intensities has a strong statistical character
as discussed in detail in [7]. This is caused by the spread in intensities
for a given composition of an atomic column due to different possible z-
height distributions within this atomic column. Consequently, extreme
z-height distributions could be assigned to a different composition

Fig. 4. Simulation study on the influence of detector range (a) and specimen thickness (b) for Ga0.95In0.05As0.95Bi0.05. The total deviation is evaluated for Bi (black
triangle) and In (black circle). Additionally, the percentage of atomic columns for which the composition is determined correctly (red circle) is analysed. The detector
angle study is performed at a thickness of 25 atoms per atomic column while for each thickness the best detector angle is chosen. (For interpretation of the references
to colour in this figure legend, the reader is referred to the web version of this article.)
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based on their intensity. The width of the intensity distribution de-
termines the attainable accuracy of the composition determination and
is influenced by material system, thickness and composition of the re-
spective atomic column. Hence, only for a certain fraction of all atomic
columns the composition can be determined correctly. The capability
for accurate composition determination decreases with decreasing dif-
ference in atomic number between substitute and matrix atom, with

increasing thickness and with increasing number of substitute atoms
per atomic column [7]. The last two aspects reflect the increased
number of possible z-height configurations and consequently the de-
creased uniqueness of Voronoi intensities.

Nonetheless, given a sufficiently high number of atomic columns the
overall composition is determined correctly since statistically positive
and negative deviations from the correct composition for a single
atomic column cancel.

In the case of a quaternary material system, this statistical character
is even more important. The correct composition determination for an
atomic column relies on the correct composition determination of its
neighbouring atomic columns as these are highly influential on each
other's Voronoi intensity. Since even with correct knowledge of the
composition of neighbouring columns only for a fraction of the atomic
columns the composition could be determined correctly, this amplifies
for two sub lattices. The unavoidable wrong composition of some
atomic columns leads to more wrongly determined columns on the
other sub lattice. Thus, for the quaternary case a lower fraction of
atomic columns can be determined correctly.

Additionally, the composition of all 4 NN atomic columns is de-
scribed by the average composition only while there is a large range of
possible z-height distributions for this average NN composition.
However, this effect is weakened by approaching the composition de-
termination separately for each sub lattice under consideration of the
NN composition. Just looking for the most suitable composition based
on comparing the atomic column's intensity with all intensities within
the intensity composition data space does not work.

Despite the influence of increasing thickness, also at a thickness of
35 atoms the overall accuracy is still good. Nonetheless, the fraction of
correctly determined atomic columns decreases so a thinner specimen
allows a more accurate composition determination also locally.

Fig. 5. Experimental results for a (GaIn)(AsBi)-QW between GaAs barriers. In the STEM image, the (GaIn)(AsBi)-QW is distinguishable due to its higher intensity. The
small inset proves the atomic resolution. The thickness of every atomic column (b) is interpolated from the GaAs barriers. Applying the described method gives the In
(c) and Bi composition (d). Profiles are obtained by averaging along the lattice planes. The thickness profile in (e) ensures a reasonable interpolation of the thickness.
The resulting concentration profiles for In and Bi are given in (f). Shaded regions show the standard deviations along one lattice plane.

Fig. 6. Experimental XRD diffractogram and simulated XRD diffractogram for
concentrations obtained by STEM. The width of the three (GaIn)(AsBi)-QWs is
set to 10.4 nm and the barrier width is 48.1 nm.
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An estimation of the local accuracy of composition determination by
the method proposed can be done by means of the simulation study as
here local deviations to the real composition are known. As already
discussed, this accuracy is different regarding on material system,
thickness and composition. It can be assessed for each case separately
with the help of simulations where atoms are statistically distributed
with a fixed mean concentration. For the investigated experimental
example, the accuracy is estimated by evaluating a simulated STEM
image of a super cell with 5% In and 5% Bi at a thickness of 25 atoms
per atomic column and with a detector range of 70 –280 mrad. This
yields deviations in the composition of up to ± 1 atoms per atomic
column for In and Bi. Hence, it can be concluded that this is the ex-
pected local accuracy of the method not considering wrongly assumed
thickness and experimental noise. It has to be stated that this local
accuracy is inherent for using scattering intensities of ADF-STEM ex-
periments.

For an experimental STEM image, the accuracy is worse than this
inherent accuracy of the method since the thickness of each atomic
column has to be known.

In the case of quaternary III–V semiconductors with two elements
on each sub lattice, there is no sub lattice of constant composition that
could be used for local thickness determination [33]. Therefore, a
thickness determination could either be performed by a complementary
method, e.g. convergent beam electron diffraction [34], or has to be
interpolated from a region of known composition [4]. Obviously, this
interpolation leads to local thickness deviations but it is the best pos-
sible solution working with a given ADF-STEM image. These local
thickness deviations are apparent in the composition map for group III
atomic columns (Fig. 5(c)) where the In composition resembles the
pattern of the thickness map. All in all, the thickness assumption is not
correct locally but still a linear interpolation is the best option available
with a single STEM image.

The influence of local thickness deviations is also estimated with the
help of simulations. To this end, the STEM image used for the accuracy
estimation is utilized again. However, the thickness that is assumed for
the evaluation is 24 and 26 atoms per atomic column, respectively. For
an assumed thickness of 24 atoms per atomic column, i.e. an under-
estimation of the thickness by one atom, the composition is determined
correctly for only 26% of the atomic columns resulting in a deviation of
2.0% for the Bi composition and 5.2% for the In composition. For an
overestimation of the thickness by one atom, for 12% of the atomic
columns the composition is determined correctly and a deviation of
−3.2% for the Bi composition and −6% for the In composition results.
These values result if for all atomic columns the thickness is under- or
overestimated. Experimentally, thickness assumptions should be wrong
only locally while the overall trend is correct. Hence, deviations from
wrongly assumed thicknesses cancel since generally composition de-
viations for under- and overestimation of the thickness are expected to
be symmetric [7]. However, due to the limited number of atomic col-
umns evaluated this is not the case for this simulation study.

The influence of wrongly assumed thickness on composition de-
termination is stronger for In than for Bi. This is caused by character-
istics of the material system and the dominant Z-contrast of the HAADF-
STEM imaging mode. Replacing a Ga atom by an In atom increases the
atomic number of that atomic column by 18 while adding or sub-
tracting one Ga atom changes it by 31. For Bi, a substitution leads to an
increase of the atomic number by 50 while an As atom causes a change
of 33. Hence, for In composition determination the thickness is more
influential than for Bi composition determination. This is also reflected
in the experimental results.

The best imaging conditions are determined in a simulation study.
Here, the best detector range is a compromise between detecting the
characteristic scattering of both substitute atoms. Hence, it highly de-
pends on the material system. However, the optimal inner detector
angle increases with increasing thickness. This is in accordance with
results by De Backer et al. for atom-counting. This behaviour is

explained by the non-monotonic increase of scattering cross-sections for
low angle ADF-STEM at small thicknesses. This non-monotonic increase
is caused by coherent contributions [35].

A detailed study on the influence of the detector range on compo-
sition determination will be carried out in separate work. The ex-
ploitation of different angular ranges for detecting characteristic scat-
tering of different elements is promising and offers great potential.

For an experimental application of the proposed method, several
influences are important. Accurate knowledge of all instrumental
parameters is necessary. In particular, these include the electron probe
and characteristics of the detector that have to be taken into account for
image simulations. Additionally, amorphous layers at the surfaces of
the sample are influential. These originate from sample preparation.
Amorphous layers cause a deviation of crystalline and total specimen
thickness experimentally while in the simulations only crystalline ma-
terial is considered. However, crystalline and amorphous material seem
to behave similarly so that the composition determination is still correct
[7]. Since the specimen was treated with low-voltage ion milling, the
amorphous layers are limited here. Therefore, their influence is less
severe than in other cases where the influence is discussed in detail [7].

The accuracy of possible strain measurements is deteriorated by
surface relaxation of the thin TEM specimen [30,31].

With a combination of XRD and PL results, the concentration can
also be determined. There are many theoretical assumptions necessary
for this, e.g. the energetic level of Bi impurities in (GaIn)As. By com-
bining XRD and PL, an In concentration of 3.9 ± 0.4% and a Bi con-
centration of 1.3 ± 0.2% are determined. The STEM results indicate a
slightly higher In concentration which can also explain small deviations
between simulated and experimental XRD. Since thickness is really
influential on composition determination of In, wrong thickness esti-
mations can lead to this slightly higher In concentration.

Additionally, the composition of both In and Bi is fluctuating within
the QW, so that local differences within one QW and between all three
QWs can be present and are then averaged by XRD and PL results.
Contrarily, the STEM image shows only a small field of view.
Nonetheless, STEM offers superior resolution and can reveal the present
clustering effects.

This superior resolution offered by the proposed method can be
obtained for quaternary III–V semiconductors with two elements on
each sub lattice and offers new possibilities for structural character-
ization of these materials.

8. Summary

In this work, we showed a method to determine the composition of
quaternary III–V semiconductors with two elements on each sub lattice
from the intensities of one STEM image for the example of (GaIn)(AsBi).
The method is based on an iterative composition determination of both
sub lattices considering the composition of neighbouring atomic col-
umns. In a simulation study, the feasibility of the method was proven
and confirmed for thicknesses up to 35 atoms per atomic columns. The
detector angles can be optimized to improve the performance. Applying
the method to an experimental STEM image of a (GaIn)(AsBi)-QW gives
good agreement to concentration results obtained by XRD and PL.
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A B S T R A C T   

Quantitative scanning transmission electron microscopy (STEM) allows composition determination for nano-
materials at an atomic scale. To improve the accuracy of the results obtained, optimized imaging parameters 
should be chosen for annular dark field imaging. In a simulation study, we investigate the influence of imaging 
parameters on the accuracy of the composition determination with the example of ternary III-V semiconductors. 
It is shown that inner and outer detector angles and semi-convergence angle can be optimized, also in depen-
dence on specimen thickness. Both, a minimum sampling of the image and a minimum electron dose are 
required. These findings are applied experimentally by using a fast pixelated detector to allow free choice of 
detector angles.   

1. Introduction 

Quantitative scanning transmission electron microscopy (STEM) is a 
valuable tool for the characterization of nanostructures which is sub-
stantial for the development of new technologies. Aberration-corrected 
STEM allows a characterization at an atomic scale [1]. Particularly, 
annular dark field (ADF) imaging reveals information about the 
composition of a specimen [2]. Together with complementary image 
simulations composition determination on an absolute scale is possible 
[3,4]. The normalization of experimental data allows the direct com-
parison of experiment and simulation. Well-defined structures, like 
ternary III-V semiconductors have been and are used for method 
development. However, it should be noted that the conclusions drawn 
are valid also for other material systems. 

Composition determination by ADF-STEM was applied to ternary III- 
V semiconductors early on [5,6]. Recently, the capability of 
single-electron accuracy for the composition determination of ternary 
III-V semiconductors was investigated [7]. The procedure proposed was 
then extended to cover both thickness and composition determination 
for ternary III-V semiconductors [8] and the composition of quaternary 
III-V semiconductors with two elements on each sub lattice [9] by taking 
into account the intensity of both sub lattices. 

Being able to determine the composition of ternary III-V semi-
conductors with high accuracy and to assess this accuracy with 

simulation studies raises the question how accurate this composition 
determination can be. In particular, possible optimization and the in-
fluence of imaging conditions are of interest. Hence, several imaging 
parameters are analysed in this work. These include detector angles of 
the ADF detector, the probe semi-convergence angle, the electron dose 
used and the sampling of the image. All these parameters are evaluated 
in simulation studies for the ternary III-V semiconductors Ga(As,Bi) and 
(Ga,In)As. Eventually, the accuracy for typical experimental parameters 
can be estimated. Using the same methodology as presented here, the 
accuracy for composition determination can also be assessed for other 
materials. 

A huge improvement regarding the choice of detector angles is 
offered with the advent of fast pixelated detectors [10,11] resulting in 
four-dimensional STEM [12]. This allows a continuously variable choice 
of detector angles. Utilizing such a fast, pixelated electron detector, the 
optimized imaging conditions found in the simulation study are applied 
experimentally using aberration-corrected STEM. 

2. Image simulations 

STEM image simulations are performed with the software package 
STEMsalabim [13] which is an implementation of the multi-slice algo-
rithm [14] optimized for highly parallelized computation. Here, 
different semi-convergence angles are chosen, which are 9.0, 15.1, 21.3 

* Corresponding authors. 
E-mail addresses: andreas.beyer@physik.uni-marburg.de (A. Beyer), kerstin.volz@physik.uni-marburg.de (K. Volz).   

1 Both authors contributed equally. 

Contents lists available at ScienceDirect 

Ultramicroscopy 

journal homepage: www.elsevier.com/locate/ultramic 

https://doi.org/10.1016/j.ultramic.2021.113387 
Received 11 June 2021; Received in revised form 15 August 2021; Accepted 23 August 2021   



Ultramicroscopy 230 (2021) 113387

2

and 28 mrad. The values of 15.1 and 21.3 mrad correspond to apertures 
that are present at the microscope at hand. For every semi-convergence 
angle, the optimum third-order spherical aberration C3 and defocus Δf 
are chosen according to [15]. Based on [15], the value of defocus will be 
negligible. The corresponding defocus value calculated for 22 mrad 
semi-convergence angle is less than 0.17 nm which is within the 
experimental accuracy of setting the defocus and will be regarded as 
zero for simplicity. The effect of chromatic aberration is taken into ac-
count by a defocus series of seven different defoci centred around the 
central defocus Δf with a full-width half-maximum of 7.5 nm resulting 
from the chromatic aberration and the energy spread of the electrons in 
the microscope at hand [16]. For each defocus, 20 different atomic 
configurations are calculated for the frozen phonon approximation [17] 
to consider thermal diffuse scattering. The non-uniform detector sensi-
tivity [4,6] could be included by a detector scan [6,18]. However, for the 
simulation study where the detector angles are varied a perfect detector 
sensitivity is assumed and experimentally the response of the pixelated 
detector is considered by a gain map. The original sampling of the 
simulations in real space is 40 pixels/nm. By 2D equivalent of the 
sinc-function interpolation this sampling can be adjusted afterwards 
[19]. The finite source size is accounted for by a Lorentzian convolution 
[20]. A finite electron dose can be considered by assuming shot noise 
with a width of 

̅̅̅̅
N

√
where N is the number of electrons counted per pixel 

[21]. All microscope parameters used are given in Table 1. 
For each semi-convergence angle, eight Ga(As,Bi) supercells with a 

size of 5×5×40 unit cells and a varying Bi concentration from 0− 14% 
are simulated in [010]-direction. Additionally, eleven (Ga,In)As super-
cells with a size of 6×6×50 unit cells and a varying In concentration 
from 0− 50% are simulated in [010] orientation with a semi- 
convergence angle of 21.3 mrad. In each supercell, Bi or In atoms are 
randomly distributed in the GaAs matrix. Each slice for the multi-slice 
approach contains one atom per atomic column. Static atomic dis-
placements are taken into account by a valence force field relaxation of 
Keating’s potential [22]. 

For the detector angles chosen, an ADF-STEM image can be gener-
ated for which the Voronoi intensity of every atomic column [6] is used 
for a quantitative evaluation of the images. 

3. Experimental realization 

Composition determination of a sample containing Ga(As,Bi) quan-
tum wells was performed by HAADF-STEM using the optimized pa-
rameters from the simulation study presented here. The investigated 
sample was grown via metalorganic vapor-phase epitaxy (MOVPE) in an 
AIXTRON AIX 200 machine (Aixtron SE, Herzogenrath, Germany) under 
optimized conditions reported elsewhere [23]. 

Cross-sectional sample preparation was done in [010] orientation 
with a dual beam scanning electron microscope focused ion beam ma-
chine (JEOL JIB-4601F, JEOL Ltd., Tokyo, Japan). Milling voltages of 
the Ga ions were reduced from 30 kV to 10 kV. Final specimen treatment 
was done with low voltage Ar ion milling of 900 eV employing a 
NanoMill TEM specimen preparation system (model 1040, E. A. 
Fischione Instruments, Inc, Export, PA, United States) [24]. 

Experimental STEM data were acquired with a double aberration- 

corrected JEOL JEM 2200FS (JEOL Ltd., Tokyo, Japan). For image 
acquisition, a semi-convergence angle of 22 mrad was used. The hexa-
poles of the imaging corrector were switched off to avoid distortion of 
the diffraction plane [25]. Detection of the convergent beam electron 
diffraction pattern at every 512×512 scan points was achieved with a 
pnCCD camera (pnDetector, Munich, Germany) [11] utilizing a dwell 
time of 500 µs. For every CBED, an offset map was subtracted, readout 
artefacts were corrected, and a gain correction was performed. This al-
lows to apply a virtual ADF detector during the evaluation. Free control 
of the projector lens system was used to reach the desired diffraction 
angles. Normalization of resulting ADF images was intrinsically done by 
imaging the direct beam on the pnCCD camera. 

Strain, in other words the Bi fraction, and thickness of the quantum 
wells were determined by modelling a HR X-ray diffractogram around 
the (004)-reflection. The diffractogram was recorded using the Cu Kα 
line (λ = 1.5405 Å) as X-ray probe. Using the assumed zinc-blende GaBi 
lattice constant of 6.33 Å [26] a Bi concentration of 5.8% Bi and a 

Table 1 
Microscope parameters used for STEM image simulations.  

Electron energy 200 kV 

Semi-convergence angle 9.0; 15.1; 21.3; 28.0 mrad 
Astigmatism 0 nm 
Defocus Δf 0 nm 
Third-order spherical aberration C3 -0.4; -1.0; -2.1; -3.6 µm 
Fifth-order spherical aberration C5 5 mm 
Chromatic aberration CC 1.5 mm 
ΔE 1 eV  

Fig 1. X-ray diffractogram and corresponding dynamical modelling of the 
investigated Ga(As,Bi) sample. The inset sketches the growth sequence. 

Fig. 2. Intensity composition relationship for Ga(As,Bi) obtained at a thickness 
of 25 atoms per atomic column for a detector range of 70− 280 mrad with a 
semi-convergence angle of 21.3 mrad. 
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thickness of 7.2 nm were obtained. The X-ray diffractogram along with 
corresponding dynamical modelling shows a perfect agreement as can 
be seen in Fig. 1. 

4. Composition determination 

ADF-STEM images can be evaluated quantitatively to determine the 
composition of the investigated material. Here, the Voronoi intensity of 
every atomic column is analysed and related to its composition, i.e. its Bi 
content. From image simulations, an intensity composition relationship 
(see Fig. 2) can be ascertained and used for the composition determi-
nation for a given ADF-STEM image [7]. 

To obtain this intensity composition relationship, images are 
generated at a given thickness and for given microscope parameters for 
all simulated supercells. An infinite electron dose is assumed and the 
images are scaled up to 300 pixels/nm. Then, Voronoi intensity of every 
atomic column (blue data points) give a mean Voronoi intensity (red 
data points) for a given composition. This procedure is described and 
discussed in detail in [7]. For the given ADF-STEM image under inves-
tigation, Voronoi intensities are determined and then compared to the 
intensity composition relationship to find the composition of each 
atomic column. Here, a knowledge of the thickness of every atomic 
column is necessary and can be found from reference regions [5,27] or 
using an iterative algorithm [8]. 

The composition evaluation described is statistically determined 
since one composition can result in different Voronoi intensities due to 
different z-height configurations of the impurity atoms within the TEM 
sample. This leads to a spread in Voronoi intensity and an overlap of 
Voronoi intensity for different compositions. Hence, the composition of 
an atomic column can only be determined correctly, i.e. with single 
atom accuracy, with a certain probability. As analysed before [7], one 
parameter that is very influential is the thickness of the atomic column, 
i.e. the total number of atoms of the atomic column. 

In the following, the influence of detector angles, probe semi- 
convergence angle, electron dose and image sampling on the attain-
able accuracy is investigated. 

5. Influence of detector angles 

The influence of the detector angles on the attainable accuracy of the 
composition determination is investigated in simulation studies for Ga 
(As,Bi) and (Ga,In)As. In this detector-angle study, a semi-convergence 
angle of 21.3 mrad is employed and thicknesses of 10, 25 and 40 
atoms per atomic columns are evaluated corresponding to 5.7 , 14.2, and 
22.8 nm, respectively. The electron dose is assumed to be infinite and a 
real space sampling of 100 pixels/nm is chosen for the image to eval-
uate. To solely analyse the composition determination, the thickness of 
every atomic column is assumed to be given, i.e. it is already found in a 
way mentioned above. 

To investigate the accuracy of the composition determination, an 

ADF-STEM image is generated for the simulated supercell containing an 
average Bi concentration of 6% in the case of the material system Ga(As, 
Bi) and an average In concentration of 20% in the case of the material 
system (Ga,In)As. This is done for every thickness at different detector 
angles. The inner detector angle is varied from 30− 120 mrad in steps of 
10 mrad while the detector range, i.e. outer− inner angle, is changed 
from 30− 270 mrad in steps of 10 mrad but limited by a maximum outer 
detector angle of 300 mrad. For small inner angles there is a potential 
influence of amorphous layers and inelastic scattering [28,29] which is 
not considered here. Hence, one might want to omit these small inner 
angles for an experimental application. Using the same parameters as for 
the image generation, an intensity composition relationship is deter-
mined. Then, the composition of every atomic column is determined. For 
the 121 group V atomic columns of Ga(As,Bi) and the 121 group III 
atomic columns of (Ga,In)As evaluated in every image, one obtains a 
fraction of atomic columns for which the composition is determined 
correctly. This fraction is used as a measure for the accuracy of the 
composition determination. It is worth noticing that even the columns 
which are not correctly determined are off by ±1 or ±2 atoms depending 
on the thickness according to [7]. In the case of 10 atoms thickness, the 
wrongly assigned columns are off by a maximum of ±1 substitutional 
atoms with 0% (all atomic columns are estimated correctly) to 5.0% 
depending on the applied detection angles. At 25 atoms thickness, the 
percentage of wrongly determind atomic columns by ±1 atom and ±2 
atoms deviation are 1.7− 21.5% and 0− 0.8%, respectively. The numbers 
rise to 12.4− 27.3% and 0− 6.6% in the case of 40 atoms thickness. These 
overestimation and underestimation in columns should be equal due to 
statistics, leading to an overall correct average composition. 

In Fig. 3, the percentage of correctly determined atomic columns for 
Ga(As,Bi) is represented depending on the inner and outer detector 
angles for a thickness of 10 (a), 25(b) and 40 atoms per atomic column 
(c), respectively. As expected, with increasing thickness the general 
accuracy of the composition determination decreases [7]. Additionally, 
there clearly are preferable detector angles for each thickness, where the 
attainable accuracy for composition determination is better than for 
other detector angles. Here, the inner detector angle is more influential 
due to the higher scattering intensity being present but also the outer 
detector angle can be optimized. 

For a thickness of 10 atoms, the highest accuracy of the composition 
determination is 99% and is achieved for an inner detector angle of 40 
mrad with an outer detector angle ranging from 180− 300 mrad. The 
highest accuracy for a thickness of 25 atoms is 93% for an inner detector 
angle of 40 mrad with outer detector angles of 230− 300 mrad. For a 
thickness of 40 atoms, the highest attainable accuracy is 66% with an 
inner detector angle of 120 mrad and outer detector angles of 180− 240 
mrad. It is worthy to mention that the dips in the accuracy graphs at 
around 90 mrad inner detector angle in all thicknesses coincides the first 
order laue zone (FOLZ) of GaAs0.94 Bi0.06. The coherent information 
related to FOLZ is in fact unsuitable for the quantification of composition 
using the naturally incoherent method of HAADF-STEM. 

Fig. 3. Accuracy of composition determination for GaAs0.94Bi0.06 depending on the inner and outer detector angle for a thickness of 10 (a), 25 (b) and 40 (c) atoms.  
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Hence, to obtain an optimized accuracy of the composition deter-
mination, a careful choice of the detector angles is necessary. It is 
notable that the optimal detector angles do not necessarily coincide with 
the given geometry of the ADF detector at hand. Thus, the application of 
a fast pixelated detector to generate virtual ADF-STEM images with 
custom inner and outer detector angles becomes attractive. 

The optimal detector angles differ depending on the thickness. With 
increasing thickness, also the optimal inner detector angle increases 
which is analogous to atom counting. This effect is caused by the non- 
monotonic increase of the coherent contribution to the scattering cross 
section with thickness for low scattering angles [30]. 

Hence, for an optimization of the detector angles, first a knowledge 
of the thickness is necessary to choose the optimal detector angles for the 
thickness present in the actual specimen. This also becomes possible 
with 4D-STEM data and virtual ADF-detectors where all scattering an-
gles are available. 

It should be noted that the accuracy of the composition determina-
tion depends on actual concentration as Fig. 2 suggests. For comparison, 
the analogous investigation for a simulated supercell containing an 
average concentration of 2% in material system Ga(As,Bi) is depicted in 
Fig. S1 showing higher accuracy than GaAs0.94Bi0.06. 

To stress the impact of different material systems on the optimal 
detector angles, also the results for (Ga,In)As are presented in Fig. 4. 
Here, the general trends described for Ga(As,Bi) are the same. However, 
due to the smaller difference in atomic number between substitute atom 
and matrix atom, the attainable accuracy is lower. Furthermore, the 
accuracy values of the optimum detector angles are different. For a 
thickness of 10 atoms, the highest attainable accuracy is 92% for an 
inner detector angle of 40 mrad and outer detector angles of 220− 300 
mrad. The highest accuracy for a thickness of 25 atoms is 62% for an 
inner detector angle of 50 mrad and outer detector angles of 170− 180 
mrad. For a thickness of 40 atoms, the highest accuracy of 36% can be 
achieved for an inner detector angle of 100 mrad and an outer detector 
angle of 140 mrad. Interestingly, the accuracy is decreasing by 
increasing the inner detector angle higher than 100 mrad. As explained 
above, the dips in the accuracy graphs at around 90 mrad coincide with 
the diffraction contrast corresponding with the first order laue zone 
(FOLZ) of Ga0.8In0.2As which makes these angular ranges rather un-
suitable for the quantification of composition. 

6. Influence of probe semi-convergence angle 

The influence of the semi-convergence angle on the attainable ac-
curacy of the composition determination is investigated in simulation 
studies for Ga(As,Bi) (see Fig. 5) in the same manner as the influence of 
the detector angles. The same thicknesses of 10, 25 and 40 atoms per 
atomic column are used. 

The detector angles are optimized for each semi-convergence angle 
to give the highest accuracy attainable. For each semi-convergence 
angle, the highest accuracy is again obtained for the smallest 

thickness. For a thickness of 10 atoms, the attainable accuracy is 
increasing from 89% with a semi-convergence angle of 9.0 mrad to 
100% with a semi-convergence angle of 28.0 mrad. At a higher thickness 
of 25 atoms, the accuracy is rising from 49% at 9.0 mrad to 93% at 21.3 
mrad but is decreasing again to 89% at 28.0 mrad. For a thickness of 40 
atoms, this effect is more distinct as the accuracy is increasing from 26% 
at 9.0 mrad to 66% at 21.3 mrad and decreasing to 56% at 28 mrad. This 
dependence on the semi-convergence angle is caused by three detri-
mental effects. Firstly, if the geometric aberrations are sufficiently low, 
the attainable image resolution is improving with a higher semi-angle, 
resulting in a higher accuracy of composition determination. Sec-
ondly, the reduced depth of focus coming with a higher semi-angle leads 
to a larger influence of the z height of an impurity atom within the TEM 
sample. This leads to a higher variance of image intensity for a given 
composition of the column, i.e. increased “error bars” in Fig. 2, and 
accordingly to a higher error in composition determination. Interest-
ingly, Peng et. al. reached a similar optimum semi-convergent angle on a 
Bloch wave calculations investigating the HAADF image formation for 
aberration-corrected STEM. They stated that increasing the illumination 
angle results in a higher contribution of the 1s bound state to an opti-
mum value, after which the contribution of non-1s states increases. This 

Fig. 4. Accuracy of composition determination for Ga0.8In0.2As depending on the inner and outer detector angle for a thickness of 10 (a), 25(b) and 40 (c) atoms.  

Fig. 5. Accuracy of composition determination for GaAs0.94Bi0.06 depending on 
the semi-convergence angle for optimized detector angles. The electron dose is 
assumed to be infinite and the real space sampling of the image to evaluate is 
100 pixels/nm. 
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leads to a changeover from higher channeling and projection-dominated 
imaging to depth-dependent imaging which is not favorable in our 
method [31]. Thirdly, chromatic aberration is limiting the information 
attainable for semi-convergence angles higher than 21.9 mrad for given 
conditions of electron energy, energy width and chromatic aberration 
coefficient. 

Hence, depending on the thickness of your specimen a suitable 
choice of the convergence angle for ADF-STEM is beneficial. This has to 
be chosen before the measurement based on the specimen thickness 
expected from sample preparation or different semi-convergence angles 
can be used for image acquisition to choose the optimized value 
afterwards. 

7. Influence of electron dose 

For the investigations above, an infinite electron dose to acquire the 
image for evaluation is assumed. However, experimentally the electron 
dose applied is finite and might also be limited by the stability of the 
material under investigation [32]. A finite electron dose leads to shot 
noise of the electron detector and hence limits the attainable accuracy of 
an ADF-based composition determination. To investigate the effect of 
the electron dose, the electron dose applied to the image for evaluation 
is varied from 100 to 107 e− /Å2. For each electron dose, 500 independent 
images were evaluated. For this study, Ga(As,Bi) is evaluated at thick-
nesses of 10, 25 and 40 atoms for detector angles of 70− 280 mrad and a 
semi-convergence angle of 21.3 mrad, i.e. the optimum conditions 
derived before. The sampling of the image to evaluate is 100 pixels/nm. 
The results are presented in Fig. 6. 

For all thicknesses, there is a lower plateau for the accuracy for 
electron doses of 1 and 10 e− /Å2 for increasing electron doses, the ac-
curacy increases as expected until it reaches a higher plateau for electron 
doses higher than 105 e− /Å2. Hence, to reach the highest accuracy for 
composition determination electron doses of at least 105 e− /Å2 is 
needed. Of course, also the sampling in interaction with the electron 
dose is influential on the accuracy but the general trend with two pla-
teaus for the electron doses mentioned does not change for samplings of 

50, 150 and 200 pixels/nm which are investigated in addition. 

8. Influence of sampling 

The sampling of the ADF image is deciding how accurately the image 
can be divided into Voronoi cells to yield representative Voronoi in-
tensities. Experimentally, it is adjusted by the number of pixels of the 
image and the magnification. Hence, the influence of sampling is also 
investigated in a simulation study. Therefore, a simulated ADF image of 
Ga(As,Bi) for detector angles of 70− 280 mrad and a semi-convergence 
angle of 21.3 mrad is rescaled with samplings from 10 to 200 pixels/ 
nm. An infinite electron dose is assumed. The accuracy obtained for the 
composition determination depending on the sampling is presented for 
thicknesses of 10, 25 and 40 atoms in Fig. 7. 

For all thicknesses, the behaviour is similar. There is a strong in-
crease in accuracy at small samplings that becomes more or less stable at 
roughly 80 pixels/nm. The accuracy above 80 pixels/nm only changes 
on a small scale probably caused by aliasing effects. 

9. Estimation of experimental accuracy 

After evaluating the influence of single parameters on the accuracy 
of composition determination, the accuracy reached for typical experi-
mental imaging conditions without using the optimized parameters is 
assessed on the example of Ga(As,Bi). These typical imaging conditions 
are summarized in Table 2. 

Assuming that the thickness is already known, single-atom accuracy 

Fig. 6. Influence of electron dose on accuracy of composition determination for 
GaAs0.94Bi0.06. The evaluation is performed with a semi-convergence angle of 
21.3 mrad for detector angles of 70− 280 mrad. The sampling of the image to 
evaluate is 100 pixels/nm. 

Fig. 7. Accuracy of composition determination for GaAs0.94Bi0.06 depending on 
the sampling of an ADF image with detector angles of 70− 280 mrad and a semi- 
convergence angle of 21.3 mrad. An infinite electron dose is assumed. 

Table 2 
Typical experimental imaging conditions  

Specimen thickness 25 atoms (~14.2 nm) 

Semi-convergence angle 21.3 mrad 
Detector angles 70-280 mrad 
Sampling 100 pixels/nm 
Probe current 40 pA 
Number of images 10 
Dwell time 3 µs  
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is reached for 50% of the atomic columns. The overall concentration of 
the supercell is overestimated by 0.5%. 

Since experimentally the thickness has to be determined also, this 
leads to another potential error in accuracy. To assess this, the thickness 
is determined by an iterative algorithm developed for the simultaneous 
determination of both specimen thickness and composition [8]. 

10. Experimental results 

While specimen thickness and quality are a matter of sample prep-
aration, semi-convergence angle, electron dose and sampling of the 
image can be adapted with a standard STEM setup. The experimental 

parameters of the used electron microscope are summarized in Table 3. 
A given ADF detector allows an adaption of the inner detector angle 

which is more influential but the ratio of inner and outer detector angle 
is normally fixed. To allow a free choice of both inner and outer detector 
angles, a fast, pixelated detector is useful. 

The 4D dataset shown here is acquired with 512×512 real-space 
pixels squared which together with the magnification used yields a 
sampling of 45 pixels/nm. A position-averaged CBED averaged over all 
real space pixels is shown in Fig. 8a. For the CBED of every real space 
pixel, a virtual ADF detector can be applied resulting in an ADF image. 
First, detector angles of 70− 150 mrad are used and the image is eval-
uated using an iterative determination of both thickness and composi-
tion [8] as both are unknown. From this first detector choice, an 
estimated average thickness of 48 atoms corresponds to 27.3 nm can be 
determined. As it is explained in Fig. 3, for this thickness there is an 
optimum detector range with highest accuracy. Here, a simulation study 
is performed for the corresponding thickness to determine the best de-
tector range as 90− 120 mrad. 

The ADF image following from this optimization is shown in Fig. 8b. 
The composition map following from applying the iterative algorithm is 
shown in Fig. 8c. Negative composition is allowed to consider noise. 

By averaging this composition map perpendicular to the growth di-
rection, concentration profiles can be obtained (see blue line in Fig. 8d). 

Table 3 
Experimental parameters of the used electron microscope  

Electron energy 200 kV 

Semi-convergence angle 22 mrad 
Astigmatism 0 nm 
Defocus Δf 0 nm 
Third-order spherical aberration C3 -2.2 µm 
Fifth-order spherical aberration C5 5 mm 
Chromatic aberration CC 1.5 mm 
ΔE 1 eV  

Fig. 8. (a) Position-averaged CBED for experimental dataset. Using each CBED, a virtual ADF image can be obtained (b) which yields an atomic-resolution 
composition map. The concentration profile (d) following (c) is in good agreement with X-ray diffraction results. 
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It is worth mentioning that the shaded areas depict the concentration 
standard deviation perpendicular to the growth direction. The width 
and concentration of the quantum well derived from high resolution X- 
ray diffraction (HR-XRD) (Fig. 1) is visualized as solid black line in 
Fig. 8d. There is a good agreement both in quantum well width and 
composition between the results obtained from HR-XRD and ADF. To 
emphasize the role of optimization, the concentration profile obtained 
by the typical detection angle of 70− 150 mrad is added as red line 
showing a distinct difference in respect to the HR-XRD as well as the 
concentration profile at the optimized detection angles. Hence, the 
successful application of the use of a fast, pixelated detector for quan-
titative ADF imaging with free choice of detector angles is shown. 

11. Summary 

In this work, it is shown that an optimization of imaging conditions 
for composition determination of ternary III-V semiconductors is 
possible and offers the potential to increase the accuracy. This requires a 
close interplay between experiment and simulation to find the best 
imaging conditions for every case, especially for different material sys-
tems and specimen thicknesses. By simulation studies, the influence of 
detector angles, semi-convergence angle, electron dose and sampling of 
the image is evaluated. Additionally, the accuracy of composition 
determination for typical experimental parameters is estimated. 
Considering these findings and using a fast, pixelated electron detector 
that allows free choice of detector angles, the procedure outlined is 
applied experimentally to a Ga(As,Bi) quantum well. The resulting ge-
ometry and composition of the sample is in a good agreement with HR- 
XRD. The use of a fast, pixelated electron detector for ADF imaging of-
fers a huge potential for the future. 
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Abstract Scanning transmission electron microscopy (STEM) allows to gain quantita-

tive information on the atomic-scale structure and composition of materials, satisfying

one of todays major needs in the development of novel nanoscale devices. The aim of this

study is to quantify the impact of inelastic, i.e. plasmon excitations (PE), on the angular

dependence of STEM intensities and answer the question whether these excitations are

responsible for a drastic mismatch between experiments and contemporary image simu-

lations observed at scattering angles below ∼ 40 mrad. For the two materials silicon and

platinum, the angular dependencies of elastic and inelastic scattering are investigated.

We utilize energy �ltering in two complementary microscopes, which are representative

for the systems used for quantitative STEM, to form position-averaged di�raction pat-

terns as well as atomically resolved 4D STEM data sets for di�erent energy ranges. The

resulting �ve-dimensional data are used to elucidate the distinct features in real and

momentum space for di�erent energy losses. We �nd di�erent angular distributions for

the elastic and inelastic scattering, resulting in an increased low-angle intensity (∼ 10�40

mrad). The ratio of inelastic/elastic scattering increases with rising sample thickness,

while the general shape of the angular dependency is maintained. Moreover, the ratio

increases with the distance to an atomic column in the low-angle regime. Since PE are

usually neglected in image simulations, consequently the experimental intensity is un-

derestimated at these angles, which especially a�ects bright �eld or low-angle annular

dark �eld imaging. The high-angle regime, however, is una�ected. In addition, we �nd

negligible impact of inelastic scattering on �rst- moment imaging in momentum-resolved

STEM, which is important for STEM techniques to measure internal electric �elds in

functional nanostructures. To resolve the discrepancies between experiment and sim-

ulation, we present an adopted simulation scheme including PE. This study highlights

the necessity to take into account PE to achieve quantitative agreement between simu-

lation and experiment. Besides solving the fundamental question of missing physics in

established simulations, this �nally allows for the quantitative evaluation of low-angle
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Influence of plasmon excitations 
on atomic‑resolution quantitative 
4D scanning transmission electron 
microscopy
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Scanning transmission electron microscopy (STEM) allows to gain quantitative information on the 
atomic‑scale structure and composition of materials, satisfying one of todays major needs in the 
development of novel nanoscale devices. The aim of this study is to quantify the impact of inelastic, 
i.e. plasmon excitations (PE), on the angular dependence of STEM intensities and answer the 
question whether these excitations are responsible for a drastic mismatch between experiments 
and contemporary image simulations observed at scattering angles below ∼ 40 mrad. For the two 
materials silicon and platinum, the angular dependencies of elastic and inelastic scattering are 
investigated. We utilize energy filtering in two complementary microscopes, which are representative 
for the systems used for quantitative STEM, to form position‑averaged diffraction patterns as well 
as atomically resolved 4D STEM data sets for different energy ranges. The resulting five‑dimensional 
data are used to elucidate the distinct features in real and momentum space for different energy 
losses. We find different angular distributions for the elastic and inelastic scattering, resulting in an 
increased low‑angle intensity ( ∼ 10–40 mrad). The ratio of inelastic/elastic scattering increases with 
rising sample thickness, while the general shape of the angular dependency is maintained. Moreover, 
the ratio increases with the distance to an atomic column in the low‑angle regime. Since PE are usually 
neglected in image simulations, consequently the experimental intensity is underestimated at these 
angles, which especially affects bright field or low‑angle annular dark field imaging. The high‑angle 
regime, however, is unaffected. In addition, we find negligible impact of inelastic scattering on first‑
moment imaging in momentum‑resolved STEM, which is important for STEM techniques to measure 
internal electric fields in functional nanostructures. To resolve the discrepancies between experiment 
and simulation, we present an adopted simulation scheme including PE. This study highlights 
the necessity to take into account PE to achieve quantitative agreement between simulation and 
experiment. Besides solving the fundamental question of missing physics in established simulations, 
this finally allows for the quantitative evaluation of low‑angle scattering, which contains valuable 
information about the material investigated.

Progress in both the fundamental understanding of solid state physics and the characterisation of materials down 
to the atomic scale is currently stimulated drastically by increasing the dimensionality of experimental data. A 
decade ago, Z-contrast scanning transmission electron microscopy (STEM) imaging has been lifted to a quantita-
tive level which allows to measure the chemical composition at atomic  resolution1–6 by utilizing the high-angle 
scattering of electrons captured with an annular dark field (ADF) detector, and the comparison with extensive 
simulations. Even more recently, the availability of ultra-fast  cameras7–11 operating at many thousands of frames 
per second and other dedicated  setups12 allow the recording of large up to four-dimensional data sets providing 
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high sampling of both real and reciprocal space simultaneously, referred to as “four-dimensional STEM” (4D 
STEM). Besides enabling efficient STEM phase contrast  imaging13–15, employing momentum-resolved STEM 
for an angular multi-range analysis to simultaneously measure, e.g., the local content of multiple chemical ele-
ments, lattice strain and the specimen thickness was  envisaged12. In particular, this relies on the assumptions that 
a certain set of specimen parameters yields a unique diffraction pattern within the boundary of available case-
specific prior knowledge, and that simulation methods exist which resemble the experimental conditions and 
scattering physics accurately at all scattering angles. As a matter of fact, such a comprehensive characterisation 
of functional devices in the fields of optoelectronics, energy and information technology would not only give 
insight into structure-property relationships and drastically enhance the visibility of light elements by electron 
microscopy, but also provide an important feedback loop for, e.g., the epitaxy of functional nanostructures.

Interestingly, the latest access to the full distribution of electron scattering in experiments has rather caused 
the stagnation of quantitative STEM than its extension. In particular, dramatic discrepancies of up to a factor of 
two between experimental low-angle intensities and thorough simulations employing the most recent methods 
have been  observed12. Since relativistic, dynamical scattering of electrons including quasi-elastic scattering at 
phonons is incorporated accurately within contemporary quasi-elastic multislice simulations in frozen phonon 
 approximation16–22, the dominant hypothesis ascribes the mismatch to further inelastic scattering caused by 
plasmon or core excitations. Nevertheless, only little experimental evidence and theory have supported this 
interpretation so  far23,24, despite its key role concerning the fundamental physics of relativistic low-angle scat-
tering, and its untapped potential for fully quantitative STEM employing the whole angular range of electron 
scattering. However, potential factors other than inelastic scattering, which may contribute to the low-angle 
intensities, should be mentioned here as well, e.g. if phonons in the simulations are described by a correlated or 
uncorrelated  movement18,20,25, the correct choice of atomic scattering  potentials13,26–28 or the presence of amor-
phous layers from sample  preparation29–31.

Following the approach of multidimensionality, this study introduces the dependence on energy loss suf-
fered by the electrons passing the specimen in addition to momentum and spatial resolution to obtain a five-
dimensional data set. This is achieved by using a dedicated experimental setup where an ultra-fast pixelated 
camera is mounted behind an energy filter in an aberration-corrected STEM in addition to another setup with a 
conventional camera behind the energy filter. These two setups are representative for systems which are used for 
quantitative  STEM1–6. For two well-defined material systems, we demonstrate that inelastic scattering, predomi-
nantly the excitation of plasmons, is responsible for a redistribution of low-angle scattering in diffraction space 
and hence leads to the mismatch between contemporary theories for quasi-elastic scattering and non-energy-
filtered STEM. To this end, we use the technologically relevant semiconductor silicon (Si) in [010] projection 
and metallic platinum (Pt) imaged in [110] direction to study the impact of inelastic scattering in a high-Z metal 
for which it is expected to be even more important. Further, the capability of approaches to incorporate inelastic 
processes into frozen-phonon multislice simulations is investigated, balancing computational effort and accuracy. 
This leads to possible routes forward to enable the quantitative interpretation of low-angle scattering so as to 
unfold the full potential of momentum-resolved STEM for materials analysis.

Results
As a starting point, distinct angular features for the different energy-loss ranges will be elaborated. The depend-
ence of the findings on the thickness of the sample will be discussed. In a second step, the experimental findings 
will be compared to simulations, in order to approach the impact of plasmon excitations from the theoretical 
point of view. The impact of the plasmon excitations on low scattering angles will be highlighted by employing 
simulated as well as experimental atomic resolution ADF images generated for different angular regimes. Thirdly, 
spatial resolution present in the data sets will be exploited further by evaluating the amount of inelastic scattering 
with respect to the distance of the STEM probe to an atomic column. Finally, the potential impact of inelastic 
scattering on momentum-resolved measurements will be discussed.

Angular dependencies of elastic and inelastic scattering. To explore the influence of inelastic scat-
tering on low-angle STEM image intensities, we investigate the angular dependencies of zero-loss scattering, 
which includes elastic scattering and quasi-elastic phonon scattering, on the one hand and inelastic scattering 
with significant energy losses, due to plasmon excitations, on the other hand. In this study, the focus is put onto 
plasmon losses. We want to point out that, if the angular distributions of the elastic and inelastic signals were 
identical, there would be no impact on the STEM intensity at all, because the total measured intensity in any 
angular range would be the same, no matter if an impinging electron had transferred any energy to the sample 
or not.

With the first experimental setup, i.e. a Titan 80/300 TEM operated at 300 kV, energy filtered diffraction pat-
terns are recorded for five different thicknesses of a Si [010] specimen using a probe semi-convergence angle of 
9 mrad. Each diffraction pattern is accumulated on-the-fly, while the probe scans over a region of several nm2 , 
accordingly the resulting patterns will be referred to as position-averaged convergent beam electron diffraction 
patterns (PACBED)32.

Figure 1a shows experimental electron energy-loss (EEL) spectra for all thickness steps. The intensity of each 
spectrum is normalized to the maximum intensity of the zero-loss peak. Besides the zero-loss peak, the spectra 
are dominated by the plasmon-loss peak at 16.7 eV , which increases with thickness. The thicknesses are deter-
mined using a comparison of experimental PACBED patterns with  simulations31,32, both of which are shown 
in Fig. 1b. The resulting thicknesses are 30, 55, 85, 115 and 140 nm ( ± 5 nm ). Although this study is motivated 
by the fact that quantitative interpretation of low-angle scattering is still not possible, it should be noted that 
high-angle ADF intensities (HAADF) can be used for quantitative thickness determination of Si [010] as shown 
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in Refs. 4,31. Indeed, quantitative  HAADF2,4,6,31,33,34 gives thicknesses of 30, 60, 85, 110 and 130 nm ( ± 5 nm ) that 
are in excellent agreement with the thicknesses obtained from PACBED within the uncertainty of the methods.

For each thickness, diffraction patterns are recorded without energy filter (unfiltered) and with a 10 eV energy 
slit centered around 0 eV (zero loss) as well as around 16 eV (plasmon loss). In Fig. 1c these three diffraction 
patterns are shown in three of the quadrants for the sample area with 85 nm thickness.

It becomes obvious from the inner parts of the diffraction patterns shown magnified in Fig. 1d that the 
plasmon-loss pattern resembles a blurred version of the zero-loss pattern. The ratio of the plasmon-loss pattern 
and the zero-loss pattern is shown in the fourth quadrant (bottom right) of Fig. 1c,d. It indicates that the exci-
tation of plasmons leads to a redistribution of intensity from the central beam (lower ratio) towards the outer 
region (increased ratio).

The measurements presented demonstrate the drastic impact of energy loss on the angular distribution of 
scattering in reciprocal space, but do not provide spatial information in real space yet, since each PACBED is a 
positional average of the field of view of several nm2 . In order to investigate the angular dependencies at atomic 
spatial resolution and provide more versatile analysis schemes, additional 4D data-sets are acquired selecting the 
distinct regions of the energy spectrum with the slit of the energy filter in a second experimental setup. To this 
end, a CS-corrected JEOL JEM 2200 FS operating at 200 kV with a probe semi-convergence angle of 15.1 mrad 
is used. The fast readout of 1000 fps of the attached pnCCD allows for the acquisition of a full diffraction pat-
tern at each scan point. To show the influence of this quite different experimental conditions on the angular 
distributions, in a first step, synthetic PACBED patterns are generated from these 4D data-sets by averaging over 
all 256 × 256 individual diffraction patterns acquired while scanning over the field of view of 4 × 4 nm. Here, 
electrons in the energy interval between − 5 and 5 eV are used to generate the zero-loss signal, whereas energies 
from 5–27 eV are used to generate the plasmon-loss signal. This comparably wider energy window ensures that 
enough electrons which experienced plasmon loss are detected within the 1 ms exposure of a single frame. In 
analogy to Figs. 1a, 2a shows the experimental EEL spectrum of a 42 nm thick Si sample, the sample thickness is 
again determined by PACBED and quantitative STEM carried out separately under the same conditions as used 
for the PACBEDs in Fig. 1b. Figure 2b depicts a complementary PACBED pattern of the same sample region 
alongside the corresponding simulation for a thickness of 42 nm.

Figure 2c displays the synthetic PACBED patterns generated from the unfiltered data, the zero-loss data and 
the plasmon-loss data on a common logarithmic intensity scale in analogy to Fig. 1c,d. The experimental camera 
length is chosen to record a maximum scattering angle of ∼ 60 mrad, to adequately sample the region of interest 
with the limited amount of pixels of the pnCCD in comparison to the conventional CCD used for acquisition of 
the PACBED. To a good approximation, the total intensities of the zero-loss set (64% of impinging beam) and the 
plasmon-loss set (19%) add up to the one of the unfiltered set (85%). This suggests that, at least for this sample 
thickness and angular range, higher energetic features, i.e. a second plasmon or core loss, can safely be neglected.

Comparing the individual patterns, it becomes obvious that the plasmon-loss pattern appears blurred in 
comparison to the zero-loss pattern, in agreement with the PACBED acquired at way different experimental 
conditions, e.g. 300 kV instead of 200 kV. For example, the interference fringes in the 202 discs are more promi-
nent in the zero-loss data set compared to the plasmon-loss pattern. The ratio of the plasmon-loss pattern and 
the zero-loss pattern is shown in the fourth quadrant (bottom right) of Fig. 2c. It once more indicates that the 

Figure 1.  (a) EEL spectra and (b) experimental and simulated PACBEDs for five different specimen 
thicknesses. (c) Example for a PACBED used to obtain angular scattering intensities. The four quadrants show 
energy filtered diffraction patterns (plasmon loss, zero loss and unfiltered) using the same logarithmic scale as 
well as the ratio of plasmon-loss pattern and zero-loss pattern with linear scale. (d) Magnification of the inner 
part with adjusted scaling to improve the visibility of the details in the center of the pattern.
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excitation of plasmons leads to a redistribution of intensity from the central beam towards the outer region. In 
total, there is very good qualitative agreement between the synthetic PACBEDs generated from the 4D data-sets 
and the PACBEDs presented in Fig. 1. This highlights the generality of the features found, since they can be 
observed under very different experimental conditions, e. g. incident beam energies and semi-convergence angles.

To investigate this angular distribution in a quantitative manner, the intensities of both, the PACBEDs 
recorded at 300 kV and the synthetic PACBEDs recorded at 200 kV, are azimuthally averaged. Such angular 
intensity profiles allow for the comparison to established ADF techniques using integrating ring-shaped detec-
tors. These profiles can contain valuable information on thickness, composition, disorder or strain within a 
 sample12,35–37.

The angular intensities derived from the different Si data sets are presented in Fig. 3a–c. Solid lines belong 
to the measurements at 300 kV and dashed lines to the one at 200 kV. Vertical lines of the same style mark the 
corresponding semi-convergence angle used Fig. 3a depicts the differential intensities per solid angle derived 
from the unfiltered (black line), the zero-loss (blue line) and the plasmon-loss PACBED (red line), respectively, 
for 85 nm specimen thickness (300 kV). These are the very patterns which are shown as an example in Fig. 1c,d. 
Since the differences of the angular distributions of the elastic and inelastic intensity are of special interest, the 
ratio of the angular intensities of plasmon loss and zero loss is calculated, which is shown in Fig. 3b.

The ratio curves derived from the thickness series acquired at 300 kV shift to higher values with increasing 
specimen thickness as the inelastic contribution increases, whereas the elastic intensity decreases. It should be 
noted that the energy slit of 10 eV width does not collect all intensity within the broad plasmon peak resulting 
in a larger apparent mean free path (MFP) of approximately 300 nm for the plasmon-loss signal. In contrast, the 
reduction of the zero-loss intensity corresponds to a MFP close to the expected value of 180 nm38, since the whole 
intensity is collected by the energy window used. The analogue graph derived from the 4D data-set acquired at 
200 kV from a region with a thickness of 42 nm is shown as dashed line. Since the MFP differs from the one of the 
other measurements, due to the different primary energy and the wider energy window used, the graph does not 
align into the observed order of thicknesses, instead it is situated between the graphs for 55 and 85 nm thickness.

In conclusion, all experimental results in Fig. 3b allow the following qualitative statements: For all thicknesses, 
the curves have in common that the ratios are comparably low below the semi-convergence angle of the probe, 
which is 9mrad and 15.1mrad , respectively. For scattering angles slightly larger than the semi-convergence 
angle, the ratios increase to a maximum and show a smooth decay in the further course. Above ∼ 40mrad , i.e. 
25−30mrad above the semi-convergence angles, the ratios adopt a constant level. This means for the two semi-
convergence angles investigated here, the angular dependencies of elastic and inelastic electrons are identical for 
angles above ∼ 40mrad , which is the reason why experimental and simulated intensities in the HAADF regime 
agree perfectly, even if plasmon excitation is neglected. But for higher semi-convergence angles the effects of 
inelastic scattering may extend to even higher angles.

To be able to directly compare this behaviour for different thicknesses, Fig. 3c shows the ratios of the plasmon-
loss and zero-loss intensities, but here each individual signal has been normalised to unity beforehand. This 
representation is almost independent of the MFPs as the thickness dependence of the total scattered intensity is 
completely eliminated from both signals. The graphs reveal that these ratios indeed show a similar behaviour for 
all thicknesses: The inelastic intensity is reduced with respect to the zero-loss intensity below the semi-conver-
gence angle of the probe and it is increased for angles higher than that. This has to be interpreted as the result of 
a redistribution of scattered electrons towards higher scattering angles. Even in the range between 30 mrad and 

Figure 2.  (a) EEL spectrum and (b) experimental and simulated PACBEDs for a specimen thicknesses of 
42 nm. (c) Synthetic PACBEDs generated from a 4D data-set. The four quadrants show energy filtered synthetic 
PACBEDs (plasmon loss, zero loss and unfiltered) on a common logarithmic intensity scale as well as the ratio 
of plasmon-loss and zero-loss pattern on a linear scale.
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40 mrad, the curves are not constant. Therefore, plasmon excitation transfers intensity into angles that are much 
higher than one might expect, considering that the characteristic scattering angles for this plasmon excitation 
are 23µrad and 34µrad for 200 and 300 kV,  respectively39.

This highlights that elastic and inelastic scattering have significantly different angular dependencies. Conse-
quently, neglecting the plasmon excitations in the accompanying simulations can indeed lead to the observed 
underestimation of the experimental intensity in the angular range below ∼ 40 mrad. If this discrepancy could 
be overcome by considering plasmon excitations, it would finally allow for the quantitative evaluation of the 
whole angular range of electron scattering in STEM.

So far, the influence of plasmon excitations was investigated for one material only. However, the impact of 
plasmon excitations may be material dependent, since important parameters such as e.g. the MFP, Bragg angles 
and structure factors differ. Therefore, the angular ranges in which a contribution of plasmon excitations is 
expected may vary. To elucidate this, we choose Pt ( Z = 78 ) as a complementary example since it is a rather heavy 
element compared to the comparably light Si ( Z = 14 ). Moreover, Pt is a metal, whereas Si is a semiconductor.

Two regions of interest with thicknesses of 13± 5 and 51± 5 nm are analysed in [110] direction. 4D STEM 
data are recorded at atomic resolution without energy filtering, in addition with a 10 eV wide energy window 
centered around zero loss, and a 30 eV wide energy window centered around the first plasmon peak at ∼ 22.6 eV. 
The thickness is again evaluated using the comparison between the zero-loss filtered diffraction patterns and an 
elastic PACBED  simulation40.

Figure 3d depicts the differential intensities derived at the thinner, i.e. 13 nm thick, region. The color coding 
is the same as for the Si case, i.e. unfiltered, zero-loss and the plasmon-loss signal are shown as black, blue and 
red line, respectively. The corresponding experimental and simulated PACBED patterns are shown as insets in 
Fig. 3d,e, respectively. The PACBED pattern derived from the thinner region reveals a slight mistilt of ∼ 5.2 mrad 
with respect to the [110] zone-axis.

In analogy to the Si data, the plasmon signal (red line) appears blurred in comparison to the zero-loss signal 
(blue line). This can be seen, for instance, from the absence of intensity undulations caused by averaging over 
diffraction discs in the plasmon signal, which in contrast are visible in the zero-loss signal. The plasmon-loss/

Figure 3.  Angular distribution of the scattering for different thicknesses: (a) shows differential intensity per 
solid angle plotted over scattering angle obtained by azimuthal averaging of energy-filtered diffraction patterns 
(example shown for Si with a thickness of 85 nm ) Black: unfiltered; blue: zero loss; red: plasmon loss. (b) 
Displays the ratios of plasmon-loss and zero-loss intensities for all thickness steps in the Si, while (c) shows 
these ratios after a normalisation of both signals as described in the text. (d) Shows the differential intensity 
plotted over scattering angle for Pt with a thickness of 13 nm . Black: unfiltered; blue: zero loss; red: plasmon loss. 
In (e) the ratio of plasmon-loss and zero-loss intensities for two thicknesses are displayed, while (f) shows the 
normalized ratios. The vertical lines in each plot represent the semi-convergence angles used at 300 kV (solid 
line) and 200 kV (dashed line), respectively.
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zero-loss ratio is plotted in Fig. 3e for both sample thicknesses. Due to the rather small energy window used for 
the plasmon-loss signal, the ratios for the Pt material appear slightly noisier than the ones for the Si. To accommo-
date for this, the ratios are smoothed via a gliding average. From the observation of the scattering characteristics, 
a few remarks can be made, echoing the findings from the Si case study. As expected, the overall proportion of 
inelastically scattered electrons increases with specimen thickness, i.e. in the thin region, 73% of all electrons are 
in the zero-loss window, while this number decreases to 39% in the thicker region. The course of both graphs is 
very similar to the ones of Si, i.e. lower ratios at angles below the semi-convergence angle followed by a region 
of elevated ratio followed by a smooth decay and finally adopting a constant value. These constant values are 
higher for Pt than for Si with a comparable thickness, reflecting the higher Z of the Pt and the resulting higher 
contribution of inelastic scattering. The additional drop of the ratio at around 20 mrad observable for the thin-
ner region is most likely caused by the mistilt mentioned above, leading to artefacts during azimuthal averaging.

Figure 3f shows the corresponding normalized ratios. As in the Si case, the graphs reveal the same qualitative 
behaviour for both thicknesses, i.e. the inelastic intensity is reduced with respect to the zero-loss intensity below 
the semi-convergence angle and it is increased for angles higher than that.

In total, the observed angular features are comparable for both materials and for two different experimental 
setups, this highlights the general importance of plasmon excitations in all techniques involving low-angle 
scattering.

Simulation of plasmon excitations in electron scattering. With the intention to include the observed 
plasmon-interaction effects into frozen-phonon multislice simulations, the STEMsim software  package19 is 
extended. Plasmon excitations are included by using a transition potential, which is represented by

with the bulk plasmon dispersion relation ω(k) and the characteristic wave vector kz39,41–43, which is proportional 
to the plasmon energy-loss. The implementation details shall be discussed in a later publication, but the basic 
scheme is the following: The transition potential is applied in real space by multiplication by the wave function. 
It allows for the transition into an inelastic channel, in which consecutive elastic propagation follows. Addition-
ally, the transition potential is shifted to various positions inside the specimen, the signals of which are then 
added up incoherently. This ensures the incoherence of plasmon excitations belonging to different wave vectors. 
The plasmon dispersion relation ω(k) is derived following the self-consistency model from Ref.44, but calculated 
numerically without an approximating series expansion.

This concept is then used for the incorporation of plasmon excitations into the simulations for the Si mate-
rial system, using the parameters of the experiments conducted. The MFP is chosen according to the width of 
the energy slit. The characteristics of the cameras are included by means of the modulation transfer functions 
(MTF), which were determined with a modified knife-edge  method45,46. Further details are given in the methods 
section, the results are displayed in Fig. 4.

The simulated synthetic PACBED pattern derived from a Si super cell with a thickness of 42 nm (i.e. 77 unit 
cells) is shown in Fig. 4a. The left-hand side of the pattern is generated without the consideration of plasmon 
excitations, whereas in the pattern on the right-hand side, plasmon excitations are taken into account. In analogy 
to Fig. 2, the individual contributions of the pattern, i.e. the zero-loss part and the plasmon-loss part, are shown 
as quadrants in Fig. 4b on the same logarithmic intensity scale. The ratio of plasmon-loss/zero-loss is shown on 
a linear intensity scale as fourth quadrant. The simulation parameters are chosen to resemble the experimental 
ones used for the acquisition of the 4D data-sets presented in Fig. 2c, e.g. 200 kV and 15.1 mrad semi-convergence 
angle. The main features observed in the experimental patterns, e.g. the blurred plasmon-loss signal, are well 
resembled by the simulation. Moreover, the simulated ratio shows the distinct low values in the central disc and 
increased values outside which are observable in the experiments.

Figure 4c–e display the simulated differential intensities in the same manner as the experimental data in 
Fig. 3. The dependencies of the plasmon-loss/zero-loss ratios collected for the different thicknesses in Fig. 4d 
resemble the experimental curves (Fig. 3a–c) very well: Especially the same increase of intensity in the low-angle 
regime up to 30 mrad at the expense of the central beam as measured is well resembled, which can be seen in 
more detail in the normalized ratio plots depicted in Fig. 4e, which also reveals the similarity of all thicknesses 
except for the thinnest area, as it was the case with the experimental data. To allow for easy comparison to the 
experimental data, the corresponding experimental curves for a thickness of 85 nm are shown once more as 
dotted lines in Fig. 4d,e.

Even though no perfect agreement on a quantitative level is achieved yet, the simulations are able to repro-
duce the observed features and qualitatively agree very well with the experiment. Potential factors explaining 
the remaining discrepancies will be discussed in a later section, where the actual impact of the plasmon excita-
tions on ADF intensity is discussed as well. The intensity redistribution observed is surprising given the small 
characteristic angle of 34µrad , which corresponds roughly to the width of the transition potential. One should 
realise that the simulated plasmon diffraction pattern as indicated above can be formally expressed as
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where ψ0(�r) is the incident wave function and P̂z is an operator representing the frozen-phonon propagation 
through the specimen. The sum goes over all positions in the specimen and t is the specimen thickness. If P̂z and 
the multiplication with VTP(�r − �R) commuted, Eq. (2) would take the form

with ⊗ denoting convolution and � the MFP of plasmon excitation. This means that the plasmon-loss diffraction 
pattern would indeed be nothing but the zero-loss pattern convolved with the square of the transition potential. 
However, the two terms do not commute strictly, because the Fresnel propagation, which is part of P̂z , is repre-
sented by a convolution in real space, which does not commute with a real space multiplication.

Nevertheless, VTP(�k) is very sharply peaked in reciprocal space, as can be seen in Fig. 5, and hence wide in 
real space. This does allow the use of Eq. (3) at least as an approximation. The applicability is demonstrated in 
Fig. 6, where the results of the convolution (dashed lines) are displayed alongside the results of the full simulation 
(solid lines). The differential intensities (a) as well as the normalized plasmon-loss/zero-loss ratio (b), show an 
exceptional agreement with the full simulation in the investigated angular range. This confirms the approximative 
applicability of Eq. (3) for the inclusion of plasmon excitations into simulations. This can be very advantageous, 
since the simulation according to Eq. (2) is much more demanding, because each summand requires one frozen-
phonon multislice simulation. For Eq. (3) on the other hand, a single traditional frozen-phonon calculation 
suffices and only one convolution is added, resulting in negligible change of computational effort.

Furthermore, this gives a certain insight into the origin of the redistribution: The rather steep maximum of 
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 for very small scattering angles suggests that the convolution in Eq. (3) will primarily only cause a 

smearing of intensity by a few multiples of the characteristic angle, i.e less than 1 mrad. For a scattering angle of 
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Figure 4.  Simulated synthetic PACBED patterns of Si [010] with 42 nm thickness (200 kV) (a) neglecting (left) 
and including plasmon excitations (right). The two components of the latter one, i.e. plasmon-loss part and 
zero-loss part, are shown as quadrants in (b) and their ratio as another one. The simulated differential intensities 
for the 85 nm thick data set (300 kV) are collected in (c) (Black: unfiltered; blue: zero loss; red: plasmon loss). 
The plasmon-loss/zero-loss ratios and the corresponding normalized ratios for different thicknesses are depicted 
in (d) and (e), respectively (Solid lines: 300 kV; dashed lines: 200 kV). The corresponding experimental curves 
for a thickness of 85 nm are shown again for comparison reasons as dotted lines in (d) and (e).
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20mrad for example, the scattering probability is five orders of magnitude smaller than for scattering without 
direction change. Although this smearing is happening and is causing the plasmon-loss diffraction patterns in 
Fig. 1 to be blurred as discussed, it is not the reason for the intensity redistribution into the low-angle range: If 
the transition potential was limited to few mrad , neither the simulations nor the convolution could reproduce 
that. The elevation between 10 and 30mrad seen in Fig. 6 is caused by the very small tail of the transition poten-
tial, as similarly suggested in Ref.12. Its small magnitude for the corresponding scattering is counteracted by the 
fact that the diffracted intensity itself in this angular range is in part more than three orders of magnitude smaller 
than that in the center, meaning that even a redistribution of only 10−5 from the 103 times brighter central beam 
can still account for several percent increase as observed. This does in turn mean that the scattering processes 
causing the observed plasmon influence are only a very small fraction of the overall plasmon excitation events.

Finally, while a convolution does redistribute the intensity, the symmetry of the diffraction pattern is not 
affected by the convolution as long as the center of mass of  
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 itself is at �k = (0, 0) , which is the case here. 

Therefore, the results of first moment measurements in momentum resolved STEM, can be expected not to be 
influenced by plasmon excitations, although the low-angle range is evaluated. This is true, as long as Eq. (3) holds, 

Figure 5.  The differential plasmon excitation probability 
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 according to Eq. (1). Up to a scattering angle 
of 30 mrad it drops by five orders of magnitude, as marked by the red arrow.

Figure 6.  Approximation of the plasmon-excitation simulation by diffraction pattern convolution: (a) displays 
the result of the convolution calculation in Eq. (3) in comparison with the results of the full simulation as 
represented by Eq. (2). In (b) the normalised ratio between zero-loss and plasmon-loss signal is shown for both 
methods. Corresponding to the smallest thickness in Fig. 3, the calculations are done for [100] Si of 30 nm 
thickness. The convolution is able to approximate the full simulation with high accuracy for the angle range of 
0–35mrad as can be seen in (b). This is remarkable, because the scattering probability has dropped up to five 
magnitudes for this scattering angle as marked in Fig. 5.
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which should be the case especially for the thin specimens used to measure atomic scale electric fields. The actual 
impact on the experimental data acquired will be investigated in a subsequent section.

Spatially resolved evaluation of the scattering. 4D STEM allows for the investigation of the momen-
tum space, while keeping the atomic spatial resolution of the aberration-corrected probe, which will be exploited 
in the three examples presented in the following. In the first example, we will show how potentially present 
sample drift can be corrected for. Secondly, we will use the data sets to generate synthetic images to investigate 
the influence of inelastic scattering on the most common STEM technique, i.e. (HA)ADF imaging, and how the 
ratio of inelastic/elastic scattering changes with respect to the positions of the atomic columns. Finally, we will 
elucidate the impact of inelastic scattering on first moment STEM  imaging47.

Consideration of sample drift. We use the Pt case to exemplify the impact of specimen drift. Although the meas-
urement did not suffer from severe sample drift, changing the settings of the energy filter and, more importantly, 
the acquisition itself inevitably cause delays of several minutes in between the acquisitions employing different 
energy windows, during which the specimen might have drifted to a position with a slightly different thickness. 
In addition to that, regions present in the recordings might suffer from thinning due to knock-on damage or 
deposition of contaminations. This means even without considering the drift, the thickness might not be con-
served from one energy window to another, such that the differences between different energy settings might 
in fact be caused by thickness gradients. Finally, it is worth noting that the Pt specimen displayed thickness 
gradients significantly more pronounced than the Si ones, due to the different preparation schemes used. We 
nevertheless demonstrate that the differences in the observed characteristic angular dependencies of elastic and 
inelastic scattering are not affected by a varying specimen thickness among the three data sets, as summarized 
schematically in Fig. 7a.

To this end, we use the signal of an ADF detector mounted in front of the energy filter which is thus invari-
ant against its different settings, and whose signal is recorded simultaneously with all data sets. In each of the 
atomically-resolved STEM images for the three energy windows depicted in Fig. 7b, we performed a Voronoi 
segmentation, as described in Ref.33, to obtain the integral Voronoi intensities in Fig. 7c which clearly exhibit 
thickness variations in all three scans, potentially coming both from drift and thickness change. The histograms 
in Fig. 7d assess the existence of a common thickness interval. By exclusively using results included in that 
interval, we can thus perform a comparison of energy-dependent scattering characteristics using exactly the 
same specimen thicknesses.

Influence of inelastic scattering on ADF imaging. The comparison of Figs. 3 and 4 shows that the adopted simu-
lations reproduce the angular dependencies of zero-loss and plasmon-loss signal qualitatively correctly. If the 
description of the experiment indeed is improved by including plasmon excitation, this has to be reflected in the 
ADF images generated from both experiment and simulation for the Si material depicted in Fig. 8. The images 
are generated by summing the intensity in a distinct annular range of the unfiltered data set and plotting this 
value with respect to the scan position. For reasons of clarity, only an area of one unit cell of the bigger field-of-
view image is shown in Fig. 8a–c utilizing an angular range from 40–60 mrad, where inelastic scattering can be 
expected to have only little effect. The top left part of Fig. 8a is the central unit cell of the image, whereas for the 
lower right part the ∼ 50 individual unit cells present in the whole image are averaged to achieve a higher signal-
to-noise ratio according to Ref.30. Figure 8b,c depict the images derived from the simulations neglecting and 
taking into account plasmon excitation, respectively. To accurately resemble the experiment, the experimental 
MTF and partial spatial coherence are accounted for in the simulations. Again experiment and simulation share 
a common intensity scale for direct comparison. The average intensities of the unit cells given in fractions of the 
impinging beam are indicated in the individual images. For this higher angle range all three images are in very 
good agreement, as expected from the angular distributions shown in Figs. 3 and 4. The average values of the 
simulated unit cells, which both are 2.8% of the impinging beams intensity, agree very well with the one of the 
experimental image, which is 2.7%.

The analogue figures for the comparison at the lower angle regime, i.e. 20–40 mrad, are arranged in Fig. 8d–f. 
The non-plasmon simulation in Fig. 8e significantly underestimates the experimental intensity shown in Fig. 8d, 
i.e. 5.7% versus 7.2%. Including single plasmon excitation as depicted in Fig. 8f, the simulated intensity is 
increased to 6.3%, which leads to a closer resemblance of the experimental intensity. Comparing Fig. 8d,f, it 
becomes apparent that the background intensity, i.e. the intensity between the atomic columns, is higher in 
the simulations which include plasmon excitation. This elevated background intensity becomes obvious in the 
experimental images as well, e.g. when the two angular ranges depicted in Fig. 8a,d are compared. The position 
dependence of the inelastic scattering will be discussed in more detail in the subsequent section. Anyways, 
the improved fit of the simulation including plasmon scattering highlights the necessity to consider plasmon 
excitations in all STEM techniques to which this angular range is contributing, e.g. low-angle ADF (LAADF), 
angle-resolved STEM (ARSTEM)12 or momentum resolved STEM, which will be discussed in a subsequent 
section of this manuscript.

However, the simulated intensity is still too low. Possible explanations for this discrepancy could be experi-
mental uncertainties, e.g. the sample thickness, which is determined by PACBED, whose accuracy is in the 
range of a few  nm32. Another factor could be the small mistilt of ∼ 2 mrad observed which could influence the 
diffraction conditions, e.g. the positions of interference fringes, and therefore affect the ratio of elastic to inelas-
tic scattering. Furthermore, the excitation of a second plasmon neglected in the simulation could influence the 
experimental intensity. This is rather unlikely, since the second plasmon peak is not very pronounced as can bee 
seen in the corresponding EEL spectrum depicted in Fig. 2a. More interestingly, there are other factors aside 
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from plasmons which contribute to the low angle scattering as well, which are still neglected in the simulation. 
These could e.g. be that uncorrelated phonons are used for the  simulation18,20,25, the presence of amorphous lay-
ers from sample  preparation29–31 or the usage of isolated atom scattering potentials which e.g. neglect bonding 
 effects13,26–28. All of these effects have been shown to influence the intensity at low scattering angles as well. In 
total, however, we have shown that plasmon excitations play a major role.

The recorded data allows to investigate the effect of inelastic scattering on sub-unit-cell length-scale. To this 
end, the atomic column positions are found in the HAADF images and for each pixel in the image, the distance 
to the nearest atomic column is calculated in units of the average atomic distance. Fig. 9a shows a magnified 
example of a 2D map with color-coded distances for the Si [010] sample. Fig. 9b shows the ratio of the normal-
ized signals for plasmon-loss and zero-loss intensities averaged over all pixels with the same distance to the 
atom column center. With increasing distance from the center of atom columns, the ratio increases outside the 
semi-convergence angle. It can be explained by the fact that elastic or quasi-elastic scattering, such as thermal 
diffuse scattering, is enhanced on column positions, whereas the probability of plasmon excitation is uniformly 
distributed over the unit cell to a good approximation. Consequently, the ratios in Fig. 9b are increased with 

Figure 7.  The sample drift is accounted for by retrieving a common thickness interval between the recordings. 
(a) HAADF image of the Pt [110] specimen with intensity contours illustrating the local variations in thickness. 
Three possible points of acquisition are highlighted and all contain atomic columns from a same thickness 
isoline. (b) Unfiltered HAADF images for each recording. The variation in thickness from one recording to 
another is measured using (c) a Voronoi analysis which allows to find the (d) thickness interval common to 
the three recordings and finally make sure that further analysis are done using Voronoi-integrated diffraction 
patterns only from this common thickness interval.
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increasing distance to the columns. While the absolute plasmon related intensity does not change significantly, 
its relative contribution rises. Figure 9c shows the same ratio as in Fig. 9b but for the simulated signals. The 
observable tendencies are well reproduced by the simulations, i.e. the ratio above the semi-convergence angle is 
decreased relative to the unit-cell average directly on an atomic column, and it is increased relative to the unit-
cell average between the columns. This explains the apparently elevated background intensity visible in Fig. 8d,f.

Influence of inelastic scattering on first moment imaging. Figure 10 displays the first-moment images generated 
from the 4D data sets of the thicker region of the Pt sample. The unfiltered image is shown in Fig. 10a, while 
(b) and (c) depict the zero-loss and plasmon-loss data, respectively. Like in Fig. 8, averaged unit cells generated 
from a bigger field of view image are shown. The color code is kept the same for all three images. Qualitatively, 
the images show the same features, i.e. rings of continuously changing color around the atomic columns. This 
reflects the attraction of the impinging probe towards the atomic columns due to Coulomb interaction. The 
elongation observable along the diagonal of the plasmon-signal image (Fig. 10c) is most likely caused by drift 
or residual astigmatism, which is visible as well in the corresponding ADF image depicted in Fig. 7b. Quanti-
tatively, there are slight differences between the individual data sets, e.g. the values of maximum are 3.75 mrad 

Figure 8.  Comparison of experimental and simulated ADF intensities of Si neglecting and including single 
plasmon excitation, respectively. The ADF images generated from the three data sets are shown in (a–c) for an 
angular range of 40–60 mrad and in (d–f) for 20–40 mrad, respectively. While both simulations describe the 
higher-angle regime accurately, the low-angle regime is better reproduced by the simulation including plasmon 
excitation. The average intensities of the unit cells given in fractions of the impinging beam are indicated in the 
individual images.

Figure 9.  (a) Distances to atomic column centers in units of the average atomic distance. (b) Experimental 
ratios after a normalisation of both plasmon- and zero-loss signals for different distances to the atom column 
center. (c) Same ratio as shown in (b) for the simulated signals.
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for the unfiltered case, 4.3 mrad for the zero-loss case and 5.08 mrad for the plasmon-loss case. However, these 
discrepancies can be regarded as negligible considering the noise present in the data. This means that plasmon 
excitations do not significantly influence the first-moment signal, as expected from the theoretical considera-
tions presented in the simulation section.

Conclusions
We measured the angular distribution of the electron scattering at different energy losses for two different 
materials. In total, we have shown that plasmon excitations significantly influence low angle STEM intensities 
( ∼ 0–40 mrad). An angular range in which other impacts have been discussed before, i.e. correlated phonons, 
atomic scattering potentials or the presence of amorphous layers. In the case of inelastic scattering, intensity is 
redistributed from the central beam towards the outer region. The influence of the inelastic scattering in the low-
angle regime increases with rising thickness and the relative impact is weaker on an atomic column compared 
to the positions between the columns. These are very general features, since we found the analogue behaviour 
for two complementary materials (Si and Pt) using two different microscopes operating at very different experi-
mental conditions: incident beam energies (200 kV vs. 300 kV) and semi-convergence angles (9 vs. 15.1 mrad). 
While the high-angle regime is hardly affected, since the angular distributions of elastic and inelastic scattering 
are identical there, plasmon excitations affect all STEM methods involving low scattering angles, e.g. bright field 
(BF), annular BF (ABF), ARSTEM or LAADF imaging. Due to symmetry, first-moment STEM measurements 
are not significantly affected, although they involve low scattering angles. Therefore, plasmon excitations have 
to be considered in simulations to allow for a quantitative evaluation of experimental data. A potential route for 
the implementation into the multislice algorithm is outlined in this study. The simulations carried out using the 
adopted STEMsim code qualitatively resemble the experimentally observed intensity redistribution very well. The 
experimental angular, thickness and spatial dependencies are well reproduced by the simulations. Moreover, the 
good description of the experimental data using a convolution approximation is very promising, since it could 
allow for the implementation of plasmon excitations into multislice simulations without significant increase of 
computational time.

Methods
For the Si, two cross-sectional TEM lamella-type specimen were prepared in [010]-direction using a dual beam 
focused ion-beam scanning electron microscope (FIB-SEM) machine (JEOL JIB 4601F). To achieve reproduc-
ible measurements with the same sample thicknesses, the first sample (Si sample A) was deliberately prepared 
with thickness gradient increasing from the tip of lamella to its bottom and the second sample (Si sample B) was 
prepared with steps of defined thicknesses. The Ga ion beam energy was gradually decreased from 30 to 5 keV 
to limit the amorphous layers introduced at higher  energies48. Using a NanoMill (model 1040, E. A. Fischione 
Instruments, Inc., Export, PA, United States), final Ar ion polishing was performed with milling energies of 900 
eV and subsequently 500 eV with an inclination angle of 10 degrees with respect to the sample  surface49. Finally, 
sample A exhibits a thickness gradient with a lowest thickness of ∼ 20 nm and the second one includes steps of 30, 
55, 85, 110 and 135 nm thickness. Thicknesses were determined by comparing the PACBED measurements car-
ried out separately under optimized conditions using a FEI Titan 80/300 and complementary image simulations 
detailed in the next paragraph. In addition, a cross-sectional TEM lamella of Pt was prepared in [110]-direction 
with a FIB-SEM instrument (FEI Helios NanoLab 400S), using the conventional lift-out method. A continuous 
thickness gradient was introduced at the tip of the lamella by using irradiation of Ga ions with 5 keV energy. 
Polishing was done using Ar ions in a NanoMill machine with milling energies of 900 and 500 keV, using an 
inclination angle of 10 degrees. To remove contaminations, plasma cleaning of the samples was performed prior 
to inserting them into the microscope (model 1020 E. A. Fischione Instruments, Inc., Export, PA, United States).

Energy filtered diffraction patterns from Si sample A as well as quantitative HAADF STEM from Si sample 
A and B were performed with a FEI Titan 80/300 TEM working at 300 kV with 9 mrad semi-convergence angle 
and a spherical aberration of 1.2 mm. Diffraction patterns were recorded while scanning the specimen. Energy 
filtering was performed using a Gatan GIF with a 10 eV slit around 0 eV (zero loss) and 16 eV (plasmon loss). 
Quantitative STEM was performed with a Fischione 3000 ADF detector under conditions described  previously33. 
Frozen-phonon multislice simulations employing the Einstein model with uncorrelated phonons were calculated 
for quantitative comparison to the experimental image intensities using the STEMsim  code19. A fully detailed 

Figure 10.  Results of first-moment imaging from the thicker region of the Pt sample. The signals generated 
from the unfiltered, zero-loss and plasmon-loss data are shown in (a–c), respectively. In analogy to Fig. 8, 
averaged unit cells are generated from a bigger field of view image to improve the signal-to-noise ratio.
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description of the thickness determination by quantitative HAADF STEM used here can be found in Ref.33. 
For thickness determination from PACBED, the inner part of the experimental PACBEDs up to approximately 
20 mrad were compared to thickness-dependent  simulations31 performed in  STEMsim19.

The Si sample A and Pt were also investigated by a double CS-corrected JEOL JEM2200FS (Jeol Ltd., Tokyo, 
Japan) operating at 200 kV. Here, a sub Angstrom probe size is achieved allowing for atomic spatial resolution. 
During the measurements, the hexapoles of the image corrector were switched off in order to avoid the cut-off 
and distortion at the wider angular ranges of diffraction  patterns50. The condenser aperture used leads to an 
probe semi-convergence angle of 15.1 mrad. The combination of this aperture and the spot size setting of 10C 
results in a comparably low beam current of 2.37 pA.

An in-column omega energy filter allows to obtain energy filtered diffraction patterns after the interaction 
of the electrons and the specimen. Using an adjustable slit at the exit plane of the energy filter, different energy 
windows were chosen, i.e. no slit, − 5 to 5 eV and 11–21 eV for unfiltered, zero-loss filtered and plasmon-loss 
measurements, respectively.

A pnCCD-based, fast direct single electron imaging detector was used to acquire the convergent beam elec-
tron diffraction (CBED) patterns at every scanning position for scattering angels up to 60 mrad. Calibration of 
sampling of the pnCCD detector was done by measuring the known radius of the direct beam and was further 
confirmed by measuring the radius of the first order Laue zone of Si. A 4 × 4 nm field of view of the specimen 
was scanned, resulting in a diffraction pattern at each of the 256 × 256 probe positions. The standard full frame 
readout of the camera with 1000 frames per second is used, i.e. every CBED image is recorded with an image 
area of 264 × 264  pixels7,11. For quantitative analysis the normalized CBED patterns are achieved by dividing 
every CBED by the beam intensity, i.e. recorded image of the probe at a position with no specimen on the 
pnCCD at the same conditions as the data sets. To be able to compare the angular dependency of scattering at 
every energy range, the PACBED images of different energy windows are aligned by calculating the center of 
mass of the images. The acquisition of each of the measurements at different energy windows takes around 65 
seconds. During this period, sample drift could be present which could result in different sample thicknesses 
for unfiltered, zero-loss and plasmon-loss measurements. To prove that there is no significant drift during the 
measurements, a second unfiltered data set was measured after the acquisition of zero-loss and plasmon-loss 
measurements and compared to the one before.

The simulations including plasmon excitations according to the scheme described in the article were con-
ducted within the adapted STEMsim software  package19. The numerical grid of the frozen-phonon simulations 
was 1408× 1408 pixels and 11× 11 unitcells were used laterally to form the super cell with the respective thick-
ness. Atomic scattering amplitudes were taken from Ref.51 and the Si lattice constant of 5.4 Å was chosen as the 
slice thickness. Mean free paths for the plasmon interaction were calculated according to Ref.52. Per slice 90 
different positions for the plasmon transition potential were used.
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A B S T R A C T   

High-angle annular dark-field scanning transmission electron microscopy (HAADF-STEM) is a valuable method 
for composition determination of nanomaterials. However, light elements do not scatter efficiently into the 
scattering angles employed for HAADF-STEM which hinders the composition determination of material systems 
containing light elements by HAADF-STEM. This makes the usage of lower scattering angles favourable. More-
over, static atomic displacements (SADs) caused by the small covalent radius of the substituting light elements in 
semiconductor alloys increase the scattering intensity at low angles. Nevertheless, at low angles, a quantitative 
match between complementary image simulations and experiments is not straight forward, since e.g. inelastic 
scattering and correlated phonon movement is often neglected in simulations. 

In this study, we establish a method to quantify material systems containing light elements at low angles by 
resolving the remaining sources of discrepancy. An outstanding agreement between simulations and experiments 
is achieved by using a combination of an in-column energy filter and a fast pixelated detector. By applying this 
method to GaNxAs1-x quantum wells, a good agreement of the TEM results with results from high-resolution x-ray 
diffraction is obtained. The method developed enables the nanoscale analysis of functional materials containing 
light elements, especially in the presence of SADs.   

1. Introduction 

The development of quantitative scanning transmission electron 
microscopy (STEM) techniques supports the structural characterization 
and optimization of nanostructures. Atomically resolved characteriza-
tion is achievable using aberration corrected STEM [1,2]. High-angle 
annular dark-field (HAADF) STEM provides incoherent images of 
atomic columns with strong compositional sensitivity [3,4]. A direct 
comparison of image simulations and experimental HAADF-STEM im-
ages normalized to the incident beam allows composition determination 
at an atomic scale [5,6]. For method improvement and development in 
this field, III-V semiconductors are suitable model systems due to their 
well-defined structure. They were widely investigated due to their op-
toelectronic characteristics enabling huge variety of applications and 
their favourable properties for electron microscopy studies. Composi-
tion of ternary III-V semiconductors was determined for, e.g. zinc blende 
InAsP [7] and wurtzite InGaN [8] AlGaN [9]. Recently, a thorough 
investigation of composition determination by HAADF-STEM using 
multislice image-simulations defined the theoretical capability and 

limitations of this method [10]. The accuracy of the method was 
investigated further in a systematic simulation study and improved by 
optimizing the imaging parameters such as sampling, electron dose, 
inner and outer detector angles, and the probe semi-convergence angle 
[11]. By separately considering the scattered intensity of each sub lat-
tice, the method was also extended to quaternary III-V semiconductors 
with one substitute element on each sub lattice [12]. Nevertheless, the 
composition determination of materials containing low-Z elements, e.g. 
GaNxAs1-x, cannot be achieved by HAADF-STEM. Due to their low 
amount of protons, light elements do not scatter efficiently into the high 
scattering angles employed in the Z-contrast HAADF-STEM method 
[13]. To be precise, in this study, we refer to inner detection angles 
higher than 60 mrad at an acceleration voltage of 200 kV as high 
detection angles. Accordingly, lower detection angles are favourable. 
For composition determination of GaNxAs1-x, the combination of 
different techniques or low-angle annular dark-field (LAADF) were used 
in previous studies [14–18]. It is also worth noticing that at low scat-
tering angles, the strain contrast of GaNxAs1-x caused by static atomic 
displacements (SADs) extremely affects the scattered intensity. SADs 
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occur due to the small covalent radius of nitrogen atoms compared to the 
arsenic atoms they replace [13,16,19,20]. 

Nevertheless, at a low-angular regime, a significant discrepancy was 
observed between experimental images and complementary image 
simulations. As a predominant source of discrepancy low-loss inelastic 
scattering (plasmon excitations) causes angular redistribution of scat-
tered intensity specifically at scattering angles below approximately 40 
mrad [21–23]. In addition, neglecting phonon-correlations using the 
Einstein model within the frozen-lattice approach in image simulations 
leads to less than 1% discrepancy at angles beyond 30 mrad whereas it 
causes 10% discrepancy at lower angles according to [24]. The impact of 
mistilt was studied on high-resolution annular dark-field (ADF) STEM, 
showing a more pronounced effect at low-angle ADF [23,25]. The 
impact of surface amorphous layers on image contrast was investigated 
in [26,27]. In a simulation study, angular dependency of surface 
amorphous layers was investigated in [23]. It causes an increase in 
scattered intensity relative to the simulations without the presence of 
surface amorphous layers at angles up to 60 mrad, depending on the 
thickness of the amorphous layers. It is worth noticing that surface 
relaxation of TEM specimens having finite thickness out of strained 
layers results in a bending of lattice planes [28,29]. This also affects the 
ADF intensity causing changed intensities [17,29]. 

In this study, we propose a method for quantifying the composition 
of material systems containing light elements, by comparison of ADF- 
STEM images and multislice image-simulations at low-angle regimes. 
Here, we intentionally choose a material system with strong SADs effect, 
which makes the quantification of the composition more reliable. This 
method is based on energy-filtered 4D-STEM. Thereby, we take care of 
the main sources of error for a comparison of experiment and simulation 
at relatively low angles mentioned above. While this method is applied 
to GaNxAs1-x, the conclusions may also be valid for other material sys-
tems containing light elements, which are not affected by SADs. 

After describing the experimental setup and complementary image 
simulations, a detailed explanation of the method for quantification of 
light elements is given. Method development is conducted with the help 
of Si as a simple model material. Eventually, the method is proven by 
comparing the determined composition of GaNxAs1-x quantum wells 
(QWs) to high resolution X-ray diffraction (HR-XRD) results. 

2. Experimental 

Two samples were investigated in this study: sample I is a single 
crystalline Si sample and sample II contains GaNxAs1-x QWs. The latter 
consists of three GaNxAs1-x QWs embedded in GaAs barriers grown on n- 
doped GaAs substrates. It was grown by metal organic vapour phase 
epitaxy in an AIXTRON AIX 200 GFR reactor. 

Both samples were prepared for cross-sectional TEM investigations 
in [010] orientation using a dual focused ion beam scanning electron 
microscope (FIB-SEM) machine (JEOL JIB 4601F). To be able to inves-
tigate the influence of the TEM sample thickness, the samples were 
prepared in defined thickness steps. In order to limit the thickness of the 
surface damaged layers introduced by the high energy ion beam, the 
beam energy is gradually reduced from 30kV to 10kV [30]. Subse-
quently, a final Ar ion polishing was performed using a Nanomill (model 
1040, E. A. Fischione Instruments, Inc., Export, PA, United States) [31] 
with milling energies from 900 eV to 500 eV and an inclination angle of 
10 degrees with respect to the sample surface. To avoid contaminations, 
plasma cleaning was used directly before inserting the samples into the 
microscope (model 1020 E. A. Fischione Instruments, Inc., Export, PA, 
United States). 

For STEM investigations, a double Cs-corrected scanning trans-
mission electron microscope (Jeol Ltd., Tokyo, Japan) operating at an 
acceleration voltage of 200 kV was employed. A sub-Angstrom probe 
size achievable by this machine allowed an atomic resolution charac-
terization of the samples. The hexapoles of the imaging corrector were 
switched off to avoid the cut-off in diffraction pattern at high angles 

according to [32]. 
As a well-known method, quantitative HAADF-STEM was carried out 

to determine the thickness of both samples. Here, a semi-convergence 
angle of 22 mrad was used to acquire the images. An annular dark- 
field image detector was employed to detect the scattered electrons at 
an angular range of 63-252 mrad and 67-268 mrad for sample I and II, 
respectively. The inner detector angle was determined by imaging the 
shadow of the detector on a CCD camera [6] while the outer angle was 
four times the inner one. 

A semi-convergence angle of 14 and 15 mrad was used to acquire the 
data at low angles for sample I and II, respectively. The diffraction 
patterns were detected at every probe position by a pnCCD camera [33] 
leading to a four-dimensional data set. Applying the standard full-frame 
readout of the camera, the image area of every recorded convergent 
beam electron diffraction (CBED) is 264 × 264 pixels. Considering the 
size of each CBED image, the camera length was adjusted to include an 
angular range up to 75 mrad leading to a sufficient sampling in the 
angular range of interest. Calibration of reciprocal space was carried out 
by the known radius of the direct beam and confirmed by the angular 
positions of the first order Laue zones as well as the distance between the 
[220] Kikuchi lines of Si and GaAs, respectively. 

The dwell time applied for both samples was 500 µs. The CBED 
patterns of sample I were stored at 256 × 256 scan point, while 
512 × 512 scan points were used for sample II since a minimum sam-
pling was needed for accurate composition determination according to 
[11]. Considering the dwell time applied and the number of scan points, 
a complete data set was taken in around 33 and 131 seconds for sample I 
and II, respectively. Hence, a stable specimen stage with negligible drift 
during each measurement needed. In order to have a quantitative 
comparison to the image simulations, an intrinsic normalization of every 
CBED was performed by imaging the direct beam on the pnCCD camera 
and dividing every CBED by the integrated beam intensity. 

Energy-filtered diffraction patterns were obtained by applying an in- 
column energy filter positioned above the pnCCD camera. With the help 
of an adjustable energy slit at the exit plane of the energy filter, zero-loss 
peak (ZLP) filtered measurements were achieved with an energy loss 
from -5 to 5 eV. 

For sample II, HR-XRD measurements were carried out around the 
(004) reflex in an Panalytical X’Pert Pro HR-XRD system using the Kα 
line of a Cu anode. A simulation was compared to the measured dif-
fractogram in the commercially available X’Pert Epitaxy and Smooth fit 
software. The determined thickness of each QW was 2.8 nm with a 
composition of 4.9% N. 

3. STEM image simulations 

To be able to perform quantitative evaluations, complementary 
image simulations are needed. There are several STEM simulation codes 
available such as Stemsim [34], μSTEM [35], Prismatic [36], STEMsa-
labim [37], and Dr. Probe [38]. Here, the image simulations were per-
formed with the STEMsalabim software package [37] which is based on 
the multislice method [39] and optimized for highly parallelized 
computation. The effect of chromatic aberration was included by a 
defocus series [40] of seven defoci centred at zero [41]. Thermal diffuse 
scattering was taken into account based on frozen phonon approxima-
tion employing the Einstein model with uncorrelated phonons by 
calculating 16 different atomic configurations for each defocus value 
[42]. Beam broadening caused by the amorphous layers as well as the 
effect of finite source size was included by convoluting the 
two-dimensional Lorentzian distribution to the simulations [41]. Here, 
the experimental data and simulations are shown to be free of any 
Stobbs factor [43]. Non-uniform detector sensitivity of the annular de-
tector installed was considered by the detector scan performed [6,9,44, 
45]. The main experimental parameters applied for the simulations are 
summarized in Table 1. 

It should be noted that the optimum third-order spherical aberration 
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C3 and defocus Δf for every semi-convergence angle were calculated 
based on [46]. Since the defocus is proportional to the forth power of the 
convergence angle, the value of defocus will be negligible and within the 
experimental accuracy of setting the defocus is regarded as zero. 

A Si supercell with the size of 13 × 13 × 400 unit cells (X × Y × Z) 
was simulated in [010]-direction while the electron probe scanned over 
one unit cell in the centre of the supercell. In addition, GaNxAs1-x 
supercells with a size of 13 × 13 × 400 unit cells (X × Y × Z) with 
different N concentrations from 0% to 10% were simulated in [010]- 
direction. Here, N atoms were randomly distributed in the supercell 
prior to performing valance force field (VFF) relaxation of Keating’s 
potential [47] to consider SADs. Each of these supercells were scanned 
at 90 pixels × 90 pixels over four unit cells in the centre of the supercell. 
Considering 400 slices of each supercell, every simulation took around 
24 hours for each phonon configuration and every defocus. Neverthe-
less, the total computation time was significantly decreased by highly 
parallelized computation using the STEMsalabim software package 
[37]. 

4. Method 

In this section, the method developed for composition determination 
of material systems containing light elements using ADF-STEM is 
explained in detail. By investigating a material system with strong SADs 
effect, e.g. GaNxAs1-x, the dependency of low angle scattered electrons 
intensity to the concentration of light elements is also enhanced. Here, 
an accurate choice of different detection angles is critical, in order to 
remove other, undesirable influences. A simulation study is conducted 
to define the angular range for which the scattered intensity is more 
sensitive to the substitution of As by N. Fig. 1a compares the differential 
intensity per solid angle plotted over scattering angle for GaAs (black) 

and GaN0.5As0.95 with (blue) and without (red) taking into account the 
effect of SADs by VFF relaxation of the supercell before simulation. 
While the intensity distribution of the relaxed GaN0.5As0.95 cell signifi-
cantly differs from the one of pure GaAs, the intensity distribution of the 
unrelaxed cell is hardly distinguishable from the GaAs one. For a better 
comparison, the differential intensity of GaN0.5As0.95 with and without 
SADs signals normalized to the GaAs signal is shown in Fig. 1b. This 
example shows there is indeed only slight difference in the intensity 
distributions of GaAs and GaN0.5As0.95 without considering SADs. This is 
due to the fact that although the absolute scattering from N is higher at 
low angles compared to high angles, its contribution is still over-
shadowed by the scattering of the much heavier As. Nevertheless, SADs 
enhance an intensity redistribution, leading to high N sensitivity in the 
angular range between the semi-convergent angle and approximately 
100 mrad (shown as dashed area). Thus, 100 mrad can be used as the 
outer detection angle for composition determination. 

In the next step, the main sources of discrepancy between experi-
mental images and image simulations at these low scattering angles are 
addressed. The effects of known experimental errors such as presence of 
amorphous surface layers and specimen mistilt are taken care of as 
explained in section 2. The impact caused by plasmon excitations could 
be reduced in two ways: include inelastic scattering in simulations [21, 
22,48] or exclude inelastic scattering experimentally. Including the ef-
fect of inelastic scattering in the image simulations makes them 
extremely time consuming. Plasmon excitations were included in mul-
tislice simulations by using a transition potential [21]. In order to take 
into account the delocalized nature of plamons, approximately 100 
different positions per slice for the plasmon transition potential would 
be necessary which introduce two orders of magnitude more calcula-
tions. Hence, in this paper, the influence of plasmon scattering is avoi-
ded experimentally by filtering the ZLP with the help of an in-column 
energy filter. Here, by normalizing the ZLP-filtered intensity to the 
impinging beam as usual [5], the experiment does not resemble the 
elastic simulations anymore. The simulations incorrectly treat the total 
intensity (Itot(θ)) as if it was elastically scattered (Iel(θ)), while the in-
tensity in ZLP-filtered experimental data is not conserved due to filtering 
out the inelastic signal (see the flow chart in Fig. 2). Hence, special care 
has to be taken for the direct comparison of image simulations and ex-
periments. This comparison becomes possible by the normalization of 
experimental ZLP-filtered data (Iel(θ)) as follows: The intensity ratio of 
unfiltered (

∑
Itot(θ)) and ZLP-filtered (

∑
Itot(θ)) data is determined by 

integrating the intensity of each of the PACBEDs (shown in Fig. 3c). The 

Table 1 
Microscope parameters used for STEM image simulations.  

Electron energy 200 kV 
Semi-convergence angle 14, 15, 22 mrad 
Astigmatism 0 nm 
Defocus Δf 0 nm 
Third-order spherical aberration C3 -0.9, -1, -2.2 µm 
Fifth-order spherical aberration C5 5 mm 
Chromatic aberration CC 1.5 mm 
ΔE 1 eV  

Fig. 1. (a) Simulation study showing angular dependence of scattered intensity comparing GaN0.05As0.95 (with (blue) and without (red) SADs effect) and GaAs 
(black) at 94 nm thickness. (b) Scattered intensity of GaN0.5As0.95 with and without considering SADs normalized to GaAs. The raw data points are interpolated to 
guide the eye. 
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angle dependent ZLP-filtered data (Iel(θ)) is multiplied by the deter-
mined ratio. This allows us to avoid angular redistribution caused by 
inelastic scattering and at the same time to conserve the intensity after 
energy filtering. At the end, the rescaled ZLP-filtered data is normalized 
to the probe intensity as usual [5]. 

As discussed above, the last remaining source of discrepancy 

between the simulations and the experiments, i.e. the effect of correlated 
phonons, is angle-dependent. A free choice of detection angle using a 
fast, pixelated detector specifically allows us to accurately choose the 
range of angle leading to minimization of such angle-dependent sources 
of discrepancy. An accurate choice of angles is found by comparing the 
angle-resolved (AR) plots of experiment and simulations on Si as a 

Fig. 2. Flow chart showing the method for rescaling the ZLP-filtered data.  

Fig. 3. HAADF-STEM micrograph (a), electron energy loss spectra (b), simulated (left), unfiltered (up-right), and ZLP-filtered PACBEDs (c) of a Si sample. (d) 
Differential intensity per solid angle plotted over scattering angle obtained by azimuthal averaging of energy-filtered diffraction patterns (Dashed red: unfiltered; 
dashed blue: ZLP-filtered; solid blue: rescaled ZLP-filtered; black: simulated). The vertical dashed black line elaborates the semi-convergence angle. (e) The unfiltered/ 
simulation (red) and rescaled energy-filtered/simulation (blue) ratios. The raw data points are interpolated to guide the eye. 
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simple model material. In the beginning, the thickness of the sample I is 
determined by the well-established HAADF-STEM technique [9]. An 
experimental STEM micrograph of sample I acquired under HAADF 
conditions using a conventional annular detector is shown in Fig. 3a. It is 
normalized to the impinging beam to be comparable to the image sim-
ulations. Comparing to the multislice image-simulations explained in 
section 3, the average thickness of the sample in the 5 × 5 nm2 scanning 
area is determined to be approximately 70 nm. Fig. 3b depicts the 
electron energy loss spectrum of the same sample region. The dashed red 
line shows the whole spectrum in the range from -15 eV to 95 eV while 
the solid black line defines the position of the energy window (-5 to 5 eV) 
used for ZLP-filtered 4D-STEM. For every scanning position, both 
unfiltered and ZLP-filtered CBEDs are recorded. Fig. 3c depicts the 
simulated (left), unfiltered (up-right) and ZLP-filtered (left-right) posi-
tion averaged CBEDs (PACBEDs). There is a clear difference between the 
unfiltered and ZLP-filtered PACBEDs, as the unfiltered one is obviously 
blurred in comparison with the ZLP-filtered one which shows more 
distinct coherent information, e.g., the interference fringes in the {220} 
discs. 

To quantitatively investigate the AR intensity in each of the unfil-
tered and elastic signals, the PACBEDs were azimuthally averaged. 
Similar AR profiles were previously used to investigate the angular 
dependence of strain [17,19,29], composition and thickness [11,13,19, 
20,49], as well as plasmon excitations [21,22]. Fig. 3d depicts the 
comparison of experimental and simulated AR intensities. Red and blue 
dashed lines visualize the experimental unfiltered and ZLP-filtered in-
tensity profiles corresponding to the PACBEDs shown in Fig. 3c. The 
solid black line belongs to the simulated intensity profile using the 
thickness derived from HAADF-STEM, i.e. 70 nm. For better visualiza-
tion, the convergence semi-angle of 14 mrad is marked by a vertical line. 
At first glance, it can be seen that the slope of the ZLP-filtered data has 
better agreement with the simulation in the whole angular range 
plotted. It shows the predominant effect of inelastic scattering at low 
angles, hence filtering only elastically scattered electrons leads to a 
significant improvement of quantification at low angles. Now, the 
question arises why the intensities do not agree quantitatively. Since a 
significant amount of electrons is scattered inelastically, the intensity 
of the ZLP-filtered and simulated AR profiles clearly differs. This can 
be resolved by rescaling the ZLP-filtered data as described above to 
resemble the quasi-elastic simulation (solid blue line in Fig. 3d). 

The angular dependency can be seen in more detail in the ratio plots 
shown in Fig. 3e. The red and blue curves visualize the unfiltered and 
rescaled energy-filtered data normalized to the simulation, respectively. 
It becomes clear that the unfiltered signal does not resemble the simu-
lations up to approximately 65 mrad which can be specified as the 
minimum inner detection angle for HAADF-STEM. The agreement be-
tween the energy-filtered signal and the simulations is extended to a 
minimum angle of approximately 45 mrad, while the deviation below 
this angle can be explained by other influences mentioned above, e.g. 
neglecting the correlated phonons in image simulations. In other words, 
taking into account the phonon-colorations in the multislice image 
simulations could extend the reliable angular range further to even 
lower angles. This, however, makes the image simulations extremely 
expensive. 

As just explained, at scattering angles higher than 45 mrad a good 
match between experiments and simulations can be achieved. In addi-
tion, it was shown alongside Fig 1. that scattering angles lower than 100 
mrad are suitable for composition determination due to the high N 
sensitivity. It should be noted that in [13], similar detection angles 
applying a different detector technology were used to quantitatively 
determine the composition of N in GaNAs alloy. There, the authors 
carefully chose the detection angles to increase the SADs contrast and at 
the same time decrease the effect of inelastic scattering in the image. 
Here, however, we apply energy filtering, to extend the inner detection 
angle even further to the lower angles and improve the reliability 
accordingly. 

In combination, this results in a sufficiently large angular window be-
tween 45 and 100 mrad for the quantitative evaluation of a sample con-
taining GaNxAs1-x QWs. However, due to aberrations of the energy filter used 
in our setup, the maximum scattering angle which can be obtained without 
casting a shadow of the energy slit had to be reduced further to around 70 
mrad. Hence, only an angular range of 45-70 mrad is used in the following. 

5. Composition determination of N at GaNAs QWs 

Proposing a method of composition determination at a low-angular 
regime in the previous section allows us to move one step forward and 
quantify the N composition in a sample containing GaNxAs1-x QWs. 

The FIB prepared sample contains four thickness steps of 62, 94, 137, 
and 160 nm. For comparison purposes, at each thickness step an area 
with known material, i.e. GaAs, is used to define the thickness of the 
sample by the well-known method of HAADF-STEM. As an example, the 
HAADF-STEM image of an area at the first thickness step containing the 
GaNxAs1-x QW (marked by vertical lines) is seen in Fig. 4. The image 
intensity is already normalized to the impinging beam. Although 
replacing As atoms by a N atoms decreases the average atomic number 
in the QW, this Z-contrast HAADF- STEM micrograph does not show 
much of contrast difference between the QW and the surrounding 
barrier. However, it will be seen that by an accurate choice of detection 
angle, the N content can influence the ADF intensity more clearly, 
allowing for an accurate composition determination. 

Based on a multislice-simulation study of GaNxAs1-x and taking into 
account the effect of SADs, a specimen thickness over 75 nm was 
recommended to conduct quantitative evaluations according to [18]. 
Here, our advanced sample preparation method resulting in the 
thickness steps allows us to choose optimum condition, i.e. a step 
with 94 nm thickness, to perform the evaluations. The composition 
determination is conducted by the data taken at an area of 8 × 12 nm2 

across the GaNxAs1-x QW and including GaAs barriers on both sides. To 
compare the effect of energy filtering, both ZLP-filtered and unfiltered 
four dimensional data sets are taken. Here, the optimum detection 
angles determined in the previous section, i.e. 45-70 mrad, are applied 
to obtain the synthetic unfiltered and ZLP-filtered ADF images shown in 
Fig. 5a and Fig. 5b, respectively. Both images are taken at the same 
position of the specimen by accurately taking care of the sample drift. 
Afterwards, an accurate alignment of the images is achieved with the 
help of the SmartAlign software tool [50]. In contrast to the HAADF 
micrograph (Fig. 4), in which the QW can be hardly seen, here, the 
position of the QW is clearly distinguishable. 

Fig. 4. HAADF-STEM micrograph of the GaN0.5As0.95 sample. The position of 
the QW and the surrounding barrier are marked. 
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The contrast of the ZLP-filtered and unfiltered images are quantified 
at the centre of QW and in the barrier regions. It shows contrast 
improvement of 17.6% and 18.3% by energy filtering at the QW and 
barrier, respectively. This reflects the localization of elastic scattering at 
the atomic columns leading to a potentially more accurate composition 
determination. The relatively lower improvement of contrast at the QW 
region can be explained by the additional presence of SADs. 

The N composition in the investigated QW is determined by quan-
titative evaluation of both unfiltered and ZLP-filtered images presented 
in Fig 5. A detailed description of the composition determination pro-
cedure is reported in [10]. In short, the Voronoi intensity at every atomic 
column is calculated and related to its N content. Here, it is necessary to 
know the local thickness of the TEM sample at each atomic column. It is 
determined from a reference region of known composition, i.e. the GaAs 
barrier region, and linearly interpolated to the unknown composition 
region [9,51]. For each thickness, an intensity composition relationship is 
extracted from image simulations (Fig. 6) which can be used to deter-
mine the composition. 

To achieve this intensity composition relationship, image simulations 
are generated at different thicknesses for a variety of N contents. For 
every atomic column, the Voronoi intensity of the simulated cell with 

defined thickness is determined and correlated to the number of 
substituted atoms (blue data points in Fig. 6). The mean Voronoi in-
tensity (red data points in Fig. 6) is ultimately used for composition 
determination. 

Here, different Voronoi intensities for a fixed composition can be 
explained by the random distribution of N atoms in the simulated cell. 
Two potential factors explaining this deviation are as follows: Firstly, 
SADs at the chosen angular range of measurement strongly affect the 
ADF intensity. Obviously, the positions of the N atoms in respect to one 
another change the atomic orders in the crystal and lead to different 
local strength of SADs. Consequently, a different number of N atoms at 
the neighbouring columns can affect the Voronoi intensity of the atomic 
columns with the same number of N atoms. Secondly, the z-height 
configuration of the N atoms can also affect the intensity of the atomic 
columns with the same number of substituted atoms. 

Fig. 7a depicts the Voronoi intensities determined at group V atomic 
columns (the sub lattice with the unknown composition of N) from the 
ZLP-filtered ADF image shown in Fig. 5b. The thickness map determined 
from the barrier region and interpolated to the QW area is depicted in 
Fig. 7b. The retrieved composition map based on the thickness map in 
Fig. 7b is illustrated in Fig. 7c. Extrapolation of the Intensity composition 
relationship in Fig. 6 allows negative compositions potentially caused by 
experimental noise as well as the surface amorphous layers. The N 
composition varies from -2 to 12, mostly 0 atoms at the barrier and up to 
12 atoms within the QW. The concentration profile (red) and its stan-
dard deviation (shaded red) calculated for every lattice plane perpen-
dicular to the growth direction is visualized in Fig. 7d. To highlight the 
positive impact of energy filtering, the unfiltered synthetic ADF image 
shown in Fig. 5a is also evaluated with the method explained above and 
compared to the energy-filtered one. The evaluation details can be found 
in Fig. S2. The corresponding concentration profile (blue) and its stan-
dard deviation within one lattice plane perpendicular to the growth 
direction is shown in Fig. 7d. In addition, the box-like concentration 
profile from HR-XRD (black) is shown for comparison. 

The average thickness at the imaging area for energy-filtered and 
unfiltered data set are determined as 96.6 nm and 119 nm, respectively. 
Comparing these values to the value retrieved by HAADF-STEM (94 nm) 
shows a low deviation of 2.8% for ZLP-filtered image and a significant 
deviation of 26.6% for unfiltered image. The extreme overestimation of 
the thickness determination for unfiltered data results in an underesti-
mation of N concentration seen in Fig. 7d. Nevertheless, a very good 
agreement achieved between the concentration profile estimated by HR- 
XRD and energy-filtered STEM (EFSTEM) (red curve). The atomic res-
olution composition map obtained by EFSTEM (Fig. 7c) allows to 
investigate the composition of the sample with very high spatial reso-
lution. For example, it reveals a higher N concentration in the middle of 
the N-rich layer. 

It is worth noticing that the highly strained GaNxAs1-x QWs introduce 
surface relaxation of the thin TEM lamella, which can also have an 

Fig. 5. Synthetic ADF images obtained from unfiltered (a) and ZLP-filtered (b) signal using the optimum detection angle of 45-70 mrad.  

Fig. 6. Intensity composition relationship for GaNxAs1-x obtained at a thickness 
of 100.6 nm per atomic column for a detector range of 45-70 mrad. The Voronoi 
intensities of atomic columns with each N composition are visualized as blue 
dots, while each red dot depicts the mean intensity for an atom count. 
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impact on the angular distribution of the scattering [17,28,29]. For 
example, the scattered intensity in the angular range lower than 
approximately 40 mrad is increased drastically due to diffuse Huang 
scattering [29]. However, at the given TEM-sample geometry with a 
rather high thickness and small quantum well width, the effect is ex-
pected to be minor [29]. Anyways, this angular range was excluded here 
due to the impact of correlated phonons. 

Using the concentration profile obtained from EFSTEM, a XRD dif-
fractogram is simulated. The comparison of experimental XRD 

diffractogram and simulated XRD diffractograms for box-like concen-
tration profile and the concentration profile obtained by EFSTEM is 
shown in Fig. 8. Here in both simulations, all three QWs are assumed to 
be equivalent. For the box-like simulation, the nitrogen content, the 
widths of the QWs, of the barrier and the cap layer are adjusted to give 
the best agreement of experimental and simulated diffractograms. For 
the simulation based on the EFSTEM results the concentration profile 
obtained by EFSTEM was divided into 0.5 nm thick layers. The respec-
tive nitrogen content assumed in the simulation was determined by the 
average nitrogen content in this thin layer. Both HR-XRD simulations fit 
well to the measurements. This confirms once more the accuracy of the 
nitrogen content profile determined by EFSTEM at low angles. It also 
highlights that the EFSTEM based method for nitrogen composition 
determination is superior to HR-XRD in terms of spatial resolution, 
because e.g. gradients can be revealed. 

6. Summary 

We established a method to determine the composition of material 
systems containing light elements, by the annular dark field EFSTEM 
method utilizing a low angular range. Using the example of GaNxAs1-x, 
we additionally exploit the presence of SADs. A perfect agreement be-
tween simulations and experiments was achieved by precisely address-
ing all sources of discrepancy. The effect of inelastic scattering as the 
most predominant parameter was taken care of by filtering the ZLP with 
the help of an in-column energy filter. The effect of surface amorphous 
layers introduced during the preparation was reduced by the help of fine 
polishing using low energy Ar milling. In addition, by utilizing a fast, 
pixelated detector, we were flexible in choosing the optimum angular 
range to minimize the angle-dependent sources of error, e.g. neglecting 
the phonon-correlations in image simulations. By using Si as a simple 
model material, an accurate choice of detection angles was achievable 
by comparing the AR intensity plots of the EFSTEM data and the 

Fig. 7. Steps of composition determination of ZLP-filtered synthetic ADF image extracted from 4D data set. Intensity averaged using Voronoi cells is shown in (a). 
The thickness map (b) is interpolated from the GaAs barriers. Composition map at every atomic column (c) for the thicknesses shown in (b). Concentration profile (d) 
is calculated for every lattice plane perpendicular to the growth direction (red) along with its standard deviation (shaded red). The HR-XRD (black) concentration 
profile and the composition obtained from unfiltered synthetic ADF image extracted from 4D data set (blue) are also visualized for comparison. 

Fig. 8. Experimental XRD diffractogram and simulated XRD diffractogram for 
box-like concentration profile and concentrations obtained by EFSTEM. 
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simulations. The method was applied on a sample containing GaNxAs1-x 
QWs. The composition determined and the width of the QWs obtained 
by EFSTEM is in very good agreement with HR-XRD results. 
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A B S T R A C T

Surface segregation and interaction effects of In and Sb in (GaIn)As/Ga(AsSb)/(GaIn)As- “W”-type quantum well
heterostructures (“W”-QWHs) are investigated by high angle annular dark field scanning transmission electron
microscopy with atomic resolution. “W”-QWHs are promising candidates for type-II laser applications in tele-
communications. In this study, independent (GaIn)As and Ga(AsSb) quantum wells as well as complete “W”-
QWHs are grown by metal organic vapour phase epitaxy on GaAs substrate. The composition is determined with
atomic resolution by comparison of the experimental data to complementary contrast simulations. From con-
centration profiles, an altered segregation in “W”-QWHs in comparison to single (GaIn)As and Ga(AsSb)
quantum wells grown on GaAs is detected. In and Sb are clearly influencing each other during the growth,
including blocking effects of In incorporation by Sb and vice versa. Especially, growth rate and total amount of Sb
incorporated into Ga(AsSb) are decreased by In being present.

1. Introduction

Modern semiconductor lasers emitting in the infrared regime are
promising for application in telecommunications [1]. So called “W”-
type quantum heterostructures (“W”-QWHs) are candidates for laser
applications at 1300 nm, which allow more efficient optical tele-
communications. In our case, “W”-QWHs are type-II laser systems with
an active region consisting of a Ga(AsSb) quantum well (QW) em-
bedded between two (GaIn)As-QWs. The name “W”-QWH is based on
the shape of the resulting band structure. In type-II laser systems,
electrons and holes are spatially separated in those different QWs and
recombination takes place across the interfaces. Hence, the structure of
these interfaces is of major importance for a device’s performance.

The “W”-QWH was theoretically proposed [2–4], successfully
grown [5] and was already used for a vertical-external-cavity surface-
emitting laser emitting at 1200 nm [6]. To finally achieve efficient laser
devices at high emission wavelength, optimization is based on addi-
tional characterization of the structures. First optical characterization
can be carried out by photoluminescence measurements, while struc-
tural characterization is possible by X-ray diffraction (XRD) [5]. To
achieve structural characterization with atomic resolution, high angle
annular dark field scanning transmission electron microscopy (HAADF-
STEM) is suitable. Due to dominant Z-contrast in HAADF-STEM images,
also composition quantification is possible. This can lead to

composition determination at an atomic scale [7,8]. Complementary
contrast simulations are a common option to achieve this [9]. These
simulations can precisely match experimental results [10,11]. Given an
atomically resolved composition, effects during growth like surface
segregation or interactions between different elements can be in-
vestigated at an atomic level.

Surface segregation was shown to play an important role for the
growth of (GaIn)As- [12] and Ga(AsSb)-QWs [13] on GaAs and is
especially altering their respective interfaces. Several models were
proposed to describe the resulting concentration profiles. Among
others, these include a phenomenological model by Muraki et al. [14]
and a three-layer exchange model proposed by Godbey and Ancona
[15]. The Muraki model was successfully applied to (GaIn)As- and Ga
(AsSb)-QWs characterized by TEM methods [16–19] and is widely ac-
cepted. The three-layer exchange model was originally tailored for
describing surface segregation for SiGe/Si but was also used to describe
a material system with simultaneous segregation of In and Sb [20].
Furthermore, interaction mechanisms between In and Sb during growth
were reported before [21].

Beforehand, the “W”-QWH were investigated by HAADF-STEM and
intensity profiles obtained were discussed to explore the general
structure [22].

In this work, a superior method for local composition determination
is applied that is used to isolate the interaction effects in the “W”-QWH
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by comparison to single QWs.
The “W”-QWH as well as single (GaIn)As- and Ga(AsSb)-QWs are

investigated by HAADF-STEM and through comparison with com-
plementary contrast simulations the composition of these QWHs is
determined on an atomic level. For the composition profiles obtained,
the Muraki model as well as the three-layer exchange model are applied
to all QWHs to quantify segregation. Growth conditions are kept the
same for all (GaIn)As-QWs and Ga(AsSb)-QWs, respectively. Hence, the
interaction of In and Sb in the “W”-QWH can be investigated. In par-
ticular, the influence of Sb on the surface segregation of In and vice
versa is analysed.

To this end, first experimental methods used are described in detail.
A close discussion of surface segregation and models to characterize it is
following. Then, the determined composition of the QWHs and mod-
elling of their present surface segregation are shown. Finally, the ac-
curacy of the composition determination and interaction effects of In
and Sb during the growth are discussed.

2. Materials and methods

The investigated sample includes a single (GaIn)As-QW, a single Ga
(AsSb)-QW and a “W”-QWH between GaAs-barriers. It was grown for
the purpose of TEM investigations by MOVPE using an AIXTRON AIX
200 GFR (Gas Foil Rotation) reactor system (Aixtron SE, Herzogenrath,
Germany). The growth was carried out on exactly oriented, semi-in-
sulating GaAs (0 0 1) substrates. As group III precursors triethylgallium
(TEGa) and trimethylindium (TMIn) were used, while group V pre-
cursors were tertiarybutylarsine (TBAs) and triethylantimony (TESb).
The partial pressures of the precursors which were smaller than 1mbar
and the high-purity H2 carrier gas added up to a reactor pressure of
50mbar. Prior to the sample growth at 550 °C [5], the native oxide
layer was removed from the substrates by a TBAs-stabilised bake-out
procedure. The V/III ratios were chosen as 5.2 for GaAs, 3.9 for
(GaIn)As and 7.4 for Ga(AsSb). In more detail, the ratio of the partial
pressure of TMIn to all group III precursors was 0.75, while the ratio of
the partial pressure of TESb to all group V precursors was 0.808. The
growth of the (GaIn)As- and Ga(AsSb)-QWs in the “W”-QWH took place
under the exact same conditions as for the single (GaIn)As- and Ga
(AsSb)-QWs. No special gas switching sequence was applied at the in-
terfaces. This allows to investigate the presence of any interaction be-
tween In and Sb at the interfaces of the “inner” QW, where both ele-
ments are present at the same time.

The sample described above was conventionally prepared for cross-
sectional TEM investigations in [0 1 0]-direction. Mechanical grinding
and polishing was carried out with a MultiprepTM system (Allied High
Tech Products, Inc., Rancho Dominguez, CA, United States) down to a
thickness of approximately 20 µm, whereas the final thinning and pol-
ishing through Ar-ion bombardment took place with a precision ion
polishing system (model 691 Gatan, Inc., Pleasanton, CA, United
States). To limit amorphous layers, the acceleration voltage was gra-
dually decreased from 5 kV to 1.2 kV with an inclination angle of the
ion beam on the sample surface of 6°. Due to this preparation proce-
dure, the resulting TEM sample shows a wedge shape, i.e. a thickness
gradient. Prior to STEM investigations, the sample was plasma cleaned
to remove contaminations (model 1020 E. A. Fischione Instruments,
Inc., Export, PA, United States).

HAADF-STEM investigations were performed with a double Cs-cor-
rected JEOL JEM2200FS (JEOL Ltd., Tokyo, Japan) at 200 kV accel-
eration voltage. The convergence semi-angle of the electron probe of =α
21.3 mrad was formed by a condenser aperture with a size of 40 µm.
The JEOL EM-24590YPDFI dark-field image detector was detecting
electrons scattered to an angular range of 63–252 mrad, 60–240mrad
and 62–248 mrad for the evaluated STEM images of the single
(GaIn)As-QW, the single Ga(AsSb)-QW and the “W”-QWH, respectively.
This angular range was determined by measuring the shadow of the
detector on a CCD camera to identify the inner angle [23] while the

outer angle is four times the inner angle. Slightly different detector
angles are most likely caused by slight changes in the excitation of the
filter lenses in different sessions. Each STEM image is the average of ten
images with a dwell time of 3 µs per pixel which have been aligned
using the software Smart Align [24]. Additionally, the images were
normalised to the impinging beam with the help of a beam image [25]
on a CCD camera.

To be able to determine the composition of the QWs, com-
plementary image simulations were performed with the software
package STEMsalabim [26] which is based on the multi slice method
[27]. Chromatic aberration is taken into account by a defocus series
[28] of 7 different defoci centred at =fΔ 0 nm with a full width half
maximum of 7.5 nm [11]. Thermal diffuse scattering is incorporated by
the frozen phonon approximation [29] with 10 different atomic con-
figurations per defocus. Each atomic configuration represents a thermal
vibration by statistically displacing atoms from their resting positions.
All main parameters for the image simulation corresponding to ex-
perimental conditions are found in Table 1. 20 different super cells with
a size of 5×5×80 unit cells (X×Y×Z) were simulated. For ten of
them, (GaIn)As was simulated for In concentrations ranging from 0% to
45%. Likewise, ten super cells of Ga(AsSb) with Sb concentrations from
0% to 45% were simulated. In all super cells, In respectively Sb were
statistically distributed while fixing the concentration in the whole
super cell to the desired value. All super cells were relaxed by valence
force field relaxation [30] to consider static atomic displacements.

3. Segregation models

Surface segregation is well known for III-V heterostructures both
grown by molecular beam epitaxy (MBE) [12] and by MOVPE [14].
After its first observation [31,32] and further studies [12] several
models to describe it were developed. Moison et al. [33] came up with a
thermodynamic model that worked well for high temperatures and
small bulk layer concentrations. For lower temperatures, Dehaese et al.
[34] proposed a kinetic model that is equivalent to the one by Moison
et al. for higher temperatures. However, both models are only working
for small bulk concentrations [35,36]. Muraki et al. [14] used a phe-
nomenological model in which for every layer a certain fraction S
(segregation coefficient) of incoming atoms is segregating to the surface
layer while the rest is incorporated into the crystal. With this, for every
layer the concentration x(n) of the segregating element in layer n can be
described as

= ⎧
⎨⎩

− ≤ ≤
− >−x n

x S n N
x S S n N

( )
(1 ): 1

(1 ) :

n

n n N
0

0 (1)

where x0 is the final concentration of the segregating element and N is
the total number of deposited layers. The segregation model by Muraki
et al. was used for several studies of segregation in III-V hetero-
structures by TEM, especially for (GaIn)As [17–19]. In the case of Sb
segregation, there are also studies available [37]. Additionally, the
Muraki model was applied to InAs/GaSb super lattices [38]. In all these
cases, the Muraki model gives a reasonable description of the experi-
mental findings.

However, it was shown that in certain cases the Muraki model

Table 1
Parameters used for simulation of (GaIn)As and Ga(AsSb)
with varying composition. The parameters were de-
termined from the electron microscope used.

Electron energy 200 kV
Aperture angle 21.3 mrad
Two-fold astigmatism 0 nm
CS 2 µm
C5 5mm
CC 1.5 mm
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breaks down and the fluid three-layer exchange (F3LE) model proposed
by Godbey and Ancona [15] can offer a better description. This was
found initially for SiGe/Si where extended tails in the concentration
profile, i.e. a slow decay of the concentration, were present [39,40].
Additionally, this was reported for a material system where both In and
Sb segregation are taking place and competing with one another [20].
In contrast to the previous models where only exchange between two
layers is considered, in the F3LE model exchange can take place be-
tween the three topmost layers and an infinite surface diffusion rate is
assumed. When the growth of new layer s starts, the exchange takes

place between the topmost layer s and the second topmost layer s-1 and
between the second topmost layer s-1 and the third topmost layer s-2.
Once layer s is fully grown, layer s-2 is not included in the exchange
mechanism anymore and a new layer starts to grow. Hence, growth and
exchange take place simultaneously.

For better readability, the following equations describing the F3LE
model are given for the case of In/Ga but can analogously be used for
Sb/As. The composition of the three topmost layers taking part in the
exchange is given as

Fig. 1. HAADF-STEM images of the single (GaIn)As-QW (A) and the single Ga(AsSb)-QW (C). The intensity in both images is normalized to the impinging beam.
Magnified insets show the high resolution. Composition maps of the single (GaIn)As-QW and the single Ga(AsSb)-QW are shown in (B) and (D), respectively. The
number of In respectively Sb is given per atomic column with atomic resolution. Note, that the total number of atoms per column (i.e. the thickness) is not constant
within the image. Negative compositions are explained in the main text. Growth direction is from left to right.
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with exchange probabilities P1 and P2 that are described as
= −P ν e E kT

1 1
/1 and = −P ν e E kT

2 2
/2 . E1 and E2 are surface and bulk en-

ergies, while ν1 and ν2 are vibrational frequencies. They describe a
combination of surface and bulk lattice vibration and are normally
chosen as s10 1/13 [34,41]. T is the temperature and k the Boltzmann
constant.

In this work, both the Muraki and the F3LE model are used to de-
scribe the composition profiles of the different QWHs.

4. Results

In a first step, composition maps of the QWHs are determined from
the experimental HAADF-STEM images. The resulting concentration
profiles are used to investigate the surface segregation taking place
during the growth of QWHs by MOVPE. Therefore, both Muraki and
F3LE model are fitted to the concentration profiles.

4.1. Composition determination

To be able to determine the composition of the QWHs from the
HAADF-STEM images, first experimental images and the simulated
composition series are carefully matched considering detector sensi-
tivity [42] and source size [11]. Here, the source size parameter fitted is

not only representing the source size of the electron source. It also in-
volves the influence of amorphous layers that have been introduced by
sample preparation. These amorphous layers lead to a general redis-
tribution of intensity from the peaks to the background which can be
inherently modelled by the source size parameter. Additional influences
of amorphous layers [43] are not taken into account. Consequences
following from this will be discussed later.

The composition of each atomic column is determined by a com-
parison of Voronoi intensities [8] of simulation and experiment. By
using Voronoi intensities, the influence of surface relaxation of thin
TEM samples [44–46] on the intensity assigned to atomic columns is
reduced. For composition determination, the local thickness of each
atomic column is taken into account. A detailed description and dis-
cussion of the composition determination procedure can be found in
[47].

The HAADF-STEM images of the single (GaIn)As-QW (Fig. 1A) and
the single Ga(AsSb)-QW (Fig. 1C) together with the composition maps
derived are shown in Fig. 1. In the composition maps, for the (GaIn)As-
QW (Fig. 1B) only group III columns are shown. For the Ga(AsSb)-QW
(Fig. 1D), only group V columns are shown. The absolute number of In
atoms or Sb atoms per column is given while the thickness of every
atomic column differs. In both cases, the mean concentration of In or Sb
is varying around zero in the GaAs barriers. The thickness ranges from
25 to 31 atoms per atomic column in the case of (GaIn)As and from 24
to 28 atoms per atomic column in the case of Ga(AsSb). The thickness
maps are not shown.

For the “W”-QWH, HAADF-STEM image (Fig. 2A) and the compo-
sition maps of In where only group III columns are shown (Fig. 2B) and
Sb where only group V columns are shown (Fig. 2C) are presented in
Fig. 2.

Here, the thickness of the atomic columns ranges from 10 to 19
atoms per atomic column as the total field of view of the HAADF-STEM
image is roughly twice as large as in case of the single QWs. The
thickness of every atomic column is determined by using the other sub
lattice given a negligible influence of cross scattering [47].

An apparently negative composition of In in the Ga(AsSb)-QW and
an apparently negative composition of Sb in the (GaIn)As-QWs is de-
termined. This is caused by the local thickness determination that uses
the other sub lattice. Consequently, the increased intensity of the other
sub lattice due to compositional changes leads to a wrong thickness
determination of the group III sub lattice in the Ga(AsSb)-QW and the
group V sub lattice in the (GaIn)As-QWs. Hence, the composition is
determined for a wrong thickness which is assumed to be higher than
the actual thickness. This leads to unphysical negative compositions.
However, since all QWs in the “W”-QWH are ternary the same com-
position determination procedure can still be used and the negative
concentrations in the other QW can be omitted. So, the In composition

Fig. 2. HAADF-STEM image of the “W”-QWH (A). The intensity is normalized to the impinging beam. A magnified inset shows the high resolution. The composition
of In is shown in B, while the composition of Sb is presented in C. Again, note the varying thickness of the atomic columns. Negative compositions are explained in the
text. Growth direction is from left to right.
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is trustable everywhere but in the GaAsSb-QW, while the Sb composi-
tion is only wrong in the GaInAs-QWs. In GaAs barriers, the mean
concentration of In or Sb determined is almost zero as expected.

4.2. Surface segregation

From the composition maps, concentration profiles of the QWHs can
be obtained by averaging the composition of each lattice plane con-
sidering the local thickness of each atomic column. This yields a layer-
by-layer concentration profile of the QWHs. For the single (GaIn)As-
QWs and the (GaIn)As-QWs in the “W”-QWH, the concentration profiles
are shown in Fig. 3. The “error bars” do not give the accuracy of con-
centration determination but instead they give the standard deviation
of the concentration per lattice plane. As discussed in previous work
[22], this standard deviation reflects a Poisson-like distribution of In in
the QWs considering the experimental noise present in the measure-
ment. The experimental noise can be determined in the GaAs barrier
and could be subtracted to reveal the actual chemical fluctuation of the
ternary materials assuming quadratic addition of standard deviations.
However, this was not done in the given profiles.

The concentration profile of the single (GaIn)As-QW clearly shows
surface segregation well known for III-V heterostructures [16]. In a first
step, the Muraki model is fitted to all (GaIn)As-QWs using the Leven-
berg-Marquardt algorithm [48]. The concentration profiles together
with the fitted models are shown in Fig. 3. As inset, the fitting para-
meters of the Muraki model are given together with the R2-value of the
fit. For better visualization, for every concentration the data point (0/0)

was added. However, this does not change the fit of the Muraki model.
To specify the different interfaces, for each QW the first interface in

growth direction is called lower interface, while the second interface in
growth direction is called the upper interface. This nomenclature is
chosen based on the geometry during growth.

For the single (GaIn)As-QW (Fig. 3A), a very good description of the
concentration profile is achieved with the Muraki model. This is true for
both the lower and the upper interface. The segregation coefficient
determined as = ±S 0.68 0.03 is in good agreement with the value of

= ±S 0.65 0.05 found by Piscopiello et al. [17] for (GaIn)As also grown
by MOVPE at 550 °C.

Furthermore, the Muraki model is fitted to all the (GaIn)As-QWs in
the “W”-QWH. For the first (GaIn)As-QW in the “W”-QWH (in growth
direction, Fig. 3B), the same segregation coefficient as for the single
(GaIn)As-QW was found ( = ±S 0.68 0.07). However, the fit is not de-
scribing the data as well as in the previous case. Especially at the upper
interface where the concentration decreases and the Ga(AsSb)-QW is
already grown, the concentration profile is not well matched.

For the second (GaIn)As-QW in the “W”-QWH (Fig. 3C), the segre-
gation coefficient determined is slightly lower = ±S 0.62 0.07 but
within the errors the segregation coefficients of both (GaIn)As-QWs
agree. Again, the data is not well matched by the Muraki model ev-
erywhere: Lower (growth on Ga(AsSb)) as well as upper interface
(followed by GaAs) show some deviations from the Muraki model.

The Muraki model is also applied to the Ga(AsSb)-QWs. For the
single Ga(AsSb)-QW (Fig. 4A), the Muraki model is reasonably de-
scribing the concentration profile of Sb in the QW. In case of the Ga

Fig. 3. Muraki model fitted to the composition profiles of the single (GaIn)As-QW (A), the first (GaIn)As-QW in the “W”-QWH (B) and the second (GaIn)As-QW in the
“W”-QWH (C). The concentration of In is given as fraction averaged over one atomic layer considering the local thickness of each atomic column. Shown error bars do
not indicate the error of composition determination but the standard deviation per lattice plane. Fit parameters are given as insets.

Fig. 4. Muraki model fitted to the composition
profiles of the single Ga(AsSb)-QW (A) and the Ga
(AsSb)-QW in the “W”-QWH (B). The concentration
of Sb is given as fraction averaged over one atomic
layer considering the local thickness of each atomic
column. Shown error bars do not indicate the error
of composition determination but the standard de-
viation per lattice plane. Fit parameters are given as
insets.
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(AsSb)-QW in the “W”-QWH (Fig. 4B), the Muraki model is also
matching the Sb concentration profile reasonably.

Since the Muraki model is not matching all concentration profiles
additionally the F3LE model by Godbey and Ancona is considered to
describe the concentration profiles. This model is chosen because in
previous studies it has been shown that the F3LE model can describe
concentration profiles in certain cases where the Muraki model fails
[39,40].

For this, the resulting partial differential equations have to be solved
and fitted to the concentration profiles. Fitting is performed with the
Nelder-Mead method [49].

The time to grow one monolayer τ is determined from the growth
time for the QWs which is 11 s in case of the (GaIn)As-QWs and 13 s in
case of the Ga(AsSb)-QWs and the number of layers as determined by
the Muraki model.

The results for the (GaIn)As-QWs are shown in Fig. 5. For the single
(GaIn)As-QW (a), a very good description can be achieved. In case of
the first (GaIn)As-QW in the “W”-QWH, the data is also described well
by the model with slightly changed energies. For the second (GaIn)As-
QW in the “W”-QWH, the description is less accurate at the interfaces.

For the single Ga(AsSb)-QW, also a very good description of the
concentration profile by the F3LE model is possible (Fig. 6(a)). In case
of the Ga(AsSb)-QW in the “W”-QWH, the agreement of model and data
is reasonable considering the small amount of data especially at the
interfaces.

5. Discussion

Below, the results for both composition determination and surface
segregation are discussed.

5.1. Accuracy of composition determination

The composition determination of the different QWHs is performed
on an atomic scale. Composition determination by comparing experi-
mental and simulated STEM intensities is a statistical process. Different
z-height distributions of the substitute atoms can yield the same
Voronoi intensity which leads to an inherent uncertainty. For a given
atomic column, its composition can be determined with single-atom
accuracy with a certain probability depending on material system and
thickness. However, if the number of analysed atomic columns is large
enough, the overall composition is determined correctly [47].

For composition determination, the local thickness of each atomic
column is considered. Additionally, the simulation includes static
atomic displacements and accurate modelling of the electron micro-
scope. However, there are still several parameters which were not
thoroughly considered in the evaluation process: surface relaxation,
amorphous layers on the samples and inelastic scattering.

The surface relaxation of thin TEM samples can have a severe in-
fluence on the intensities used for quantitative STEM evaluations
[45,46]. This influence is reduced by the use of Voronoi cells as already
stated above. Additionally, the influence of surface relaxation is picked

Fig. 5. F3LE model fitted to (GaIn)As-QWs. The results for the single QW (A) and the first (B) and second (C) QW in the “W”-QWH are shown together with the
parameters used. Energies are given in eV. The parameter N describes the layer after which In deposition stops.

Fig. 6. F3LE model fitted to single Ga(AsSb)-QW (A) and Ga(AsSb)-QW in the “W”-QWH (B). The fitting parameters are given as insets. Energies are given in eV. The
parameter N describes the layer after which Sb deposition stops.
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up by local thickness treatment that factors in the local intensity of each
column. If surface relaxation changes Voronoi intensities locally, this
leads to a thickness determination deviating from the real one. Finally,
this also has an influence on the concentration determination. However,
for the QWs investigated surface relaxation plays a minor role, since the
strain is comparably low. Furthermore, a thorough consideration of
surface relaxation is not trivial since the actual sample structure and
geometry, e.g. QW width, composition and sample thickness, affect the
way surface relaxation alters the intensity [45].

Amorphous layers occur both on top and bottom of the crystalline
centre as ion bombardment during sample preparation is destroying the
crystalline sample. For GaAs based materials prepared in the same way
as in this work, the thickness of the amorphous layers both on top and
bottom was found to be 3.5 nm [50]. Hence, the thickness of the
amorphous layers present on the investigated sample is expected to be
in a similar range. Both amorphous layers lead to an increase of the
detected scattered intensity whereby the influence is larger for smaller
detector angles. The true crystalline thickness will be smaller than the
one determined without considering amorphous layers. However, if
different amorphous materials behave very similar for their intensity
increase as proposed for the case of Si and Ge by Grieb et al. [51], then
the concentration finally derived should not change. Besides the general
intensity increase, the amorphous layer on the top surface also broadens
the beam and leads to enhanced cross scattering compared to a fully
crystalline sample. Taking into account amorphous layers for quanti-
tative STEM in general and for thickness determination in particular
can be achieved by considering them in simulations or removing them
on the experimental sample by very low voltage ion milling [52]. Si-
mulation involving methods can be based on position averaged con-
vergent electron beam diffraction for the determination of crystalline
thickness, e.g. like suggested by Grieb et al. [51].

Inelastic scattering is not considered for the simulation when com-
paring experimental and simulated intensities. However, inelastic
scattering is less important for high angles used here [53] so the mea-
surements in this work performed for an angular range above 60 mrad
are not affected.

In the composition maps, non-zero concentrations of In respectively
Sb in GaAs regions are present. On the one hand, these can be caused by
the determination of the local thickness as discussed in detail elsewhere
[47]. On the other hand, the non-zero concentrations are a consequence
of the material system investigated. The local thickness of each column
is determined through Ga or As columns with a precision of one atom
by comparison of its Voronoi intensity to simulations. The atomic
number of the column is the main factor for the scattered intensity of
that atomic column. If the thickness of a column is increased by one Ga
or As column, the total atomic number Z of that column is increased by
31 or 33, respectively. In comparison, replacing a Ga atom by an In
atom or As by Sb increases the total atomic number of that column by
only 18. Hence, one additional Ga or As atom (i.e. changing the
thickness) has a larger impact on the intensity of that column than
changing the composition: The “composition sampling” of the intensity
is smaller than the “thickness sampling” of the intensity. Since all
thicknesses and compositions are found by matching intensities of si-
mulation and experiment, this leads to non-zero compositions of col-
umns in GaAs. Of course, the same effect is also happening in QWs. An
ideal material system for composition determination consists of mate-
rials where the influence of a thickness change is smaller than that of a
composition change. The small deviation from zero of the mean con-
centrations in GaAs is most likely caused by the presence of the
amorphous layer. For further discussion of the composition determi-
nation, also see [47].

In general, the composition determination method used is giving an
excellent agreement of the composition of the (GaIn)As-QW with the
composition determined by XRD and a reasonable agreement for the Ga
(AsSb)-QW. The deviations in case of Ga(AsSb) could be explained by a
stronger oxidation of the surfaces of the TEM specimen in the Sb

containing layer [54].

5.2. Interaction of In and Sb during growth

Since the growth conditions of the single QWs and the QWs in the
“W”-QWH are exactly the same, a comparison of the resulting con-
centration profiles of the QWs gives insight into the influences of In and
Sb on each other during the growth.

First, the single (GaIn)As-QW and the two (GaIn)As-QWs in the
“W”-QWH are compared to each other.

All (GaIn)As-QWs have the same maximum In concentration of
≈x 0.2 but the shape, i.e. the surface segregation, differs depending on

the material at the interface that is either GaAs or Ga(AsSb).
In case of the single (GaIn)As-QW, the Muraki model gives an

adequate description of the concentration profile obtained and the
surface segregation present as was already reported in several cases
before [16–18]. Additionally, the segregation coefficient obtained is in
good agreement with results published before for a (GaIn)As-QW grown
by MOVPE at the same growth temperature. This supports the validity
of both concentration profile and segregation coefficient determined.

In the following, descriptions of the segregation for the (GaIn)As-
QWs in the “W”-QWH are referring to the segregation for the single
(GaIn)As-QW where all interfaces consist of GaAs. To allow for quan-
titative comparison, the Muraki model is slightly modified. For the
lower interface, a segregation coefficient Sl is used while the upper
interface is described by segregation coefficient Su. This is motivated by
the inequivalence of lower and upper interface. The resulting model is

= ⎧
⎨⎩

− ≤ ≤
− >−x n

x S n N
x S S n N

( )
(1 ): 1

(1 ) :
l
n

l
n

u
n N

0

0 (9)

so that both interfaces can be treated independently. In Fig. 7, the fits
obtained for the (GaIn)As-QWs in the “W”-QWH are shown. Both give a
good description of the concentration profiles at both interfaces. The
resulting segregation coefficients at both interfaces differ from each
other which is discussed hereafter.

The first (GaIn)As-QW in the “W”-QWH shows a very similar seg-
regation at the lower interface. This is supported by the segregation
coefficients determined with the Muraki model ( = ±S 0.74 0.04l

I ).
Since both QWs are grown on GaAs under the same growth conditions
this is the expected result. A decrease in concentration takes place when
the In supply during growth is stopped. Depending on the present
segregation, this concentration decrease can take place slowly as it is
the case for the single (GaIn)As-QW. In contrast, the first (GaIn)As-QW
in the “W”-QWH shows an abrupt decay of In concentration.
Consequently, a smaller segregation coefficient for the upper interface
of = ±S 0.31 0.15u

I is connected to this abrupt decay. Since only a
limited amount of data points is used for fitting, a larger error results.
The abrupt decay is in agreement with results published by Sanchez
et al. [21] who found blocking of incorporation of segregating In by Sb.
The growth of Ga(AsSb) on the first (GaIn)As-QW can stop In in-
corporation. So, the blocking of segregating In leads to an abrupt in-
terface. While the segregation at the lower interface of the first
(GaIn)As-QW in the “W”-QWH is the same as for the single (GaIn)As-
QW, the upper interface is altered and surface segregation is suppressed
due to the interface to the Ga(AsSb)-QW in the “W”-QWH.

In line with blocking of In incorporation by Sb, the lower interface of
the second (GaIn)As-QW in the “W”-QWH deviates from the one of the
other (GaIn)As-QWs that is dominated by segregation. It does not show
the same degree of surface segregation and is more abrupt
( = ±S 0.58 0.06l

II ). This can be explained by the fact that this (GaIn)As-
QW is grown on Ga(AsSb) instead on GaAs.

Furthermore, this is connected to blocking of In incorporation. The
amount of Sb still present from the growth of the Ga(AsSb)-QW has to
drop below a certain value before the growth of the second (GaIn)As-
QW can start. Once this value is undercut, the incorporation of In

P. Kükelhan, et al. Journal of Crystal Growth 524 (2019) 125180

7



already offered and presumably floating on the surface can begin which
leads to a more abrupt interface and less surface segregation devel-
oping.

The concentration decrease at the upper interface is taking place
with a higher segregation coefficient again ( = ±S 0.76 0.06u

II ). This
surface segregation is similar to the single (GaIn)As-QW as both QWs
are followed by GaAs. However, the segregation coefficient is slightly
increased. This can be connected to the growth on already strained
layers in the “W”-QWH. Summarized, the surface segregation of the
second (GaIn)As-QW in the “W”-QWH at the lower interface is changed
due to the Ga(AsSb)-QW it is grown on and the Sb blocking In in-
corporation until the Sb content has undercut a certain value whereas
the upper interface remains almost unchanged.

All in all, the (GaIn)As-QWs in the “W”-QWH are severely altered
with regard to their surface segregation where they have interfaces to
the Ga(AsSb)-QW but show the same surface segregation as in case of
the single (GaIn)As-QW otherwise.

A comparison of the single Ga(AsSb)-QW and the one inside the
“W”-QWH shows huge differences. The concentration of Sb in the Ga
(AsSb)-QW inside the “W”-QWH is significantly decreased. Apparently,
the growth of Ga(AsSb) on (GaIn)As (in combination with In possibly
still floating on the surface) decreases the incorporation of Sb even
more severely as the other way around. This is in agreement with
findings reported by Sanchez et al. [21]. They found a GaSb layer on
(GaIn)As that was intended to contain 100% of Sb to have an Sb con-
centration of only 5%. A possible explanation would be disruption of
the surface coverage of Sb by the floating In layer since a critical
amount is needed [13].

Additionally, the QW inside the “W”-QWH has a noticeably smaller
width than the single one (10 vs. 13 atomic layers). Here, the combi-
nation of a (GaIn)As-QW before the Ga(AsSb)-QW, In possibly still
floating on the surface and a (GaIn)As-QW grown afterwards (i.e. newly
incoming In floating on the surface) is limiting the incorporation of Sb,
i.e. the growth rate of Ga(AsSb) is changed by the floating layer of In.
This could also be connected to the critical surface coverage of Sb
needed.

The Muraki model gives a reasonable description of the con-
centration profile of the single Ga(AsSb)-QW and the Ga(AsSb)-QW in
the “W”-QWH. Sb surface segregation was described by the Muraki
model before [37] so that the single Ga(AsSb)-QW is expected to be
describable by the Muraki model. The Ga(AsSb)-QW in the “W”-QWH
has two interfaces to (GaIn)As-QWs (lower and upper interface) which
is in contrast to the (GaIn)As-QWs in the “W”-QWH that have interfaces
to two different materials. Hence, the Ga(AsSb)-QW in the “W”-QWH
can be described by the Muraki model with one segregation coefficient

while the (GaIn)As-QWs in the “W”-QWH cannot as has been shown
above.

Schowalter et al. [16] empirically related the segregation efficiency
to the lattice mismatch between the materials grown. A smaller lattice
mismatch leads to a smaller segregation coefficient, i.e. a more abrupt
interface.

This relationship was tailored for single QWs and can therefore not
easily be applied to QWHs where strain builds up and additional in-
teraction between elements is present as outlined above.

Haxha et al. [20] showed that the F3LE model can be used to de-
scribe both In and Sb segregation of Ga(AsSb)/InAs grown by MBE.
Here, next to the single QWs we apply it to the “W”-QWH grown by
MOVPE. The F3LE model can be used to describe the growth of the first
(GaIn)As-QW in the “W”-QWH and also the second (GaIn)As-QW in the
“W”-QWH in presence of Sb with reasonable agreement. Additionally,
the Ga(AsSb)-QW in the “W”-QWH is reasonably described. Hence, the
description of the growth is possible when incorporating three layers.
The energies describing the exchange between layers are slightly
changed compared to the single QWs used as a reference pointing to
different growth behaviour in presence of In/Sb.

The results from the F3LE model support the statements made about
the growth before.

6. Summary

Concentration profiles of single (GaIn)As- and Ga(AsSb)-QWs as
well as of the whole “W”-QWH were determined on an atomic level by
STEM and complementary contrast simulations. With these concentra-
tion profiles, growth in general and surface segregation in particular
were investigated with regard to influences of In and Sb on each other.
Several findings were made: (i) Surface segregation plays a decisive role
in growth of “W”-QWH. (ii) In and Sb alter surface segregation of each
other. (iii) Different segregation coefficients are needed to describe the
interfaces of the (GaIn)As-QWs in the “W”-QWH as they differ for in-
terfaces to GaAs and to Ga(AsSb). (iv) On the one hand, Sb is blocking In
incorporation both after and before the growth of (GaIn)As. (v) On the
other hand, In is changing the growth of Ga(AsSb) altering both the
total amount of incorporated Sb and the growth rate.

In conclusion, surface segregation and interactions between In and
Sb during the growth of “W”-QWHs were revealed using atomic re-
solution STEM.
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Abstract Quantum wells with parabolic con�ning potentials allow the realization of

semiconductor heterostructures mimicking the physical properties of a quantum harmonic

oscillator. Here we report the attempt of attaining such parabolic quantum wells (PQWs)

within the Ge/ SiGe material platform. Multiple PQWs featuring di�erent widths and

composition have been epitaxially grown and characterized by means of high-resolution

x-ray di�raction and scanning transmission electron microscopy. The compositional pro-

�le is seen to deviate slightly from an ideal parabola, but the quantum con�ned states

are almost equally spaced within the valence and conduction band as indicated by pho-

tore�ectance measurements and k · p modelling.
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1. Introduction

Germanium and Si1−xGex heterostructures have been widely 
investigated as a means to integrate active photonic devices 
such as photodetectors [1] and optical modulators [2] on sil-
icon. Ge/Si1−xGex quantum wells (QWs) are suitable for the 
realization of optical modulators, exploiting the quantum- 
confined Stark effect (QCSE) to achieve intensity or phase 
modulation [3], even within a waveguide integrated plat-
form [4]. Most of these applications exploit multiple ‘square’ 
quantum wells (SQWs), however more efficient phase modu-
lation, intersubband photodetectors [5] or non-linear effects 
could be obtained if more complicated QW structures, such as 
asymmetric coupled QWs [6, 7] or parabolic QWs (PQWs), 
were available.

In PQWs, the confining potential mimics the well-known 
harmonic oscillator problem, giving rise to multiple resonant 
electronic states that could enhance optical non-linearities 
[8–10]. Moreover, it has been shown that even intersubband 
detectors could benefit from a parabolic confining potential, 
since the ground state would be strongly confined by rela-
tively wide barriers, resulting in low dark cur rent, while mini-
bands could be formed from excited states [11]. Polarization 
independent integrated optical switches based on QCSE have 

also been demonstrated by exploiting PQWs [12, 13]. PQWs 
also find applications in light emitting devices: THz radiation 
has been detected from subband recombination in AlGaAs 
PQWs [14], and the nature of the subband states in the PQW 
has been considered for the fabrication of lasers, exploiting 
bosonic condensation of excitons [15–17].

All previous experimental work on PQWs relied on III-V 
compound semiconductors [18]. Moreover, due to the non-
trivial growth procedure, associated with the fine control over 
the flux of precursors, in many works the parabolic compo-
sitional profile has been approximated with an ‘equivalent’ 
PQW profile realized as a superlattice [14, 19, 20]. These 
kinds of structures, which are usually deposited by molecular-
beam epitaxy, are not appealing for industrial application, due 
to the complex and time-consuming growth procedure.

The growth of PQWs in the Si1−xGex material system has 
not yet been demonstrated, but it can be promising for the 
integration on Si of detectors, modulators, and non-linear 
media operating in the mid-infrared, a spectral range where 
Si1−xGex heterostructures have already shown a great poten-
tial for sensing applications [21]. This motivated our effort 
to epitaxially grow Si1−xGex PQWs and to characterize them 
by means of high resolution x-ray diffraction (HR-XRD), and 
photo-reflectance (PR) spectroscopy. In addition, Z-contrast 
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high angle annular dark field scanning transmission electron 
microscopy (HAADF-STEM) is applied to quantify the com-
position of Si1−xGex QWs at an atomic scale, applying a proce-
dure similar to [22–25]. Our work indicates that, even though 
the concentration profile deviates from an ideal parabola, the 
optical properties of such heterostructures differ from those 
of conventional SQWs, with energy levels which are almost 
equally spaced.

2. Epitaxial growth

The nominal Ge content profile for the case of one PQW, 
embedded between two Si0.13Ge0.87 barriers and grown on a 
relaxed Si0.1Ge0.9 buffer, is shown in figure 1. The composi-
tional profile has been designed to achieve strain compensa-
tion between the compressively-strained central part of the 
PQW (which contains more Ge than the relaxed buffer) and 
the tensile-strained regions comprising the barrier and the lat-
eral parts of the PQW. Even though a parabolic compositional 
profile does not strictly provide a parabolic confining poten-
tial, the deformation potential modelling of the conduction 
band edge at the Γ point (cΓ) and for the heavy-hole (HH) and 
light-hole (LH) bands (also shown in figure 1) do not signifi-
cantly deviate from a parabola. Therefore in the following the 
small difference between the nominal compositional profile 
and the nominal confining potential will be neglected.

A set of PQW heterostructures, with varying QW thick-
ness, barrier thickness, and barrier composition (tQW, tB, and 
xB respectively) have been grown and characterized together 
with an additional SQW heterostructure for comparison. The 
relevant structural properties of the analysed samples are sum-
marized in table 1. The nominal concentration at the parabola 
vertex (and in QW region of the SQW structure) is 100% Ge 
in all cases. The heterostructures actually consist of multiple 
QW/barrier periods repeated between 10 and 50 times for the 
samples listed in table 1.

All samples have been deposited on 100 mm Si(001) 
wafers by means of low-energy plasma-enhanced chemical 
vapour deposition (LEPECVD) [26].

The relaxed Si1−xGex buffer is obtained by linearly 
increasing the Ge content with a grading rate of 7% µm−1 
from zero to a final composition ranging from x � 0.79 to 
0.93 for the different samples reported in table 1. Full relaxa-
tion is achieved by growing a 2 µm thick Si1−xGex layer on 
top of the graded part, to form a virtual substrate versus during 
the relaxed buffer deposition the growth rates varies between 
5 and 10 nms−1 and the substrate temperature is progressively 
reduced from 760 °C to 450 °C in order to suppress strain-
induced surface roughening. Typical RMS roughness and 
dislocation densities are 2.8 nm and 3 × 106 cm−3, respec-
tively [27]. During the multiple QW/barrier growth step the 
deposition rate is reduced to  ∼0.55 nm s−1 to better control 
the compositional profile, obtained by gradually changing the 
precursor gas flows (SiH4 and GeH4) by means of calibrated 
mass flow controllers.

3. Structural characterization

HR-XRD measurements have been performed on all samples 
with a PANalytical X’Pert PRO MRD diffractometer. The 
(004) and (224) reciprocal space maps (RSM) of sample 
PQW-E are shown in figures 2(a) and (b), respectively. A clear 
superlattice period is observed indicating regular periodicity 
of the multiple PQW structure, and the effective strain com-
pensation of the PQW with respect to the versus figure 2(c) 
shows the (004) ω–2θ scan, together with multi-beam dynam-
ical Darwin model simulations [28, 29] as implemented in 
xrayutilities [30]. In the inset of figure 2(c), the PQW 
profiles used for the simulations are reported. By assuming an 
ideal parabolic profile (see figure 2, blue line), it is possible to 
fit the low order peaks, however the intensity of higher-order 
peaks (at q⊥ < 7.0 nm−1) poorly fits the experimental data.

For these reasons we carried out transmission electron 
microscopy (TEM) measurements on PQW-E and on the ref-
erence SQW sample. A MultiPrepTM System was used in com-
bination with a Model 691 precision Ar-based ion polishing 
system, to obtain an electron transparent sample with a thick-
ness less than 50 nm. A double-aberration-corrected JEOL 
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Figure 1. Schematic representation of the Ge content profile, and 
resulting band-alignment, in an ideal SiGe PQW.

Table 1. Structural properties of the of the analysed PQW and 
SQW samples. For each sample the QW thickness (tQW) in nm, 
barrier thickness in nm (tB) and barrier composition (xB), relaxed 
buffer composition (xVS), and number of periods are indicated.

PQW

SQWA B C D E

tQW 25 47 62 21 37 17
tB 22 46 41 14 20 32
xB 0.87 0.87 0.85 0.655 0.7 0.85
xVS 0.93 0.90 0.92 0.80 0.79 0.90
Periods 20 20 10 15 15 50
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2200FS scanning transmission electron microscope operating 
at 200 kV was used to extract the chemical composition of the 
Ge/Si1−xGex QWs at atomic resolution, using the high-angle 
annular dark field (HAADF) technique. The incident electron 
probe’s convergent semi-angle was 21.3 mrad. In addition, a 
JEOL EM-24590YPDFI annular dark field detector was used 
to detect the scattered electrons in the range of 66–266 mrad 
and 68–270 mrad for samples SQW and PQW-E, respec-
tively. In order to decrease the noise and also avoid the effect 
of sample drift during the measurement, every image is an 
average of ten measured images non-rigidly aligned using the 
Smart-Align software package [31].

An accurate evaluation of the compositional profile of the 
Ge concentration across the QWs can be achieved by high-
angle annular dark field (HAADF) scanning transmission 
electron microscopy (STEM). The amount of Rutherford 
scattered electrons used to obtain HAADF-STEM images has 

a strong dependence on atomic number. Thus, the resulting 
images are sensitive to the chemical composition of the 
material, i.e. heavier atoms of Ge cause higher intensity in 
an image of a Ge/Si1−xGex structure. The atomic resolution 
HAADF-STEM measurements of the SQW and PQW-E sam-
ples in the [0 1 0] direction are shown in figures 3(a) and (b), 
respectively. The growth direction in both measurements is 
from right to left starting from a buffer layer, showing the 
barrier and then the first QW. As can be seen in both images, 
the lower concentration of Ge in the barrier causes lower 
intensity in both samples. In order to quantitatively analyse 
the chemical composition of Ge in every atomic column, it 
is necessary to compare the measured images with the com-
plementary contrast simulations obtained from the software 
package STEMsalabim [32]. The determination of the con-
centration is explained in detail in [33]. Due to the depend-
ence of the HAADF-STEM intensity on the sample thickness 
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Figure 2. HR-XRD measurements of sample PQW-E. (a) Symmetrical and (b) asymmetrical reciprocal space maps, taken around the 
(004) and (224) peaks respectively, show that the buffer is fully relaxed and that the periodic PQW structure is lattice-matched to the final 
composition of the versus (c) A detailed ω–2θ scan through the (004) reflection can be compared to the results of dynamical simulations for 
the ideal and truncated PQW profiles shown in the inset. The truncated PQW profile provides a satisfactory fit even at higher-order satellite 
peaks, which is not true of the best ideal PQW fit.
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in addition to atomic number, it is necessary to determine 
the spatial dependence of the sample thickness. Since the 
average concentration of Ge in the versus is known from 
HR-XRD, Si1−xGex layers with the specified concentration 
can be simulated and the resulting images can be compared 
with the measured images in order to locally determine the 
thickness. This thickness map can then be used to obtain the 
Ge concentration of each atomic column. The profiles of 
Ge concentration in every lattice plane perpendicular to the 
growth direction in both samples are illustrated as superim-
posed curves in figures 3(a) and (b), respectively.

The nominal widths of the first barrier and QW were 32 
and 17 nm for the SQW sample, and 10 and 37 nm for PQW-E 
(in the case of PQW-E the barrier before the first PQW was 
half the width, nominally 20 nm, of the barriers between each 
PQW). Although fluctuations are clearly visible in the con-
centration profiles, the averaged values closely match the Ge 
concentration obtained from HR-XRD. The HR-XRD meas-
urements of the SQW sample match with dynamical simu-
lations specifying Ge concentrations of 84.0% and 98.5% in 
the barriers and QWs, respectively, with widths of 30.5 and 
18.5 nm. In figure  2, the simulated ideal PQW profile finds 
65.8% in the barriers (width 16.0 nm, so a first barrier width of 
8.0 nm) and 100% at the highest point of the QWs (total PQW 
width 36.0 nm).

In the SQW, intermixing is visible at both bottom and top 
interfaces to a similar degree, indicating the absence of strain 
induced roughening typical of Si1−xGex heteroepitaxy [34]. 
Although the Ge content profile of the PQW substantially dif-
fers from that of the SQW, it does not completely match that 
of a parabola. In particular the high Ge-content part appears to 
be flattened, to form a region with an almost constant Ge con-
tent of x � 0.98. To validate the statistical relevance of the Ge 
profile extracted from the STEM analysis of figure 3, we have 
modelled the HR-XRD spectra of figure 2(c) by assuming a 
truncated parabolic profile (see figure 2(c), red line). In this 
case, the modelling nicely reproduces also the high-order 
superlattice peaks, thus confirming the STEM analysis. In 
figure 2, the simulated truncated PQW profile finds 65.8% in 

the barriers (width 16.6 nm) and 97.9% in the highest point of 
the QWs (total PQW width 35.4 nm).

4. Transition energies and absorption coefficient 
calculations

An eight-band k · p method implemented in nextnano 
[35] has been used to calculate the energy levels around the 
Γ point of the conduction and valence bands. The inten-
sity of the optical interband transitions has been calculated, 
including excitonic effects, by means of an energy-minimi-
zation approach [36, 37]. The relevant deformation potentials 
are shown in table 2 and Luttinger parameters have been taken 
from [38]. An average valence band offset of ∆EAv

v = 0.8 eV 
has been used in agreement with ab initio calculations of [39] 
and experimental data in [40, 41]. The compositional profile 
and strain levels required as an input for the k · p calculations 
have been extracted from the HR-XRD and STEM analyses 
presented in the previous section.

Figure 4(a) shows the confining potential and the ensuing 
energy levels at the Γ point of the CB for three different con-
fining potentials. In one case, the k · p calculation has been per-
formed using the compositional profile from the STEM data 
of figure 3 and assuming a pseudomorphic interface between 
the strained multiple PQW structure and the relaxed buffer. 
In a second case, a parabolic best-fit of the STEM-extracted 

Figure 3. HAADF-STEM images of the samples (a) SQW with ‘square’ QWs and (b) PQW-E with parabolic QWs. The intensities are 
normalized to the impinging beam. In addition, assuming the virtual crystal approximation, the images are calibrated based on the lattice 
constant of the buffer layer (visible on the right of the images) calculated from average concentrations measured from HR-XRD. The 
average concentration profile in every lattice plane perpendicular to the growth direction of the SQW and PQW-E samples is superimposed 
onto their respective HAADF-STEM images.

Table 2. Relevant deformation potentials (in eV) for Si and Ge.

Si Ge

aΓ
c −10.39a −10.41a

av 1.80b 1.24b

b −2.10c −1.88d

EΓ
g  at RT 4.2e 0.80

a Wei et al [42].
b Van de Walle [43].
c Laude et al [44].
d Liu et al [45].
e Aulbur et al [46].
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profile has been used as a confining potential, thus obtaining 
a finite barrier harmonic oscillator. Eventually the parabolic 
profile has been extended to the infinite barrier case, thus 
recovering an ideal harmonic oscillator potential. Figure 4(a) 
suggests that the deviation of the STEM profile from an ideal 
parabolic profile does not completely spoil the regular spacing 
of the energy levels. This is confirmed by figure 4(b) where 
the energy spacing of the first four quantum confined states 
are compared for the case of an ideal parabolic potential, the 
best-fit finite barrier parabolic profile and the STEM profile. 
Equally spaced energy levels are obtained even in the case of a 
non-ideal confining potential, with small deviations due to the 
finite height of the barrier, for the higher quantum numbers.

5. Photoreflectance measurements

In order to experimentally confirm the onset of equally spaced 
transitions, photoreflectance (PR) measurements [47–49] have 

been performed on the PQW and reference SQW sample. At 
variance with transmission measurements, PR gives access to 
transitions with energies exceeding the absorption edge of the 
substrates (indirect gap absorption in the graded buffer and 
Si wafer in our case). Moreover, the derivative nature of the 
PR signal highlights low intensity transitions such as those 
involving quantum confined states with different quantum 
numbers. The reflectivity is measured by shining a mono-
chromatic beam on the sample surface, obtained by means of 
a lamp-monochromator set-up (Newport® Cornerstone 260) 
with a typical resolution of  ∼4 nm. The reflected light is then 
collected and focused on a Thorlab® Ge DET50 detector. The 
reflectivity signal is acquired from a region of the sample sur-
face simultaneously illuminated by means of a 632 nm laser 
diode with typical output power of 10 mW, modulated by a 
mechanical chopper at 387 Hz. The electric field associated 
with the generation and recombination of photoexcited car-
riers modulates the samples reflectivity which is demodulated 
by means of lock-in amplifier. The room temperature PR 
spectra of the SQW is shown in figure 5(a), which also shows 
the fitting curve obtained by using the PR lineshape [49] for 
each transition j  given by:

∆R
R

= Re
∑

j

AjeiΦj (E − Ej + iΓj)
−k

 (1)

Figure 4. (a) Conduction band (cΓ) energy profile and quantum 
confined levels for the compositional profile extracted from 
figure 3 (red solid line) and a finite-barrier parabolic profile fitted 
to STEM profile (blue solid line) shown in the panel. The energy 
levels corresponding to these two profiles are shown as the dashed 
horizontal lines. Energy levels corresponding to an ideal infinite-
barrier harmonic oscillator are also shown as bold black segments. 
(b) Energy difference between cΓ1 and cΓm for m = 2, 3, 4, 5 for 
the three confining potentials under investigation.

Figure 5. Photoreflectance spectra for (a) the SQW and (b) sample 
A. In both cases the contribution to the overall spectrum of each 
transitions is vertically displaced for the sake of clarity while the 
continuous line represents the best-fit to the experimental data 
(circles).

J. Phys. D: Appl. Phys. 52 (2019) 415105
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where Aj  and Φj  are the amplitude and phase of the lineshape, 
Ej  is the energy of the transition and Γj  is the broadening 
parameter. The k parameter in (1) takes the value of k  =  2 in 
the case of excitonic transitions, k  =  3 for 2D critical points 
and k  =  2.5 for 3D critical points [50, 51].

Due to the large number of free parameters the fitting pro-
cedure has been performed using the transition energies and 
absorption coefficient obtained by k · p modelling as initial 
values. Almost all the transitions observed in figure 5 are attrib-
uted to excitonic transitions within the QW with the exception 
of the two features at higher energy which can be ascribed to 
LH-cΓ and HH-cΓ transitions in the strained Si0.15Ge0.85 bar-
rier [50, 51]. As an example the PR spectrum of sample A is 
shown in figure 5(b) together with the lineshape fitting curve. 
Figure 6 shows a comparison between the transition energies 
extracted from PR measurements and those calculated by k · p 
modelling. For this sample the simulated structure has a 25 nm 
thick PQW with a vertex composition xQW = 0.992, 21 nm 
thick barriers with a composition xB = 0.87, and a versus 
composition xVS = 0.93. Experiments and calculations are 
in very close agreement demonstrating the robustness of 

our analysis and the correct labelling of optical transitions. 
Information regarding strain and composition of the barrier 
can be obtained considering the values and separation of the 
LH-cΓ and HH-cΓ transitions in the barrier [50]: the tensile 
strain in the barriers leads to a separation of the LH and HH 
bands, raising the energy of the LH and decreasing HH (the 
HH-cΓ energy gap is Eg = 1.273 eV). This information, 
combined with the Ge content of the barrier and the versus 
extracted from the XRD, further confirms the self-consistency 
of the parameters used in the simulations. A similar analysis 
has been performed on all samples reported in table 1 and the 
extracted transition energies are reported in table 3.

6. Discussion

In the case of a PQW the transition energy En,m between the 
nth HH state and the mth cΓ state can be written as:

En,m = Eg +

(
n − 1

2

)
∆HH +

(
m − 1

2

)
∆cΓ, (2)

where ∆HH and ∆cΓ are the HH and cΓ confined state energy 
spacings, respectively. The energies of optical transitions 
between states with the same quantum number (n  =  m) should 
therefore be equally spaced by

Figure 6. Comparison of the transition energies extracted from the 
PR measurements on sample A in figure 5(b), and calculated by 
k · p modelling.

Table 3. Transition energies as obtained from PR measurements.

PQW

SQWA B C D E

HH1-cΓ1 0.918 0.877 0.853 0.992 0.963 0.880
LH1-cΓ1 0.932 — 0.881 1.058 — 0.895
HH3-cΓ1 0.958 — — 1.083 0.979 —
HH2-cΓ2 0.984 0.913 0.907 1.131 1.035 0.934
HH1-cΓ3 1.010 — — — 1.074 0.957
HH3-cΓ3 1.054 0.958 0.933 1.253 1.118 1.032
HH2-cΓ4 1.089 — — — 1.144 1.056
HH4-cΓ4 1.125 1.011 0.966 — 1.222 1.129
HH3-cΓ5 1.154 — — — — —
HH5-cΓ5 1.201 1.064 1.010 — 1.321 —
HH6-cΓ6 — 1.111 1.048 — — —

Figure 7. Energy of the transitions between quantum confined 
states HHn–cΓm with n  =  m for all the PQW samples. The straight 
lines represent least-squares linear regressions of the experimental 
data.

Table 4. Summary of results obtained from the linear regression 
of the transition energies. ∆En,m given by (3) is the difference in 
energy (in meV) between the HHn-cΓm and HH(n + 1)-cΓ(m + 1) 
transitions, for n  =  m, and the corresponding standard deviation is 
given in parenthesis. R is the coefficient of correlation for the linear 
regression.

PQW

SQWA B C D E

∆En,m 70(1) 48(1) 37(1) 131(5) 89(4)
R 0.999 0.997 0.998 0.998 0.996 0.985

J. Phys. D: Appl. Phys. 52 (2019) 415105
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∆En,m = En+1,m+1 − En,m = ∆HH +∆cΓ. (3)

To benchmark our heterostructures against this fundamental 
property of PQWs, the data reported in table  3 have been 
recast in figure 7 showing the transition energies for increasing 
quantum numbers n and m  =  n. Indeed the data points appear 
to follow a linear behaviour. The values of ∆En,m obtained 
from a least-square linear regression for all the samples under 
investigation are reported in table 4 together with the coeffi-
cient of correlation R. For the PQWs R is always approaching 
0.99 while it is 0.98 in the SQW case. Consequently standard 
deviations of a few meV are found in the case of the PQWs 
while a value of 10 meV is found for the SQW sample. These 
results indicate that, despite the non-ideal compositional pro-
file, equally spaced energy levels are obtained in PQWs.

Relying solely on transitions involving quantum con-
fined states with n  =  m it is possible to estimate only 
∆HH +∆cΓ, however PR measurements give access also 
to transitions between states with different quantum numbers 
i.e. n �= m. Even though the heterostructures under invest-
igation are not perfectly symmetric the only measurable trans-
itions are those linking two odd or two even states. In order 
to extract the values Eg, ∆HH, and ∆cΓ starting again from 
(2) we have performed least square fitting this time including 
both n  =  m and n �= m transitions. In the case of the PQW 
sample A, values of Eg = 0.885 eV, ∆HH = 0.020 eV, and ∆
cΓ = 0.046 eV have been obtained. The sum of the ∆HH and 
∆cΓ is 67 meV, in good agreement with the linear fit reported 
in figure 7 and table 4, which validates our analysis.

7. Conclusions

We have designed, epitaxially grown, and characterized, 
by means of HR-XRD and STEM, Ge/SiGe quantum wells 
with the aim of achieving a parabolic confining potential. 
Photoreflectance measurements indicate that the quantum 
confined levels are equally spaced in energy. These results 
are analysed using an 8-band k · p approach implemented 
in nextnano simulations. These results might be exploited 
in mid-IR intersubband detectors and for second-harmonic 
generation.
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Abstract Most of today's electronic devices, like solar cells and batteries, are based on

nanometer-scale built-in electric �elds. Accordingly, characterization of �elds at such

small scales has become an important task in the optimization of these devices. In

this study, with GaAs-based p=n junctions as the example, key characteristics such

as doping concentrations, polarity, and the depletion width are derived quantitatively

using four-dimensional scanning transmission electron microscopy (4DSTEM). The built-

in electric �elds are determined by the shift they introduce to the center-of-mass of

electron di�raction patterns at subnanometer spatial resolution. The method is applied

successfully to characterize two p=n junctions with di�erent doping concentrations. This

highlights the potential of this method to directly visualize intentional or unintentional

nanoscale electric �elds in real-life devices, e.g., batteries, transistors, and solar cells.
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ABSTRACT: Most of today’s electronic devices, like solar cells and
batteries, are based on nanometer-scale built-in electric fields.
Accordingly, characterization of fields at such small scales has
become an important task in the optimization of these devices. In
this study, with GaAs-based p−n junctions as the example, key
characteristics such as doping concentrations, polarity, and the
depletion width are derived quantitatively using four-dimensional
scanning transmission electron microscopy (4DSTEM). The built-in
electric fields are determined by the shift they introduce to the
center-of-mass of electron diffraction patterns at subnanometer
spatial resolution. The method is applied successfully to characterize
two p−n junctions with different doping concentrations. This
highlights the potential of this method to directly visualize
intentional or unintentional nanoscale electric fields in real-life devices, e.g., batteries, transistors, and solar cells.

KEYWORDS: p−n junctions, electric field measurements, transmission electron microscopy, 4DSTEM, momentum-resolved STEM

The functionality of most of today’s devices, like
transistors, batteries, and solar cells, relies on built-in

electric fields with strengths in the order of MV/cm. Their
extensions can range from several tens of nanometers down to
the atomic scale. The precise control of intentional as well as
the detection of any unintentional, parasitic electric fields and
their fluctuation is of major importance for a device’s
functionality. Accordingly, several experimental approaches
have been proposed for imaging built-in electric fields such as
(scanning) Kelvin probe force microscopy (SKPFM)1,2 and
electron beam induced current (EBIC) in a scanning electron
microscope.3,4 The spatial resolution of these methods is
limited by the size of the tip used or the diffusion length of the
electrons, respectively. Because of its even higher spatial
resolution, (scanning) transmission electron microscopy
((S)TEM) has proven a valuable tool for the detection of
such nanoscaled electric or also magnetic fields as well. One
possible method is, e.g., the TEM-based “Focault” or
“displaced aperture” method, which was first reported in
1969 by Titchmarsh et al.5 to image Si p−n junctions. In this
method, the central diffraction spot is observed to distort when
the electron beam interacts with the electric field at a p−n
junction. Therefore, by carefully positioning an aperture over
the distorted spot, an image sensitive to the electric field can be
obtained. Shortly after, Merli et al.6 reported the imaging of Si
p−n junctions using the “Fresnel” or “out-of-focus” method. As
suggested by its name, this method makes use of a defocused

electron beam and can be used in both conventional and
scanning modes.7,8 However, defocused TEM imaging suffers
from interpretability and spatial resolution issues. More recent
work has made use of developments in electron holography,
not only to image but also to obtain quantitative values for the
electrostatic potential at p−n junctions in Si and GaAs
specimens.8−14 This method requires a highly specialized
setup, in which the electron beam is split to obtain a reference
wave that is later interfered with the electron beam after it has
interacted with the specimen. Finally, the characterization of a
GaAs p−n junction has been carried out using the differential
phase contrast (DPC) imaging method.15 The application of
this technique revealed a high sensitivity to the presence of
electric fields and varying dopant concentration, but with
relatively low spatial resolution (≈12 nm).
More recently, fast pixelated STEM detectors became

available, which allow the acquisition of a full diffraction
pattern at each scan point, resulting in four-dimensional STEM
(4DSTEM) data sets.16−20 These data sets are rich in details
and allow to use various techniques, e.g., nano diffraction,
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ptychography or momentum resolved STEM (MRSTEM) to
derive different information.21 Using MRSTEM, a present
electric field can be measured directly by the momentum
transfer, notably by the center-of-mass (COM) shift it induces
of the diffraction pattern. The shift angle θ is directly
proportional to the electric field if the electric field does not
vary at the scale of the probe:22

E h v tsin( )/ /( e)θ λ= − · · · (1)

with h being Planck’s constant, λ being the wavelength, v the
relativistic speed and e the charge of the electron. The t in the
equation denotes the distance for which the electron is affected
by the field, which corresponds to the thickness of the TEM
sample in this case.
So far, this technique has been mainly used to address the

electrostatic fields of the atoms within a sample.22−24 This
requires samples which are as thin as 5 nm or even two-
dimensional inherently like MoS2 or WS2. In contrast to this,
here we aim for the quantification of longer-range electric fields
present in actual devices. Such fields are usually 2 orders of
magnitude smaller than the atomic fields, making their
detection a real challenge. However, quantitative character-
ization of these electric fields is of major interest, since they are
the basis for the functionality of several devices. To facilitate
this task, much higher sample thicknesses of a few hundreds of
nanometers are needed to increase the relative contribution of
the longer-range fields and to reduce the contributions of the
atomic fields.
One suitable benchmark system to test the capabilities of a

method to measure electric fields is the p−n junction with its
well-defined fields mainly determined by the doping
concentrations on each side of the junction. In addition, the
junction can be formed within the same material, e.g., GaAs, so
no interface between two materials is present, which could
influence the COM data.25,26 So far, the doping levels derived
by TEM methods differ from the ones derived by established
non TEM-related methods like electrochemical capacitance−
voltage (ECV) or Hall measurements. Mostly, the electric
fields are underestimated, which is attributed to the presence of
dead layers on the sample surfaces. They are supposed to arise
from TEM specimen preparation and/or oxidation at the
surfaces and do not contribute to the electric field.15,27,28 But
also a perfect, nonamorphized surface provides surface states,
which could result in parasitic electric fields that could actually
oppose the fields which should be measured.
Here we use imaging conditions that are also used to

perform high-resolution STEM images. For the acquisition of
the resulting convergent beam electron diffraction pattern, a
fast pixelated-detector is used. We will show that this setup
does not deteriorate the detection of the electric field, but on
the contrary, the measurements benefit from the higher spatial
resolution compared to other methods applied. In order to
investigate the capabilities of the experimental setup, we probe
two different p−n junctions with different doping concen-
trations and opposite polarity, i.e., n−p and p−n. We apply
advanced focused ion beam (FIB) TEM-sample preparation,
resulting in samples with defined thickness steps which allows
the measurement of the thickness-dependence of the electric
field in the TEM sample. Moreover, this facilitates a detailed
study on the impact of dead layers.

■ RESULTS
In a first example, the two p−n junctions are investigated for a
fixed TEM-sample thickness of approximately 245 ± 10 nm,
which was determined by electron energy loss spectroscopy
(EELS)29 and verified by imaging during the FIB preparation.
Figure 1a shows a schematic of the prepared TEM sample.

Two AlAs marker layers separating the individual junctions
from one another are visible by their dark contrast in the high
angle annular dark field (HAADF) overview image of the
region of the two p-n junctions (b). As expected, the very
junctions do not show any contrast in the HAADF image,
since the small concentrations of C and Te are too little to give
any notable change in atomic number detectable by HAADF.
The geometry of the experimental MRSTEM setup is
illustrated in Figure 1c.
Panels a and d of Figure 2 show higher magnification

HAADF images of the higher and lower doped junction,
respectively, which were acquired at the positions of the white
squares marked in Figure 1b. We want to stress once more that
the p−n junctions do not exhibit any contrast in the HAADF
images. For illustration purposes, the calculated position-
averaged convergent beam electron diffraction pattern
(PACBED), i.e., the average of all 65,536 diffraction patterns
acquired across the field of view, of each data set is shown as an
inset in (a) and (d), respectively. The patterns were rotated by
235° to align the real space and diffraction space coordinate
systems. This rotation was taken into account for the
evaluation of the COM data in the following. Figure 2b

Figure 1. A schematic of the structure of the investigated sample is
shown in (a). The optimized FIB preparation allows for the
measurement of the two p−n junctions at several, here seven,
individual sample thicknesses in the TEM. Two AlAs marker layers
are visible by their dark contrast in the HAADF overview image of the
region of the two p−n junctions (b), whereas the actual junctions do
not show any contrast. White squares mark the regions where the
momentum resolved measurements are carried out. The geometry
used in these measurements is illustrated in (c).
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shows the color coded [001] component of the COM shift at
each scan point. The electric fields of the atomic columns lead
to a significant low-frequency variation in the COM signal.
This is due to the fact that the narrow STEM beam randomly
probes different positions of a unit cell of the GaAs crystal, i.e.,
at an atomic column or at the vacuum in between the columns.
A three-dimensional representation of this data set is shown in

Figure SI1 to better visualize the variation induced by the
atomic potentials. This atomic signal can be removed by low-
pass filtering or averaging over a suitable area in real space.
However, even in the unfiltered data, a significant shift in the
opposite of the growth direction is visible at the position of the
p−n junction, which is in line with the expected electric field.
The corresponding COM signal for the perpendicular [1̅10]

Figure 2. Experimental STEM measurements of higher (top panel) and lower doped (bottom panel) GaAs p−n junctions. The HAADF images of
the regions of the higher (a) and lower (d) doped p−n junctions do not exhibit contrast at the position of the junction. The intensity gradient from
top to bottom is attributed to a slight thickness gradient of the TEM sample, which is in the range of the accuracy of the thickness measurement,
i.e., ±10 nm. The corresponding PACBED patterns are shown as insets in (a) and (d), respectively. The patterns were rotated by 235° to take into
account the rotation between real and reciprocal space. The color-coded center of mass signal (COM) of the higher doped junction (b) shows a
significant shift opposite of the [001] growth direction at the depletion region. An opposite shift is observed in the signal of the lower doped
junction (e) due to the opposite polarity of the junction, i.e., p−n instead of n−p, in the growth direction. No notable shift is observed in the
perpendicular direction, which is shown in (c) and (f).

Figure 3. Profile of the COM shift in the growth direction derived from the higher doped p−n junction shown as a blue line in (a). The right y axis
gives the actual shift measured in mrad, whereas the left y axis gives the corresponding electric field calculated for a sample thickness of 245 ± 10
nm. Linear fits to the rise and fall of the peak in electric field are shown as black dashed lines. The electric field/shift calculated from the doping
levels determined by ECV is plotted as a red line. The integral over the experimental electric field, which corresponds to the built-in voltage, is
shown as a blue line in (b). Again, the curve calculated from the ECV measurements is plotted in red. The corresponding graphs for the lower
doped p−n junction are collected in (c) and (d).

Nano Letters pubs.acs.org/NanoLett Letter

https://dx.doi.org/10.1021/acs.nanolett.0c04544
Nano Lett. 2021, 21, 2018−2025

2020



direction (Figure 2c) does not show any observable shift at the
position of the junction, but still the low-frequency variation.
The lower panel of Figure 2 shows the corresponding data

for the lower doped p−n junction, which intentionally exhibits
the switched polarity compared to the higher doped junction,
i.e., p−n in growth direction instead of n−p like before.
Accordingly, the opposite deflection of the beam is visible in
the [001] COM component, which is shown in Figure 2e.
Moreover, the magnitude of the shift is reduced and the width
of the region with notable deflection, which corresponds to the
depletion region, is wider, in accordance with the reduced
doping concentration. In analogy to the higher doped junction,
the [110] component of the lower doped junction does not
show any significant deflection at the junction.
In the following, the characteristic properties of the p−n

junctions will be derived from line profiles, which are collected
in Figure 3. By averaging the COM signal along the [1̅10]
direction, the influences of the atomic electric fields are
averaged out, whereas the high spatial resolution along the
[001] axis is maintained. A quantitative comparison to the data
derived from ECV and by modeling will be carried out later,
considering all seven thicknesses available in the TEM sample.
Figure 3a depicts the vertically averaged COM signal of the
higher doped p−n junction as a blue line. The x axis is
centered at the position of the maximum absolute shift whose
magnitude is −76 μrad. Using eq 1 and taking into account the
sample thickness of 245 ± 10 nm, this shift would be caused by
a maximum electric field of 1.07 MV/cm. The left y axis shows
the strength of the electric field. For visualization purposes, the
direction of the COM axis is inverted, since shift and electric
field exhibit opposite signs, due to the negative charge of the
electron. An asymmetry of the peak is clearly visible, with a
steeper slope on the left (n) side compared to the right (p)
side of the junction. This reflects the different doping levels ND
and NA of the n and p side of the junction, since the slopes of
the fall and rise of the electric field are given by e/εND and e/
εNA, respectively,

30 with ε being the permittivity. Linear fits to
the data, which are shown as black dashed lines, yield 6.6 ×
1018 and 5.1 × 1018 cm−3 for ND and NA, respectively. The
width of the peak, which corresponds to the depletion region
of the junction, is 27 nm, i.e., 12 and 15 nm on the n and p
side, respectively. These values were determined by the
intersections of the fits with y = 0. The course of the plot is
in very good quantitative agreement with the expected shift,
which was simulated using the nextnano software31 using the
doping concentrations from ECV as input (red line).
Integrating the electric field results in the potential, which is
depicted in Figure 3b. The curve resulting from the MRSTEM
measurement is shown as a blue line, whereas the ECV curve is
shown in red. On the basis of the MRSTEM data, the potential
exhibits a step of approximately V0 = 1.6 V across the junction,
which corresponds to its built-in voltage. However, there are
some discrepancies from the expected step-function-like
appearance, since some fluctuations are visible especially on
the left, i.e., n side of the junction. However, it cannot be
concluded whether these are caused by experimental noise or
an actual variation in built-in potential due to inhomogeneous
doping concentrations.
The corresponding plots for the second junction are shown

in Figure 3c,d. In accordance with the lower doping
concentrations, the maximum shift detected is 46 μrad only,
which corresponds to a maximum electric field of −0.64 MV/
cm at the given thickness. Due to the inverted polarity, the

shift now points toward the growth direction. The asymmetry
between p and n regions is nicely observable with a less steep
slope on the left (p) side than on the right (n) side. The
doping concentrations derived are 1.9 × 1018 and 3.1 × 1018

cm−3 for p and n sides, respectively. The total depletion width
is 38 nm and consists of 24 nm on the p side (left) and 14 nm
on the n side (right). The derived potential, which is plotted in
Figure 3d, exhibits a step of V0 = −1.35 V. Please note that the
zero level of the potential was chosen on the right-hand side of
the junction, where the profile derived by MRSTEM exhibits a
plateau.
So far, the two p−n junctions were investigated for one

sample thickness only. To achieve better statistics and allow for
a meaningful comparison of the values derived by MRSTEM to
the values derived by ECV, analogue evaluations were carried
out for all seven different thicknesses available in the TEM
sample. The data derived are collected in Figure 4, where the

maximum COM shifts for the higher and lower dopings are
shown as blue circles and blue crosses, respectively. Both
junctions show a clear linear behavior of the shift with respect
to the thickness, with the slope being directly proportional to
the electric field, as expected from eq 1. The slope of the
higher doped junction is steeper in accordance with the higher
doping concentrations. The blue lines represent linear fits to
the experimental data, whereas the red lines represent the
behavior expected from the doping levels measured by ECV.
This thickness-dependent way of displaying the data also
allows to address the presence of dead layers on the sample
surfaces. If there were any dead layers, the COM shift should
be observable only if the sample thickness exceeds their
thickness. In other words, the linear fits in Figure 4 should pass
y = 0 at a finite positive thickness, reflecting the dimension of
the dead layers. Vertical lines in the respective style mark these
crossing points for the higher and lower doped junction,
respectively. We find dead layer thicknesses of tDL = 5 ± 18 nm
for the higher doped one and an unphysical negative value of
tDL = −54 ± 51 nm for the lower doped one, which is most
likely caused by the higher experimental uncertainty at this
junction. The errors given are based on the standard deviations
of the fit parameters of the linear fits. Considering the error
bars, both fits pass through the origin of the coordinate system,
which means there are no significant dead layers present on the
surfaces. This is a clear improvement over the 112 nm on each

Figure 4. Thickness dependence of the maximum COM shift across
the two p−n junctions (higher doping: blue circles, lower doping:
blue crosses). The blue lines are linear fits to the experimental
MRSTEM data. Vertical lines denote the crossing points of these fits
with the x axis. The red lines represent the shifts expected from the
ECV doping levels.
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side, which was reported before.15 This could be achieved by
the improved sample preparation, resulting in negligible
amorphous layers. Moreover, surface states, which are also
present at a perfect, nonarmorphized surface, also do not play
an important role, due to the comparably high TEM-sample
thicknesses and doping levels in the junctions.
In total, a good quantitative agreement between MRSTEM

and ECV is observable, which will be discussed in more detail
in the following.
The average quantities derived from the measurements at

different sample thicknesses are collected in Table 1 alongside
the values assuming the doping concentrations from ECV
measurements.
The experimental variations observable in between the

COM measurements for different thicknesses consolidate in
the standard deviations given for each property. However, no
systematic dependence on thickness was observed. Comparing
the experimental and calculated values, it becomes apparent
that especially the values for the width of the depletion regions
are in excellent agreement. Also, the asymmetries caused by the
different doping levels on each side of the respective p−n
junction are perfectly retrieved in the experiment. The
maximum electric field EMax of the higher doped junction is
−1.7 times higher than the one of the lower-doped junction,
which is in good agreement with the factor of −1.5 expected
from ECV. However, there is a notable deviation between the
experimental and calculated absolute values of EMax. The
experimental value and the connected properties NA, ND, and
V0 are approximately 10% lower than expected for the higher
doping and 15% lower than expected for the lower doping. For
both junctions, the highest deviation can be observed on the n-
doped side. In both cases, the doping level ND determined by
MRSTEM is significantly lower than expected from ECV. In
agreement with this, the corresponding depletion width xD is
significantly wider.
However, the differences observed between the values

derived by MRSTEM and ECV are in the range of the error
bars of each method. A simple broadening of the COM signal
within the TEM sample is rather unlikely, since this would also
result in a significant widening of the depletion region, which is
not observed. Moreover, in this case V0 should not be affected
at all. Another possible explanation for the observed under-
estimation of the electric fields could be the presence of dead
layers on the TEM sample’s surfaces, which do not contribute
to the electric field.15,27,28 However, we concluded there is no
significant impact of dead layers on the surfaces of the
measured sample. This is attributed to the optimized sample
preparation involving low energy ion milling as well as the fact

that the charge carriers are mostly confined to the p-n
junctions instead of the sample surfaces due to the high
doping.

■ CONCLUSION
We have shown that 4DSTEM, and in particular MRSTEM,
can be used to characterize electric fields at p−n junctions. The
key characteristics, such as doping concentrations, polarity, and
width of the depletion region can be derived quantitatively
from the COM shift of the convergent beam electron
diffraction patterns. We find reasonable agreement of the
quantities derived by MRSTEM and the established ECV
method for two p−n junctions with different doping levels.
Due to the high spatial resolution of MRSTEM, potential
inhomogeneities in the doping profiles could be revealed. The
systematic evaluation of the COM shift at different TEM-
sample thicknesses suggest that no significant dead layers are
present at the sample’s surfaces.
In the future, the method presented can be extended to

address electric fields at interfaces between different materials.
In this case, other factors, which affect the COM, e.g., strain
within the heterostructure, have to be considered. Moreover,
the methods could allow the direct visualization of intentional
or unintentional nanoscale electric fields in real-life devices,
e.g., batteries, transistors, and solar cells.

■ SAMPLE GROWTH AND CHARACTERIZATION
Two GaAs-based p−n junctions with different doping
concentrations were grown using metal-organic vapor-phase
epitaxy (MOVPE) on semi-insulating GaAs substrate, using
TEGa and TBAs as precursors for Ga and As, respectively. The
p and n regions of each junction were doped by C and Te
using CBr and DETe as precursor molecules, respectively. The
two junctions exhibit opposite polarities, i.e., n−p and p−n, in
the growth direction. The junctions are separated by a 4 nm
thick undoped AlAs marker layer so that the junctions can be
located by the distinct contrast of AlAs against GaAs in the
subsequent TEM measurements. The marker layer is situated
150 nm, respectively, 250 nm away from the junctions and
therefore does not influence their electric fields, which has
been verified by solving the Poisson equation of the actual
sample structure using the nextnano software.31 We want to
emphasize that the AlAs layer is not necessary for the electric
field measurement but just helps in conveniently finding the
positions of the junctions. A schematic of the sample structure
is shown in Figure 1a. The doping concentrations of the
junctions were determined via three complementary methods
from test structures grown individually. Secondary ion mass

Table 1. Comparison of Experimentally Determined and Theoretically Calculated Properties of Both p−n Junctions:
Maximum Electric Field EMax, Doping Concentrations NA and ND, Depletion Regions xA on the p Side and xD on the n Side,
Full Width w of the Depletion Region, Built-in Voltage V0, and Deviation between in MRSTEM and ECV Values (Delta) in
Percent

higher doping lower doping

property/method MRSTEM ECV delta [%] MRSTEM ECV delta [%]

EMax [MV/cm] −1.01 ± 0.04 −1.12 −9.8 0.61 ± 0.07 0.74 −17.6
NA [×1018 cm−3] 4.5 ± 0.4 4.8 ± 0.5 −6.3 2.0 ± 0.7 1.8 ± 0.5 11.1
ND [×1018 cm−3] 6.3 ± 0.8 7.8 ± 0.5 −21.3 2.7 ± 0.4 4.0 ± 0.5 −32.5
xA [nm] 16 ± 1 17 −5.9 22 ± 4 26 −15.3
xD [nm] 11 ± 2 10 10 17 ± 3 13 30.8
w [nm] 28 ± 2 27 3.7 39 ± 3 39 0
V0 [V] 1.57 ± 0.12 1.62 −3.1 −1.29 ± 0.20 −1.52 −15.1
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spectrometry (SIMS) measurements yield the total amount of
impurities incorporated, whereas Hall and ECV address the
active ones. The carrier concentrations of the higher doped
junction determined by ECV are NA = 4.8 × 1018 cm−3 (SIMS,
8.1 × 1018; Hall, 6.3 × 1018) and ND = 7.8 × 1018 cm−3 (SIMS,
2.1 × 1019; Hall, 2.1 × 1019), whereas the concentration of the
lower doped junction is NA = 1.8 × 1018 cm−3 (SIMS, 2.8 ×
1018; Hall, 1.9 × 1018) and ND = 4.0 × 1018 cm−3 (SIMS, 6.1 ×
1018; Hall, 8.9 × 1018). As expected, the absolute values of the
doping levels derived from the individual techniques differ
significantly. However, consistently, the carrier concentration
in the higher doped junction is a factor of 2−4 higher than the
concentration in the lower doped junction and, in both
junctions, the n side is higher doped than the p side.
TEM sample preparation was carried out using a JEOL JIB

4601 FIB. The viewing direction was chosen as the
crystallographic [110] direction. Seven defined thickness
steps were created along the electron transparent lamella.
During the milling, the acceleration voltage was gradually
reduced from 30 down to 5 kV. The final polishing was carried
out at 900 V in a Fischione 1040 NanoMill in order to remove
remaining amorphous layers on the sample’s surfaces.32,33 This
procedure is expected to reduce the thickness of the electrically
dead layers as well. The resulting sample geometry is illustrated
in Figure 1a.
The MRSTEM characterization was carried out in a double

aberration-corrected JEOL JEM 2200FS operating at 200 kV
using a semiconvergence angle of 21 mrad, i.e., typical
conditions for high resolution STEM (see, e.g., ref 34). This
means the diffraction pattern acquired by the pixelated
detector is a complex diffraction pattern containing several
overlapping disks instead of just the direct beam. Accordingly,
the camera length is adjusted in a way that the full area of the
camera is covered by the direct beam which results in a
comparably low sampling of the reciprocal space. The 4D data
sets were acquired using the pnCCD20 in full frame mode with
a readout speed of 1000 fps.
Conventional HAADF images were acquired simultaneously

with the 4D data sets using the conventional ring detector of
the TEM. Afterward, complementary EELS measurements
were carried out for each of the seven thickness steps, which
give log ratios of 1.66, 2.12, 2.45, 2.69, 3.05, 3.15, and 3.60.
This results in thicknesses of 151, 193, 223, 245, 278, 287, and
328 nm, assuming a mean free path of 91 nm for GaAs,29

taking into account that the effective density of scatterers is
√2 higher in the [110] crystallographic direction compared to
the [010] one. To further validate these thickness values, we
used two independent measurements to determine the
thicknesses, i.e., the comparison of the measured HAADF
intensity to simulations and the acquisition of SEM images
during the FIB preparation. In combination, we estimate the
error in thickness to be ±10 nm.
The evaluation of the 4D data sets was carried out using

home-written MATLAB routines. The involved postprocessing
will be briefly summarized here: first, the COM at each scan
point was determined. The actual angle between real and
reciprocal space coordinate system, i.e., 235°, was considered.
At this angle the [001] COM signal is maximum, the
orthogonal [1̅10] COM signal is minimum, and the orientation
of the Kikuchi bands visible in the reciprocal space is in
agreement with the growth direction determined in real space.
The reciprocal units of the diffraction patterns were calibrated
using the known width of the GaAs 004 Kikuchi band. A two-

dimensional background in the COM data, which is caused by
a notable descan (i.e., an unintentional beam tilt while
scanning) at the comparably low magnifications, was
accounted for.
In this study, MRSTEM is not used to address the electric

fields induced by the atomic columns of the sample, like it was
shown recently.22−24 In contrast to that, the much weaker but
longer-ranging built-in fields of actual devices, in this case p-n
junctions, shall be measured. Accordingly, the strong impact of
the atomic columns has to be removed, which is achieved by
averaging the COM signal along the crystallographic [1̅10]
direction, i.e., the direction perpendicular to the p-n junctions.
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Löffler, S.; Verbeeck, J.; Zweck, J.; Schattschneider, P.; Rosenauer, A.
Atomic Electric Fields Revealed by a Quantum Mechanical Approach
to Electron Picodiffraction. Nat. Commun. 2014, 5 (1), 5653.
(23) Hachtel, J. A.; Idrobo, J. C.; Chi, M. Sub-Ångstrom Electric
Field Measurements on a Universal Detector in a Scanning
Transmission Electron Microscope. Adv. Struct. Chem. Imaging
2018, 4 (1), 10.
(24) Fang, S.; Wen, Y.; Allen, C. S.; Ophus, C.; Han, G. G. D.;
Kirkland, A. I.; Kaxiras, E.; Warner, J. H. Atomic Electrostatic Maps of
1D Channels in 2D Semiconductors Using 4D Scanning Trans-
mission Electron Microscopy. Nat. Commun. 2019, 10 (1), 1127.
(25) Müller-Caspary, K.; Grieb, T.; Müßener, J.; Gauquelin, N.;
Hille, P.; Schörmann, J.; Verbeeck, J.; Van Aert, S.; Eickhoff, M.;
Rosenauer, A. Electrical Polarization in AlN/GaN Nanodisks
Measured by Momentum-Resolved 4D Scanning Transmission
Electron Microscopy. Phys. Rev. Lett. 2019, 122 (10), 106102.
(26) Beyer, A.; Volz, K. Advanced Electron Microscopy for III/V on
Silicon Integration. Adv. Mater. Interfaces 2019, 6, 1801951.
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Abstract We present an experimental and theoretical analysis of the formation of

nanovoids within Si microcrystals epitaxially grown on Si patterned substrates. The

growth conditions leading to the nucleation of nanovoids have been highlighted, and the

roles played by the deposition rate, substrate temperature, and substrate pattern geom-

etry are identi�ed. By combining various scanning and transmission electron microscopy

techniques, it has been possible to link the appearance pits of a few hundred nanometer

width at the microcrystal surface with the formation of nanovoids within the crystal vol-

ume. A phase-�eld model, including surface di�usion and the �ux of incoming material

with shadowing e�ects, reproduces the qualitative features of the nanovoid formation

thereby opening new perspectives for the bottom-up fabrication of 3D semiconductors

microstructures.

Contributions of the Author For this work, I carried out the electron microscopy ex-

periments. It included preparing several TEM cross section samples by FIB-SEM, inves-

tigating the samples by CTEM and STEM, performing the serial sectioning technique for

three-dimensional characterization of nanovoids. I also evaluated the electron microscopy

data including preparation and interpretation of the SEM, CTEM, and STEM images,

as well as reconstruction of the thee-dimensional image from image slices.

The electron microscopy related sections of the manuscript was written by me.
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ABSTRACT: We present an experimental and theoretical analysis
of the formation of nanovoids within Si microcrystals epitaxially
grown on Si patterned substrates. The growth conditions leading
to the nucleation of nanovoids have been highlighted, and the roles
played by the deposition rate, substrate temperature, and substrate
pattern geometry are identified. By combining various scanning
and transmission electron microscopy techniques, it has been
possible to link the appearance pits of a few hundred nanometer
width at the microcrystal surface with the formation of nanovoids
within the crystal volume. A phase-field model, including surface
diffusion and the flux of incoming material with shadowing effects,
reproduces the qualitative features of the nanovoid formation
thereby opening new perspectives for the bottom-up fabrication of
3D semiconductors microstructures.

■ INTRODUCTION

In recent years the monolithic integration of group IV and III−
V semiconductors on silicon has been widely investigated as a
viable pathway to go beyond Moore’s law. This approach
needs to address the challenges inherent to heteroepitaxy,
which are mostly stemming from the lattice and thermal
expansion coefficient mismatch between the substrate and the
epilayer.
A novel approach named vertical heteroepitaxy (VHE),

which combines epitaxial growth and substrate patterning, has
been shown to substantially mitigate these issues.1 Under
strong out-of-equilibrium growth conditions, obtained by
combining high deposition rates and relatively low growth
temperatures, the epitaxial deposition of Ge on deeply
patterned Si substrates results in the vertical growth of an
array of Ge microcrystals, which can be separated by tens of
nanometers gap2 or eventually merge to form a suspended
layer.3,4

The material quality of such microcrystals has been deeply
investigated, showing that the thermal strain is indeed fully
relaxed5 and that all the threading dislocations can be expelled
from the crystals.6 Moreover, it has been predicted7 and
experimentally verified8,9 that, by decreasing the size of the
pillars etched into the substrate and by linearly grading the
compositional profile, it is possible to achieve full elastic
relaxation without the nucleation of misfit dislocations.

Tuning the morphology of the crystals obtained by VHE is
crucial to exploit the aforementioned properties in a controlled
fashion. Several aspects of the morphological evolution of the
microcrystals, such as the onset of vertical growth, the different
faceting due to growth conditions, and the dynamics of
merging have already been investigated both by experiments
and theory.1,2,4 Some features originating from the unique
combination of deep substrate patterning and high growth
rates typical of VHE still need to be addressed and understood
in detail by dedicated experiments and theoretical models.
In this work, we focus on the formation of self-assembled

nanovoids arranged in ordered arrays, formed during VHE,
within each microcrystal and in between merging micro-
crystals. We consider a prototypical system made of Si
microcrystals grown on Si pillars, allowing us to focus on the
main physical aspects of the growth and avoid the additional
complexity of heteroepitaxy. The growth conditions leading to
the nucleation of ordered arrays of nanovoids are highlighted
and the role played by growth parameters, such as deposition
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rate and temperature, is clarified by a theoretical analysis
involving a continuum model and simulations of the material
deposition on nonflat substrates.
This study sheds light on the self-assembly formation of

nanometric voids in microcrystals and sets the ground for
control of the voids. It is worth mentioning that highly
controllable arrays of voids in silicon have already been
obtained by etching deep via holes and subsequently annealing
the sample.10,11 The spontaneous formation of voids during
epitaxial growth of 3D crystals, however, which significantly
differs from conventional planar configurations, has not been
observed and investigated yet. This opens new perspectives in
exploiting the bottom-up fabrication of 3D, semiconductor
microstructures with potential applications in the fabrication of
silicon-on-nothing,12 MEMS, and photonic crystal13 devices.
The possibility of combining different semiconducting material
adds an additional degree of freedom in the fabrication of 3D
photonic crystals. The operating wavelength could be extended
in the mid-infrared by exploiting the higher transparency, in
this wavelength range, of germanium as compared to silicon. In
addition, the modulation of the refractive index due to void
formation could be combined with that arising from the
alloying of different semiconductors, making the SiGe system a
relevant candidate.14

The presence of additional free surfaces within the Si
microcrystals may also be exploited to modify the elastic and
plastic properties of the microcrystals.

■ METHODS
Patterned substrates have been fabricated by dry-etching square Si
pillars on a Si (001) wafer. The typical etching depths were 10 and 2.7
μm depending on the technique, optical or electron-beam lithography,
used for the pattern transfer. Each substrate features several regions,
each one characterized by a given pillar widthW and separating gap G
with dimensions varied between 1 to 4 μm.
Before epitaxial growth, performed in a low-energy plasma-

enhanced CVD (LEPECVD) reactor, the patterned substrates were
cleaned by RCA, followed by an HF dip for oxide removal. LEPECVD
exploits a low energy and high-density argon plasma to efficiently
decompose the gas phase precursors,15 resulting in a deposition rate
of ∼5 nm/s almost independent of the substrate temperatures, which
is 700 °C for the samples analyzed in this work (if not stated
otherwise). The combination of high rate and low deposition
temperature leads to a strong out-of-equilibrium deposition process
where kinetic effects dominate over thermodynamic effects. This is a
key feature of LEPECVD. Indeed, deposition processes operating
closer to thermodynamic equilibrium, such as thermal CVD, do not
result in the vertical growth of microcrystals.16 A rough estimate of
the adatoms diffusion length Ld, achievable by LEPECVD, can be
obtained by assuming that surface diffusion dominates over bulk
diffusion and, consequently, considering the average surface diffusion
time equal to the time required for the deposition of a monolayer, i.e.
inversely proportional to the growth rate. By taking typical values for
the diffusion coefficient in Si homoepitaxy from the literature,17 it is
possible to estimate Ld to be comprised between a few hundred
nanometers and a few micrometers. As explained in detail in ref 2,
control over microcrystal morphology can be achieved only for
diffusion lengths comparable with the Si pillar size; therefore, in this
work growth parameters have been set to achieve Ld ≈ 1 μm and the
Si pillar size varied in the micrometre range.
The serial-sectioning technique has been applied to characterize the

microcrystal morphology in three dimensions. A focused ion beam/
scanning electron microscope (FIB/SEM) dual beam tool has been
used for slicing the microcrystals using Ga ions and subsequently
imaging each section using secondary electrons in SEM (JEOL JIB
4610F).18−20 With the help of the Avizo software package, the series

of image slices have been reconstructed to a three-dimensional
volume. Furthermore, using FIB/SEM, thin electron transparent
lamellae have been prepared by cutting the microcrystals right at the
center along the [110] direction.21 A double Cs-corrected scanning
transmission electron microscope (JEOL 2200FS) operating at 200
kV along with an annular dark field detector (JEOL EM-
24590YPDFI) has been used to image the ordered arrays of
microvoids.

To analyze the experimental results a minimal, continuum two-
dimensional model tackling the evolution of surfaces and encoding
the main contributions to surface diffusion and the growth of vertical
crystals2 has been implemented. In particular, we focus on the
impinging material flux on nonflat surfaces, which is unevenly
distributed due to self-shielding effects,22 and the material
redistribution along the surface due to surface diffusion.23 Namely,
we aim to describe the evolution of the surface of the solid phase by
means of its normal velocity

v DS Sn μ= ∇ ·[ ∇ ] + Φ̂ (1)

with μ as the local chemical potential at the surface, proportional to
the local curvature for isotropic surface energies, and ∇S as the surface
Laplacian. D is the diffusion coefficient, which can be assumed to
depend on the temperature T by an Arrhenius law D ∝ A exp(−B/
kT) with A and B as positive constants. Φ corresponds to the (local)
growth rate due to material deposition. Together with the
temperature T, the magnitude of Φ can be controlled in the
experiments, while its distribution at the surface of the solid phase
generally depends on the deposition techniques, material anisotropies,
and the geometry of the growing crystals through shielding effects.

In order to cope with topological changes as the formation of voids,
we consider the implicit description of evolving surfaces achieved by
the phase-field (PF) model introduced in refs 24 and 25 reproducing
the dynamics encoded in eq 1.26 The phase-field function φ is set
equal to 1 within the crystal and 0 outside and has a continuous
transition in between, which is well-described by
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with d(x) as the signed distance from the surface, namely the
isosurface φ = 0.5, and ϵ as the thickness of the interface between the
phases. The evolution law for φ reads
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Equation 3 approximates well the dynamics described by eq 1. The
first term at the right-hand side of eq 3 encodes surface diffusion,
where the surface free energy, G, is the Ginzburg−Landau energy
functional,
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where B(φ) = 18φ2(1 − φ)2 and M(φ) = (2D/ϵ)B(φ) is a mobility
function with D as the diffusion coefficient defined above. The γ
parameter accounts for the surface energy density, here assumed to be
isotropic for the sake of simplicity. Anisotropy in γ27 is indeed
expected to play a minor role in the dynamics of void formation with
respect to the overall tendency toward surface smoothing enforced by
local curvatures. This looks reasonable when comparing the isotropic
evolution in ref 3 to the one in ref 28 where surface anisotropy was
included to obtain the faceted shapes of the microcrystals. Additional
effects, stemming from facet-dependent adatom kinetics,29 should also
be considered to the best fit of the actual experimental
morphologies,2,30 which is beyond the scope of the present study.
The second term at the right-hand side of eq 3 stands for the
microcrystal growth due to the material flux impinging at the surface
and reproduces the contribution of Φ as in eq 1. Φ0 is a scaling factor
taking into account the amount of incoming material. Here it is
assumed to be isotropic. The function S(x) accounts for shielding
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effects, and it is computed by a Ray−Tracing algorithm. It is zero at a
point x of the surface completely shielded with respect to the
incoming material flux and 1 where shielding effects are not present as
for a flat surface. In this way, on a flat surface, the growth rate is Φ0
everywhere; i.e., it corresponds to the nominal deposition flux. The
competition between the two terms in eq 3 is controlled by the ratio
D/Φ0. Different values for D and Φ0 with same values for this ratio
would indeed provide the same morphological evolution, just
occurring on a different time scale. We then fix Φ0 = 1, so that this
ratio is directly controlled by D without loss of generality. Time and
length scales directly entering eqs 2−4 are given in dimensionless
units. Indicatively, large values of D/Φ0 correspond to high
temperatures and low deposition rates, while small D/Φ0 values
reproduce low temperatures and high deposition rates. The
simulations reported in the following are performed by using the
finite element toolbox AMDiS.31,32 Further details about this specific
PF model and the Ray−Tracing procedure employed to compute
S(x) can be found in ref 26. Details of this theoretical approach are
illustrated in Figure 4a.

■ RESULTS AND DISCUSSION

Microcrystals grown on deeply etched Si substrates exhibit
clear crystallographic facets with well-defined orientations,
corresponding to the most stable crystal planes of the Si face
centered cubic (FCC) crystal, i.e. (001), {111}, and {113}.
Their relative dimensions, and therefore the final crystal shape,
are however determined by kinetic parameters, i.e. by the
relative growth rates of the facets.2 These are influenced by the
diffusion lengths of the adatoms on each facet, which, in turn,
depend on both the deposition temperature and rate.
This is outlined in Figure 1a, where 5 μm tall microcrystals

deposited at 700 °C at two different growth rates (1.25 and 5
nm/s) are compared for patterned substrates with pillar width
W varying between 1 and 4 μm and a separating gap G = 4 μm.
In the case of low deposition rate and W = 1 and W = 2 μm,
only {113} (at the center) and {111} facets can be observed.
As the pillar size increases, the flat (001) surface appears at the
top of the crystals. In the high deposition rate case, the (001)
facet can also be found on top of pillars smaller than 3 × 3 μm2

and occupies a larger fraction of the microcrystal surface as
compared to the corresponding sample grown at a lower rate.
The observed trend in the morphological evolution appears

to be well consistent with the general picture of the growth
process discussed for Ge/Si in ref 2. Indeed, also in the case of

Si/Si microcrystals, {113} facets are found to grow slower than
the (001) top facet. This is explained by considering a transfer
of material from {113} facets to the (001) facet, due to their
different incorporation rates.29 As illustrated in Figure 1b, such
material spreads over a distance of the order of the diffusion
length λ. As expected, λ increases when the diffusion
coefficient, D, is increased i.e. with temperature, while it
decreases for increasing deposition rates, since adatoms are
more rapidly incorporated into the growing crystal for a larger
incoming flux Φ0. The resulting morphology then depends on
the ratio between λ and the (001) facet dimension l, which, in
turn, is proportional to the pillar base width W in the initial
growth stages, as illustrated in the Figure 1b. When λ ≳ l/2,
the adatom flow spreads quite uniformly over the whole (001)
surface, provoking an enhancement of its growth rate and
leading, eventually, to a pyramidal shape dominated by the low
growth rate {113} facets as predicted by the Borgstrom facet
construction for a convex microstructure. On the contrary, if λ
≪ l/2 adatoms tend to accumulate at the edges of the (001)
facet, then this results in the formation of ridges along the
(001) perimeter. When the (001) region shrinks to 2λ, the
mounds get close enough to overlap and form a concave
region. Such pits are indeed evident in the top views of Figure
1a. A single pit is observed at the crystal center in the case ofW
= 3 μm and low rate, while four distinct pits are visible at the
corners of the (001) facet in the case ofW = 4 μm and low rate
or W = 3 and 4 μm and at a high rate.
To better analyze the origin of such surface pits, crystals

showing both four pits and no pits have been characterized by
FIB/SEM tomography, shown in Figure 2 together with the
SEM top views. In the case of the samples featuring four pits
(Figure 2a), arrays of small voids can be found inside the
crystal beneath the four pits observed in the top view image.
The four lines of voids are neither perfectly regular nor vertical,
due to the evolution of the (001) facet during the deposition
process. In the case of microcrystals terminated by {113} facets
(Figure 2b), no voids can be seen in the tomography.
Microcrystals with a single pit at the center of the top surface

have been investigated by annular dark-field scanning trans-
mission electron microscopy (ADF-STEM) in samples where
the crystals are partially merged with their neighbors (Figure
3). The lamellae have been obtained by FIB cutting the

Figure 1. (a) Morphological evolution as a function of patterning (pillar sizeW and gap G) and deposition rate in 5 μm tall Si microcrystals, grown
at 700 °C. (b) Schematic representation of the variation in the top morphology as a function of the size l of the (001) top facet (for a given
diffusion length λ) determined by the material transfer J from the (113) to the (001) facet. The effect of a lower growth rate Φ, i.e. of longer λ, is
also sketched.

Crystal Growth & Design pubs.acs.org/crystal Article

https://dx.doi.org/10.1021/acs.cgd.9b01312
Cryst. Growth Des. 2020, 20, 2914−2920

2916



microcrystals through their center along the [110] direction, as
indicated by the red lines also shown in Figure 3. Two
perfectly regular sets of ∼100 nm large voids can be observed
in Figure 3b: one beneath the central pit, and one in the
merged region between the two crystals. The spacing between
the voids is ∼450 nm and ∼350 nm, respectively. A
comparison between the SEM top view (Figure 3a) and the

TEM cross section (Figure 3b) indicates that the voids within
the microcrystals are placed right at the center of each
microcrystal, while those in the merging region might actually
be displaced toward the microcrystal corner. The red inset in
Figure 3d shows a low-angled ADF-STEM image of a single
void, which is bounded by well-defined crystalline facets, in
particular the {111} and (001) ones. Moreover, a transmission
electron microscopy weak beam dark field (TEM-WBDF)
image (yellow block in Figure 3b) proves that no dislocations
are generated at the interface with the voids, or in the merged
region.
The phase-field model illustrated in the previous section

accurately reproduces the electron microscopy observations. In
the low-diffusion regimes, profiles similar to those found at the
top of the microcrystals are known to be unstable against the
so-called shadowing instability:22,33,34 the bottom of the pit
collects less material than their lateral ridges, which then grow
and eventually merge, thus forming a void below the merging
point.26 As discussed first in refs 1 and 2, the deposition
technique considered here ensures short diffusion lengths and
together with shielding effects enables vertical growth. The
presence of voids may then originate from the pits observed at
the top of the Si crystals, which are present since the early
stages of growth in the surface profile, possibly because of the
mechanism illustrated in Figure 1b.
In order to assess the role played by deposition with

shadowing effects, surface diffusion, and the geometry of the
evolving crystals, phase-field simulations are performed to
analyze the formation of such nanovoids in the prototypical
case of a single pit at the center of the crystal top facet, to
mimic the microcrystals grown at a rate of 5 nm/s in Figure 3a
and 3b.
We focus first on a periodic surface profile p(x) = Acos(Lx),

mimicking the shape of a pit formed at the center of the pillar
top (or, similarly, the pit formed at the coalescence point
between neighboring crystals). Figure 4a shows the profile

Figure 2. A SEM top view and 3D reconstruction obtained from FIB/
SEM cross sections of 5 μm tall silicon microcrystals where (a) 4 pits
are visible at the top (W = 2 × 2 μm2, G = 2 μm, and growth rate 1.25
nm/s) and (b) no pits can be observed (W = 1 × 1 μm2, G = 1 μm,
and growth rate 4 nm/s).

Figure 3. TEM cross sections of 5 μm tall Si microcrystals, grown at 720 °C and partially merged with the neighboring ones. The crystals are cut
along the red lines in the SEM images during the TEM lamella preparation. (a) Microcrystals grown at a rate of 5 nm/s where a single pit is visible
in the top view SEM image. (b) Two separate arrays of regularly spaced voids are visible, one at the center of the crystals and one in the merging
region. (c) Merged microcrystals grown at a rate of 1.25 nm/s where no pit is visible in the top view SEM image. (d) TEM cross section of one
nanovoid in the merging region between two crystals grown at 1.25 nm/s. The STEM LAADF image (red inset) shows well-defined facets, while
no dislocations are observed near the void in the STEM WBDF image (yellow inset).
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obtained for ϵ = π/20, A = π/5, and L = π by means of φ(x)
(left) and S(x) |∇φ| (right). When surface diffusion is the
dominant mechanism during growth, i.e. for relatively large
diffusion coefficients, this corrugation of the surface is expected
to vanish during growth.26 This is demonstrated in Figure 4b
where D/Φ0 = 0.1. By decreasing D/Φ0 below a certain
threshold, the shadowing instability sets in. This is shown in
Figure 4b where D/Φ0 = 0.05 and vertical structures form at
the peaks of the initial surface profile. Then, these ridges
extend along the in-plane direction due to the combined effect
of material collected from the external flux and the material
redistribution by surface diffusion. As a result, the ridges merge
and a buried void in the solid phase is formed. The surface
profile remains corrugated after the merging. The resulting
shape may still be unstable against the shadowing instability
leading to the growth of additional vertical structures with the
formation of additional voids (see the growing vertical
structures in Figure 4b, right) arranged into an ordered array
as in Figure 4c for D/Φ0 = 0.05.
These simulations qualitatively account for the formation of

nanovoids ascribing it to the combination of self-shielding of
material flux, a limited contribution of surface diffusion, and
the initial corrugated surface. By decreasing D/Φ0 further, the
material redistribution is limited to shorter distances. This
leads to a larger accumulation of material close to the top
regions and then to a faster formation of nanovoids. This
results in a controllable distribution of voids as illustrated in
Figure 4c, where the number of voids per unit length is found
to increase by decreasing D/Φ0 (the opposite limit is no void
formation for a large D/Φ0). We recall that the diffusion
coefficient is expected to follow the Arrhenius law.23

Therefore, the changes in the distribution of voids illustrated
in Figure 4c by increasing/decreasing D/Φ0 can be achieved in
experiments by raising/diminishing the growth temperature.

Analogously, according to the definition of parameters (see eq
2 and ref 26), these trends can be obtained by varying the
growth rate in the opposite way. This is actually what is
observed by the experiments discussed in Figure 1, where voids
form by increasing the growth rate. The limit for vanishing
contribution of the surface diffusion, i.e. for very small D/Φ0
values or very low temperatures and/or very high deposition
rates, is a dendritic growth of the crystals.22,33,34 It is worth
mentioning, however, that the theoretical approach adopted
here can only describe features larger than ϵ and therefore this
regime cannot be explored.
The simulations discussed so far focus on an idealized,

periodic surface profile. The array of voids as observed in the
experiments, however, forms at the center of a large
microcrystal. In order to prove that the shadowing instability
may become established also for profiles which better resemble
experimental systems, we consider two limiting cases: a pit
connected to an extended flat surface (Figure 4d), mimicking
the effect of having a single small perturbation at the center of
a large crystal, and a pit embedded in a vertical structure
(Figure 4e), accounting for the presence of lateral surfaces. In
both cases we consider a pit-like morphology corresponding to
a period of the periodic perturbation p(x). As shown by the
comparison at similar times of surface profiles obtained with
different values of D/Φ0, the same phenomenology in terms of
shadowing instability and hierarchy in the formation of voids
when varying D/Φ0 is reproduced. As both curvature and
material flux distribution at the surface are different with
respect to the periodic profile, different quantitative features
are expected, but the detailed analysis of these features is
beyond the present work. From Figure 4e one can also notice
that the range of D/Φ0 explored is sufficient to observe
differences concerning voids formation at the center, but it
does not significantly affect the global shape of the growing

Figure 4. PF simulations of growth and formation of voids due to the deposition with shadowing effects on nonflat surfaces. (a) Details of the PF
model: diffuse interface representation of a sinusoidal surface profile by means of φ(x) (left) and S(x) for isotropic material deposition (right).
Surface profiles reported in the following panels correspond to the isosurface φ = 0.5. Gray areas correspond to initial profiles. (b) Sequence of
profiles (at intervals Δt during the deposition on a sinusoidal surface with D/Φ0 = 0.1 (left) and D/Φ0 = 0.05 (right), Δt = 0.25, ttot = 7.5),
respectively. (c) Comparison between morphologies and arrays of voids obtained by deposition on a profile as in (b) with different values of D/Φ0
at t = 25. (d) A comparison of the morphologies after the deposition on a pit connected to flat regions, t = 4.3. (e) A comparison of the
morphologies after the deposition on a pit embedded in a vertical structure, t = 5. (f) The formation of voids at the center and between growing
vertical structures shown by three profiles during the deposition on structures as in panel (e) with a smaller gap in between.
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structure, even in this simplified simulation where the relative
size of the pit is larger than in the experiments. This further
confirms the unstable nature of the underlying process for
voids formation. Moreover, it points out the different length
scales at which the growth of the vertical crystals and the
formation of voids may occur.
The configuration illustrated in Figure 4e allows us to

consider also the formation of voids together with the
coalescence of neighboring crystals as lateral growth would
eventually lead to their merging. This is illustrated in Figure 4f.
The spacing between crystals is set here to be as large as the
initial vertical structure and D/Φ0 = 0.05. In this system, along
with the initial pit at the center of the crystal triggering the
formation of a void at the center, a similar pit forms over the
merged region as is also reported in previous works.3,4 This
eventually triggers a similar instability mechanism and leads to
the formation of an additional void array aligned with the
trenches. At later stages, as observed for the more idealized
profiles of Figure 4f, the mechanism repeats in both regions
with the formation of voids aligned with the center and with
the trenches of the patterned substrate. This evolution
qualitatively reproduces the evidence illustrated in Figure 3b,
thus further assessing the origin of voids formation and their
alignment in the different portions of the crystal.
The theoretical investigation performed with the aid of

phase-field simulations focused here on explaining the
phenomenology observed in the experiments and under-
standing the main mechanisms at play. An interesting
perspective consists of performing a systematic analysis of
geometries together with an extended set of simulations, thus
providing a full overview of morphological changes in terms of
the physical parameters entering the model (e.g., T, D, and
Φ0). A response diagram concerning the phenomenology
illustrated in Figure 4b is already reported in ref 26 and can be
readily exploited to frame both theoretical and experimental
results from a qualitative point of view. Quantitative prediction
would require instead extended analysis of geometries closely
resembling the experimental system, thus including an
extended set of parameters to be investigated. Moreover,
phase-field models accounting for anisotropies and three-
dimensional simulations should be also considered. Such
extensions will be explored in future studies.

■ CONCLUSIONS
We have demonstrated that ordered 3D arrays of nanovoids
can be formed during the epitaxial growth of Si microcrystals
on Si patterned substrates. SEM and TEM analysis
demonstrate that, in correspondence to pits developing on
the microcrystal surface, arrays of nanovoids are formed within
the microcrystal. The ratio between the pattern size and the
diffusion length has been identified as the key parameter for
the onset of a shadowing instability which gives rise to surface
pits and, eventually, to nanovoid formation. Phase-field
simulations, taking into account surface diffusion, the flux of
incoming material, and shadowing provide a clear link between
nanovoid formation and the ratio between the diffusion
coefficient and the deposition rate. Therefore, with the
appropriate combination of pattern geometry, deposition rate
and deposition temperature control over nanovoids formation
could be achieved also with deposition techniques different
from LEPECVD. By tuning the substrate patterning and
deposition parameters, it should be possible to exploit this
technique to fabricate self-assembled arrays of voids with

controllable dimensions and spacing. The technique could also
be extended to other semiconducting materials such as
germanium and find application in the fabrication of 3D
photonic crystals.
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Abstract The preparation of carbons for technical applications is typically based on a

treatment of a precursor, which is transformed into the carbon phase with the desired

structural properties. During such treat- ment the material passes through several di�er-

ent structural stages, for example, starting from precursor molecules via an amorphous

phase into crystalline-like phases. While the structure of non-graphitic and graphitic car-

bon has been well studied, the transformation stages from molecular to amorphous and

non-graphitic carbon are still not fully understood. Disordered carbon often contains a

mixture of sp3-, sp2-and sp1-hybridized bonds, whose analysis is di�cult to interpret. We

systematically address this issue by studying the transformation of purely sp3-hybridized

carbons, that is, nanodiamond and ada- mantane, into sp2-hybridized non-graphitic and

graphitic carbon. The precursor materials are thermally treated at di�erent tempera-

tures and the transformation stages are monitored. We employ Raman spectroscopy,

WAXS and TEM to characterize the structural changes. We correlate the intensities and

positions of the Raman bands with the lateral crystallite size La estimated by WAXS

analysis. The behavior of the D and G Raman bands characteristic for sp2-type material

formed by transforming the sp3-hybridized precursors into non-graphitic and graphitic

carbon agrees well with that observed using sp2-structured precursors.
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a b s t r a c t

The preparation of carbons for technical applications is typically based on a treatment of a precursor,
which is transformed into the carbon phase with the desired structural properties. During such treat-
ment the material passes through several different structural stages, for example, starting from precursor
molecules via an amorphous phase into crystalline-like phases. While the structure of non-graphitic and
graphitic carbon has been well studied, the transformation stages from molecular to amorphous and
non-graphitic carbon are still not fully understood. Disordered carbon often contains a mixture of sp3-,
sp2-and sp1-hybridized bonds, whose analysis is difficult to interpret. We systematically address this
issue by studying the transformation of purely sp3-hybridized carbons, that is, nanodiamond and ada-
mantane, into sp2-hybridized non-graphitic and graphitic carbon. The precursor materials are thermally
treated at different temperatures and the transformation stages are monitored. We employ Raman
spectroscopy, WAXS and TEM to characterize the structural changes. We correlate the intensities and
positions of the Raman bands with the lateral crystallite size La estimated by WAXS analysis. The
behavior of the D and G Raman bands characteristic for sp2-type material formed by transforming the
sp3-hybridized precursors into non-graphitic and graphitic carbon agrees well with that observed using
sp2-structured precursors.
© 2020 The Authors. Published by Elsevier Ltd. This is an open access article under the CC BY license

(http://creativecommons.org/licenses/by/4.0/).

1. Introduction

Carbon materials are widely used in energy storage systems, for
example, as components in supercapacitors or as electrodes in Li-
ion batteries [1,2]. Especially carbons consisting of parallelly
stacked graphene sheets without order in the third dimension are
well suited for those applications [3]. A good control of the struc-
tural properties of the carbon material employed is essential as
these properties determine the processes and reactions taking
place in the material’s interior and at its surface during device

operation. Thus, the structural properties also contribute signifi-
cantly to the resulting device performance. Structural parameters
of particular interest include the stacking height, stacking order,
defect content, and the lateral extent of the graphene layers. Non-
graphitic and graphitic carbons are well understood, whereas the
structural evolution in the first stages of the transformation process
from a precursormaterial to the intermediate carbon-richmaterials
has remained incompletely characterized. It is important to identify
the sequence of structural changes during heating, in particular, as
the same carbon material may be prepared with different kinds of
precursors. In contrast to the crystalline samples, amorphous car-
bon consists of a mixture of sp3-, sp2-and sp1-hybridized entities.
These bonds in amorphous carbon are broken and rearranged
during annealing in the low-temperature regime. In the transition
phase between amorphous and non-graphitic carbons, small
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hexagonal rings are assumed to slowly fuse, forming an, at first,
disordered network. The network transforms into graphene-like
sheets, which increase in lateral size with increasing annealing
temperature yielding non-graphitic carbon without stacking order
or even graphitic carbonwith ordered stacking of the graphene-like
sheets.

We demonstrated in a recent study that Raman spectroscopy
can be used tomonitor the structural transformation from different
sp2-hybridized precursors, i.e., pitches and resins, into graphitic
carbons [4]. We found that the transformation process passes
through four structurally different stages during heat-treatment.
The annealing at first yields amorphous carbon with crystallite
sizes La < 2 nm, a transition regionwith La between 2 nm and 4 nm,
non-graphitic carbon with La > 4 nm and graphitic carbon with
La > 20 nm. The behavior of the D, G, and 2D Raman bands found for
non-graphitic and graphitic carbon can be modeled by line shape
models based on the electronic band structure and the phonon
dispersion relations of the ideal infinitely large crystalline systems
(see Ref. [4]). In particular, it is found that the end of the trans-
formation chain is to a first approximation independent of the type
of sp2-hybridized precursor used, i.e., different starting points
(precursors) lead to the same product (graphitic carbon). So far, the
focus of research was on the transformation from sp2-type pre-
cursors to sp2-type graphitic carbon. Typical precursors used for
synthesizing graphitic carbon are, for example, pitches [4,5],
whereas the use of resins results in non-graphitic carbon [6,7].
Furthermore, heat-treated biomass waste, which is structurally
somewhat ill-defined, is also under investigation, for example, as
carbonaceous electrode material in applications like Li-ion batte-
ries [8,9]. Nanodiamond up to now is the only pure sp3-hybridized
precursor which has been used in studies of thermal synthesis of
carbon materials [10e13]. However, the transition phase between
nanodiamond and crystalline carbon consisting of a mixed phase of
sp2 and sp3-hybridized structures has not been studied in detail yet.
Adamantane employed in this work is the second example of a well
defined sp3-hybridized precursor for carbon materials. Studies of
well defined sp3-structured precursors and of their transformation
into carbons by heat-treatment may complement the vast studies
of sp2-hybridized precursors. In particular, such investigations will
help to unravel the microscopic processes occurring at the inter-
mediate stages of the structural transformation. Fundamental
questions to ask are: What happens, if sp3-hybridized precursors
are used instead of sp2-hybridized materials? How does the sp3-
network of the precursor transform into the sp2-network of
graphitic carbon and what are the corresponding changes of the
Raman spectra?We seek the answers by studying, on the one hand,
the heat-induced transformation of nanodiamonds via carbon on-
ions into non-graphitic carbon [10,12,14,15], and, on the other hand,
that of adamantane, the smallest diamond-like molecule, into non-
graphitic carbon. Both, nanodiamonds as well as adamantane
molecules are ideal precursors for this purpose as they exhibit sp3-
networks only.

2. Experimental part

We prepared series of samples by heat-treatment of the sp3-
hybridized precursors, namely commercially available nano-
diamond and adamantane. The nanodiamonds (Nabond Technol-
ogies) were heat-treated at temperatures up to 3000 �C. The
adamantane-based series of samples was prepared by annealing
commercially available adamantane (Sigma-Aldrich) at various
temperatures up to 525 �C in a quartz ampulla under vacuum
condition. Higher temperatures were not achievable due to the
high pressure arising in the ampulla during annealing. For com-
parison, we also studied series of carbon samples obtained from

sp2-type precursors, i.e., a low-softening point pitch with a soft-
ening point at 70 �C (LSPP-70) prepared from polycyclic aromatic
hydrocarbons (PAH) and a heat-treated resin prepared from a resol
precursor. These precursors were heat-treated at different tem-
peratures up to 3000 �C in Ar atmosphere, to yield samples rep-
resenting the different stages of the carbonization process. The
pitch precuror is graphitizable, whereas the resin precursor is non-
graphitizable. The samples are labeled by the heat-treatment
temperature; the label 20 �C indicates the untreated samples.
More details about the annealing process and its parameters can be
found elsewhere [16].

WAXS data were collected with a PANalytical X’Pert Pro powder
diffractometer in Bragg-Brentano geometry using Cu Ka radiation
with a wavelength l ¼ 1:5418 �A. The sample under study was
crushed manually and then flattened on a sample holder to a
thickness of 1mm. Themeasurements were performed in the range
of 10� < 2q < 100� and an acquisition time of 8 s/step. The carbon
samples were measured with a step width of 0.1� to account for
their higher crystallinity and therefore sharper reflection signals.
No background intensity was subtracted from the experimental
WAXS data.

TheWAXS datawere fitted by applying the algorithm developed
by Ruland and Smarsly [17] yielding, amongst other parameters,
the average lateral size La of the graphene-like sheets. The WAXS
data of pitch-based samples heat-treated at temperatures � 2800
�C show (hkl)-reflections, indicating the onset of graphitization.
These data cannot be fitted by the algorithm as the underlying
model does not account for (hkl)-reflections. Therefore, the crys-
tallite size was estimated by Scherrer’s formula for those samples
[18]. The full-width at half-maximum (FWHM) of their (110)
reflection was determined using a Gaussian profile. The (110)
reflection was chosen, because it does not strongly overlap with
other reflections, in contrast to the (100) reflection. The disorder
within the lattice was neglected during this approach. The obtained
values possess a somewhat larger uncertainty than the WAXS data
for lower heat-treatment temperatures, as the (110)-reflection
cannot be separated unambiguously from neighboring reflections
and from the non-linear background. In the case of the nano-
diamond sample series annealed up to 1300 �C, the nanodiamond
reflections dominate the diffraction curve and Scherrer’s formula is
used to estimate the crystallite sizes of the diamond core. The
WAXS data for the sample series including the nanodiamonds and
carbon onions are shown in the Supporting Information (SI) Fig. S3.

The Raman spectrawere recordedwith a Renishaw inVia Raman
spectrometer with a focal length of 250 mm combined with a Leica
optical microscope. The Raman system works in backscattering
geometry at room temperature. Excitation light with a wavelength
of 325 nm was focused onto the sample by either a 20� or a
40� microscope objective. The laser focus was about 4 mm in
diameter on the sample. The scattered light was collected by the
microscope objective and then dispersed by the spectrometer
employing a gratingwith 1800 grooves per millimeter before it was
detected by a charge-coupled device detector (CCD). The spectral
resolution of the Raman system was about 1.5 cm�1. The exposure
time was about 30 s for each acquisition and 5 to 10 acquisitions
were accumulated to obtain a sample’s Raman spectrum in the
range from 1000 cm�1e3200 cm�1 with a good signal-to-noise
ratio. The laser power was kept as low as possible to avoid struc-
tural damage of the samples. Laser power as low as about
0.3 mWe0.7 mWwas used for the nanodiamonds due to their high
Raman scattering cross-sections. However, in the case of the
pitches, in particular, those prepared at low temperatures, laser
powers up to 7 mW had to be used to obtain good quality spectra.
None of the samples studied showed signs of deterioration after
exposure to the laser light.
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Transmission electron microscopy (TEM) images of the nano-
diamond and carbon onions were obtained from using a JEOL JEM-
2100F system with an operating voltage of 200 kV. The carbon
samples were dispersed in ethanol and then tip-sonicated for 30 s.
The dispersion was drop casted on a TEM copper grid with a lacy
carbon film.

For TEM investigations of the adamantane-based-samples, a
dual beam scanning electron microscope focused ion beam (FIB)
machine (JEOL JIB-4601F, JEOL Ltd., Tokyo, Japan) was used to
prepare an electron transparent lamella. A double-aberration-
corrected JEOL 2200FS scanning transmission electron micro-
scope operating at 200 kV was used to perform both high resolu-
tion transmission electron microscopy (HRTEM) and electron
energy loss spectroscopy (EELS). The EELS investigations were
conducted at scanning mode and with the help of an in column
energy filter. However, the HRTEM investigations were performed
at conventional TEM mode. A condenser aperture resulting in a
convergent angle of 22 mrad was used for the EELS measurements.
In addition, a collection angle of 10 mrad was obtained by applying
an entrance aperture prior to the spectrometer. The resulting en-
ergy resolution of 1.1 eV could be achieved by measurement of zero
loss full with at half-maximum.

Furthermore, band structure and phonon dispersion of ideal
diamond were calculated by density functional theory. The soft-
ware QUANTUM ESPRESSO [19,20] was employed for this purpose.
The calculated bandstructure and phonon dispersion served as
input parameters for the Campbell-Fauchet modelling of the size
dependence of the lineshape and position of the nanodiamond
Raman signal [21,22].

3. Results and discussion

3.1. Raman spectra of the nanodiamond-based and adamantane-
based heat-treated samples

Fig. 1 shows an overview of the Raman spectra and corre-
sponding transmission electron microscopy (TEM) images of the
nanodiamond-based series of samples heat-treated up to 3000 �C.
The TEM images reveal that with increasing heat-treatment tem-
perature, the structure of the nanodiamonds changes. Starting from
the nanodiamond surface, shell-like layers are formed around its
core. The number of layers of the shell increases as the
nanodiamond-like core decreases with increasing temperature.
This gives rise to the onion-like appearance of the nanoparticles
annealed at higher temperatures, finally forming carbon onions
[12,14,15]. This structural transformation also has an impact on the
Raman spectra.

At low heat-treatment temperatures up to 700 �C, the promi-
nent Raman signals of the spectra at 1325 cm�1 and at about
1640 cm�1 are commonly observed in Raman spectra of nano-
diamond samples. The former band at 1325 cm�1 represents the
one-phonon Raman process with the triply degenerated optical
phonons at the G-point [23,24]. The origin of the latter Raman band
remains disputed. Competing explanations can be found in the
literature. In 1963, Birman suggested a two-phonon Raman process
involving two transverse acoustic phonons of the phonon disper-
sion of diamond [23]. In the late 1990s and 2000s other explana-
tions appeared: trigonal bond arrangements stiffened by the
tetrahedral environment [11], olefinic chains [25], a mixture of sp2

and sp3-bonds [13] and dumbbell defects [26]. The most likely
explanation was given by Mochalin et al. in 2009 based on oxida-
tion experiments. It states that the broad Raman band at 1640 cm�1

consists of contributions from OeH bending modes and, in addi-
tion, contains signal contributions from sp2-hybridized carbon at
1590 cm�1 as well as a signal arising from C]O stretchingmodes at

1740 cm�1 [27,28].
The additional broad signal or extended tail on the low-

frequency side of the nanodiamond signal between 1000 cm�1

and 1300 cm�1 is considered to arise from an overlap of different
contributions. A contribution between about 1050 cm�1 and
1100 cm�1 is possibly related to the vibrational density of states of
tetrahedrally bonded amorphous carbon. This band is enhanced
when the laser excitation is in resonance with the s-states [29,30]
and referred to as “T band” [31,32]. A second contribution at about
1150 cm�1 is assigned to trans-polyacetylene (TPA) forming at grain
boundaries [32e34]. The third contribution at about 1250 cm�1

corresponds to the phonon density of states of diamond and may
arise due to disorder in the small nanodiamond particles which
form in the samples prepared at low heat-treatment temperatures
[13,26].

The Raman spectra of samples treated at temperatures of 1300
�C and higher are characteristic for sp2-hybridized carbons trans-
forming from the amorphous phase into crystalline non-graphitic
or graphitic carbon. Note that non-graphitic carbon possess
defined graphene layers, which exhibit 2D crystalline order. The
prominent features in the Raman spectra are the so called D and G
Raman bands at about 1400 cm�1 and 1580 cm�1, respectively. In
graphene, the G Ramanmode corresponds to a one-phonon Raman
process of an LO phonon from the center of the Brillouin-zone,
whereas the D mode corresponds to higher-order resonant
Raman processes involving a phonon close to the K or K’ point of
the Brillouin-zone and scattering by a structural defect. This nota-
tion is applied even in the amorphous phase as the two Raman
bands observed for amorphous carbon evolve into the graphene-
like signals on annealing [35,36]. The evolution of the Raman
spectra with an increasing heat-treatment temperature between
1300 �C and 3000 �C observed from our data aligns with the
literature. At 1300 �C, the Raman spectrum shows broad and
overlapping D and G bands. Both bands sharpen with increasing
heat-treatment temperature. The D band intensity drops signifi-
cantly and is almost zero at 3000 �C while the G band intensity
changes much less. This behavior shows that the defect concen-
tration decreases and the degree of order increases during
annealing.

Whether the crystalline phase formed at the highest tempera-
tures is non-graphitic or graphitic carbon can be decided by an
analysis of the shape of the 2D Raman signal. As defined by the
International Union of Pure and Applied Chemistry (IUPAC), non-
graphitic (or turbostratic) carbon consists of stacks of graphene
layers, which are rotated with respect to each other and severely
vary in their interlayer distances within one stack and therefore,
show no strict periodic order in the third dimension [3]. Because of
the large distance between the graphene layers in non-graphitic
carbon, there is only a weak interaction between them. Thus, the
2D Raman signal of non-graphitic carbon consists of one Raman
band only and that of graphitic carbon consists of at least two
overlapping bands [37e42]. A sharp 2D signal typically is observ-
able only for the samples annealed at temperatures larger than
1800 �C. A corresponding series of Raman spectra prepared from
the nanodiamond precursor at various heat-treatment tempera-
tures is shown in the Supporting Information (SI) in Fig. S1. All
samples prepared from the nanodiamond precursor can be classi-
fied as non-graphitic carbon. Only the sample prepared at 3000 �C
is on the verge of becoming graphitic. This interpretation is in line
with WAXS data on these samples, revealing (hkl) reflections for
3000 �C, which is characteristic for graphitic carbons (see SI Fig. S3).

We will now consider the transition region between
nanodiamond-like and graphene-like spectra represented by the
two Raman spectra taken on different particles of the sample heat-
treated at 1100 �C labeled I and II in Fig. 1. The Raman spectrum I
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reveals simultaneously nanodiamond-like Raman bands and the so
called D and G Raman bands of amorphous carbon. In the probed
spot, the sample seems to consist of coexisting sp2-and sp3-struc-
tured networks. In contrast, Raman spectrum II taken in a neigh-
boring spot of the same sample does not reveal any nanodiamond-

like features. It only exhibits a broad feature in the spectral region
of the D Raman band and a rather narrow G Raman band. Spectrum
II is thus already typical for amorphous carbon. Apparently, at 1100
�C, areas of the sample showing a mixture of sp2-and sp3-hybrid-
ized material networks (spectrum I) coexist with neighboring areas

Fig. 1. Overview of the Raman spectra of the series of nanodiamond-based samples heat-treated at different temperatures. The excitation laser wavelength was 325 nm. The Raman
spectra of the samples labeled at 20 �C, 500 �C, and 1100 �C are smoothed (average over 10 data points), because of a low signal-to-noise-ratio. Back lines represent the smoothed
curves, and grey lines show the original spectra. The transmission electron micrographs on the right reveal the onion-like structure of the carbons. (A colour version of this figure
can be viewed online.)
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already dominated by sp2-type networks (spectrum II). Also, the T
band has vanished in spectrum II, whereas it is still visible in
spectrum I. These findings indicate the transformation from sp3-to
sp2-hybridized carbon takes place in a narrow temperature win-
dow and, second, that it does not need to occur homogeneously. A
possible reason might be that the transformation temperature
depends on particle size and varies slightly throughout the size
distribution of the nanodiamond starting material.

The line shape of Raman bands in nanostructures is indicative of
the particle size. This phonon confinement effect may be success-
fully described by the model introduced by Campbell and Fauchet
[22,43]. The model may be used to estimate the characteristic
nanoparticle size from the nanoparticle’s Raman spectrum. We
employ this approach here to the nanodiamond-like signal at
1325 cm�1 as well as for the G and D-like modes at 1580 cm�1 and
1400 cm�1, respectively. We have demonstrated recently for sp2-
hybridized carbons, that this approach applied to the D and Gmode
yields average lateral extensions La of the graphene-like nanosheets
of the material, which is in concordance with the values obtained
by the WAXS analysis. The line shape modelling requires the
knowledge of the phonon dispersions of the corresponding bulk
material, i.e., diamond and graphene. We have derived those dis-
persions by density functional theory. The phonon dispersions
calculated and the equations used are given in the SI in Fig. S2.
Exemplarily, we show the results for the sample annealed at 1100
�C in Fig. 1. The profiles of the D and G band as well as the nano-
diamond signal at 1325 cm�1 are fitted with the Campbell-Fauchet
model. The fitting yields La values of 4 nm for the D and G band and
of 3.4 nm in case of the nanodiamond band. These findings are in
good agreement with the transmission electron micrograph anal-
ysis shown on the right of Fig. 1. In case of the 1300 �C sample the
nanodiamond Raman signal at 1325 cm�1 disappears, but traces of
signals typical for nanodiamond between 1000 cm�1 and
1300 cm�1 are still present. Unfortunately, the X-ray diffraction
(XRD) signals of the nanodiamonds ((111) reflection) and that of the
emerging graphene layers ((10) reflection) substantially overlap in
the range of s¼ 4.8 nm�1 (Fig. S3 in the SI). Hence, the calculation of
La from XRD data was not possible for this temperature, and
La ¼ 4.5 nm was thus estimated based on the Raman spectrum
(Fig. 1). Employing the Campbell-Fauchet model for the nano-
diamond Raman band of the pristine nanodiamonds and those
heat-treated at 500 �C and 700 �C, yielded corresponding crystallite
sizes of 3.5 nm, 3.5 nm and 3.4 nm. This result is in agreement with
the analysis of the linewidths of the corresponding diamond (111)
XRD reflections using Scherrer’s formula providing crystallite sizes,
which are equivalent to the domain sizes resulting from the
Campbell and Fauchet model.

Thus, the interpretation of the Raman spectra, in particular in
the transition region, is in full accordance with the transmission
electron micrographs depicted in Fig. 1. The analysis of the trans-
formation of the carbon onions by TEM images is discussed in more
detail by Zeiger et al. [12,14,15]. Samples heat-treated up to 700 �C
are still nanodiamond-like. The nanoparticles show prominent
diamond-like cores with few structural deviations close to their
surfaces. After annealing at 1100 �C, most particles consist of a
nanodiamond core surrounded by a sp2-hybridized carbon shell,
i.e., sp3-like bonds turn into sp2 bonds starting from the outside of
the nanodiamonds leading to the carbon onion structure. With the
increasing heat-treatment temperature up to 1700 �C and even
higher, the sp2-shell grows at the expense of the shrinking sp3-
structured core of the corresponding nanoparticle [10,12].

We will now discuss the heat-treatment results employing the
second sp3-type precursor. Adamantane as a molecular precursor is
structurally even better defined than nanodiamond as the pristine
molecule ensemble does not exhibit any size distribution in

contrast to a nanoparticle ensemble. The Raman spectra of the
adamantane-based series of samples are shown in Fig. 2. We
annealed samples at 400 �C, 450 �C, 475 �C, 500 �C, and 525 �C. At
heat-treatment temperatures up to 450 �C, the adamantane pow-
der melted and evaporated during heat-treatment and condensed
again on cooling. Both products obtained kept thewhite color of the
pristine adamantane powder. The situation changed for the sample
annealed at 475 �C and higher. In these cases, the products obtained
after cooling down were of black color. Staying in the molecular
picture, it means that the adamantane molecules have reacted at
these higher temperatures and formed various other molecules of
larger size.

The differences in the products obtained at heat-treatment
temperatures, on the one hand, of � 450 �C and, on the other
hand, of � 475 �C are also reflected in the corresponding Raman
spectra. The Raman spectra of the samples heat-treated at 400 �C
and 450 �C show no change compared to the Raman spectrum of
pristine adamantane (the Raman spectrum of the 400 �C sample is
omitted in the figure). In contrast, the Raman spectra of the samples
annealed at 475 �C and above are different from that of ada-
mantane. The sharp adamantane signals have vanished and two
broad features appeared instead in the spectral range between
1000 cm�1 and 1800 cm�1. The broader feature centered at
1372 cm�1 seems to consist of several overlapping contributions,
whereas the stronger and narrower feature centered at 1617 cm�1

seems to comprise one broadened band only. The two broad fea-
tures arise from the different molecules formed during annealing,
whose Raman bands are now contributing to the measured spec-
trum. By comparison with the Raman spectra of candidate mole-
cules, we will attempt to explain the Raman spectrum measured.
The Raman band at 1617 cm�1 has been assigned to coronene and
similar polycyclic aromatic hydrocarbons (PAH) [44]. For compari-
son, Raman spectra of coronene and pyrene using an excitation
wavelength of 325 nm are shown in the SI in Fig. S4.

A comparisonwith the Raman spectra of small PAHs in SI Fig. S4,
suggests that the feature at lower wavenumbers is due to an A1g
Raman mode at 1372 cm�1 of small sp2-hybridized molecules such
as pyrene. The shoulder at 1245 cm�1 might originate from A1g
Raman modes of molecules like coronene or larger PAHs [44].
Contributions in the range from 1400 cm�1e1500 cm�1 probably
are due to vibrations of residual diamondoid-like molecules such as
adamantane, triamantane, or diamondoid dimers [45] and chain-
like carbon structures like polyethylene.

The spectral appearance of the spectra of the samples annealed
at 475 �C and above with their two broad main Raman features
centered at 1372 cm�1 and 1617 cm�1 resembles that of the
amorphous carbon phase with its broad overlapping D and G band.
Thus, we consider the broad features pre-stages of the D and G
Raman bands in what follows. The characteristic sizes La of the
graphene-like units within the samples are very likely still below
1 nm as the molecular character of the spectral features is still
clearly visible.

This hypothesis is further corroborated by the TEM and electron
energy loss spectroscopy (EELS) analysis. A high-angle annular dark
field image of the prepared TEM lamella is shown in Fig. 3a) illus-
trating the position of the sample along with the amorphous pro-
tection layer deposited during the sample preparation. For the EELS
analysis, a relatively thin area of the carbon protection layer was
used as an amorphous reference spectrum. A carbon K-edge EELS
spectrum from the reference and three different areas of the
sample are plotted in Fig. 3b). All the spectra are taken while the
electron beam was scanned over a region of 6 � 6 nm2 on the
sample. The defined peak centered at an energy of 325 eV, which is
not seen in the EELS spectrum of the reference, is indicative for the
existence of sp3-hybridized carbon in the adamantane-based
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sample heat-treated at 525 �C [46]. In the HRTEM images neither of
the amorphous carbon reference nor of the adamantane-based
sample nanoparticles can be discerned, showing that the sample
is indeed rather molecule-like. HRTEM images along with corre-
sponding Fast Fourier transforms (FFT) as an inset are illustrated in
Fig. 3c) and d) for the amorphous reference and for the sample,
respectively. The radial distributions derived from the FFTs in
Fig. 3c) and d) are depicted in Fig. 3e). The radial distribution of the
sample exhibits a more pronounced peak structure than the
reference measurement. This finding suggests that the bond length
distribution is sharper than in the reference sample indicating an
onset of crystallinity. This is in line with the presence of small, still
molecule-like nanometer-sized particles in this measurement area
of 75 � 75 nm2.

3.2. Comparison of G and D band-like features in samples derived
from sp2- and sp3-hybridized precursors

In what follows, we will compare the sp2-hybridized products,
i.e., amorphous carbon and non-graphitic carbon, obtained from
sp3-type precursors and sp2-structured precursors in terms of their
Raman fingerprints. As a reference, wemodeled the positions of the
G and D Raman bands of graphene nanosheets in dependence on
their lateral size La. The theoretical curves were derived from
phonon dispersions of ideal graphene calculated by density func-
tional theory in combination with the Campbell-Fauchet model of
phonon confinement [4]. Furthermore, we compare, as a function
of La, the ratio of the intensity ID of the D Raman band to the in-
tensity IG of the G Raman band of the samples. In case of the

Fig. 2. Overview of the Raman spectra (325 nm laser line) of the adamantane-based series of samples annealed at different temperatures. The transition from the pristine ada-
mantane precursor into a product consisting of various hydrocarbons with sp2 and sp3-bonds (in particular, chain-like and polycyclic aromatic hydrocarbons) takes place at heat-
treatment temperatures of 475 �C and above. The corresponding Raman spectra exhibit two main features similar to those observed in the Raman spectra of amorphous carbons. On
the right side, photographs of the samples are shown. (A colour version of this figure can be viewed online.)
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samples derived from sp3-hybridized precursors, we focus on the
nanodiamond-based samples heat-treated at 1100 �C,1300 �C,1700
�C, 1800 �C, 2100 �C, 2500 �C, and 3000 �C as corresponding La
values were accessible by WAXS and TEM analysis. The
adamantane-based samples heat-treated at 475 �C, 500 �C, and 525
�C were also included in the analysis, but the size La could only be
estimated. As reference materials derived from sp2-hybridized
precursors, we employed a series of heat-treated samples based on
a soft pitch (LSPP-70, low softening point of 70 �C) and a resole-
based resin. The lateral sizes of these samples were determined
by analyzing the corresponding WAXS data [17] (SI Fig. S3).

Fig. 4a) and b) show plots of the G band and D band positions as
a function of La extracted from the Raman spectra of the sample
series recorded at 325 nm excitation. Furthermore, the two graphs
show corresponding theoretical reference curves derived in the
framework of the phonon confinement model introduced recently
[4]. In case of the G Raman band, the pitch and resin-based samples
show the same trend, i.e., the G band position increases with
decreasing La from about 1580 cm�1 to about 1620 cm�1. This blue-
shift of the G band position is reproduced by the model down to a
size La of about 2 nm. At smaller sizes, the theory deviates from the
experimental sp2-hybridized reference data. However, this is
anticipated as the model is based on a perturbational treatment of
crystalline graphene and is prone to fail when the samples become
molecule-like. The overall agreement between the data points
originating from samples prepared by sp3- and sp2-based pre-
cursors is reasonable and yields further clarifications. The G band

positions of the carbon onion samples based on sp3-hybridized
nanodiamond as precursor match the data of the pitch and resin-
based sp2-type samples in the range of large La > 4 nm, i.e., sug-
gesting that they are indeed structurally similar. These data origi-
nate from samples heat-treated at temperatures of 1100 �C and
above. In contrast, the data of the nanodiamond-based carbon
onions heat-treated at lower temperatures all exhibit a Raman
band at 1640 cm�1. The band position deviates from the G-band of
the sp2-hybridized reference samples of comparable size by more
than 20 cm�1 (data points not shown in the figure to avoid mixing
up typical nanodiamond features and signals of sp2-structures).
Thus, this band at 1640 cm�1 in the Raman spectra of the
nanodiamond-derived samples with La < 4 nm does not correspond
to the G band, but rather should be assigned to a mixed signal
consisting mainly of contributions of OeH and C]O modes with
only minor contributions of sp2-hybridized carbon or to two-
phonon signals of nanodiamond in concordance with literature.
The G band positions of the adamantane-based samples obtained
by heat-treatment at temperatures of 475 �C and above, on the
other hand, agree nicely with the experimental data on the pitch
and resin-based samples with La values smaller than 1 nm and are
also in concordance with the TEM analysis given above. This size
range also agrees well with the findings of Oya et al., who also heat-
treated adamantane, and suggested a pitch-like structure of the
products on the basis of XRD and nuclear magnetic resonance
spectroscopy data [47]. The sample annealed at 475 �C exhibits the
highest Raman shift at 1617 cm�1 whereas for that annealed at 525

Fig. 3. HRTEM and EELS analysis, a) an overview of electron transparent lamella depicting the position of amorphous protection layer and sample area, b) carbon k-edge EELS
spectrum from the amorphous reference and sample, c) and d) the HRTEM images at the position of amorphous reference and sample area, e) radial distribution of the FFTs shown
in panels (c) and (d). (A colour version of this figure can be viewed online.)
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�C it is about 1612 cm�1. The comparison of the Raman data of the
adamantane-based samples with the pitch-based samples is in
accordance with La values of 0.5 nm, 0.7 nm, and 0.8 nm for the
adamantane-based samples heat-treated at 475 �C, 500 �C, and 525
�C, respectively.

The D mode Raman signal of graphene appears as two bands
when excited with 325 nm laser light. As an example, the inset in
Fig. 4b) shows the D Raman feature of the 2800 �C pitch-based
sample of rather large La. The two peak-like contributions to the

D-signal are clearly visible and may be approximated by one peak
located at about 1390 cm�1 and another at about 1430 cm�1 in this
particular case. The reason for the double-peak signal is that the
phonons involved in the process are selected by the resonance
between laser photon energy and electronic transition energy in
the graphene band structure. The description of the band structure
of graphene by a symmetric Dirac cone is only valid close to the K
(and K0) point. The p and p* electronic bands yielding the Dirac
cone in the vicinity of the K (and K0 point) are asymmetric. This

Fig. 4. The G band position in the upper part shows a dependence on the crystallite size La for all samples: pitches (circles), resole-based resins (stars), carbon onions (diamonds),
and adamantane samples (labeled with Ad, light blue squares). The dependence of the D band positions on nanosheet size La is presented in the middle part. All sample series show
the same trend. The solid lines are calculated using the Campbell-Fauchet model. The difference between the G and D band uG � uD in the lower part illustrates the behavior of the
Raman modes. The data is shown for 633 nm excitation (red color) and for 325 nm excitation (blue color). (A colour version of this figure can be viewed online.)
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asymmetry, i.e., the so called trigonal warping effect [48,49], be-
comesmore pronouncedwith increasing distance from the K (or K0)
point in reciprocal space. Thus, when using ultraviolet (UV) light for
excitation of the Raman process, the resonance condition for the

electronic transition may be fulfilled for different values of
�
�
� k
!�

k
!

K

�
�
� and the phonon frequencies uð k!Þ at the selected wavevectors

k
!

will differ. In this context, k
!

K denotes the wavevector of a K or K’
point. As a consequence, the distribution of the different phonon

frequencies uð k!Þ selected by the electronic resonance condition
leads to a Raman signal of the D mode process, which may be
approximated by two peaks. For all samples with La values larger
than 8 nm, two peaks can be distinguished. However, as La de-
creases, the two peaks merge because their linewidths increase and
they cannot be reliably separated by curve fitting anymore.
Therefore, we plot in Fig. 4b) the position of the D band extracted
from the maximum of the corresponding D Raman signal in the
spectra for small La and an average of the positions of the two
distinguishable maxima of the D Raman signal for larger La. Simi-
larly, we take the average of the frequencies derived by theory and
plot these values versus La as the theoretical curves in Fig. 4b).

The reference samples derived from sp2-structured resin and
pitch precursors and those derived from the sp3-hybridized ada-
mantane and nanodiamond precursors (the latter only for samples
heat-treated at 1100 �C and higher) exhibit the same trend for the D
band position vs. La in accordance with the findings for the G band
position. The nanodiamond-based samples heat-treated at tem-
peratures below 1000 �C do not show any signal in the spectral
range of the D band, supporting the view that the Raman band at
1640 cm�1 is not G-like. The D-positions extracted from the Raman
spectra increase in frequency from about 1400 cm�1 for large La to
1430 cm�1 at La ¼ 2 nm and then, below 2 nm decrease steeply
down to 1350 cm�1. The latter value is still way above the
comparatively sharp nanodiamond signal at 1325 cm�1 (data
points not included in the plot), which dominates the Raman
spectra of the samples prepared using the nanodiamond precursors
at heat-treatment temperatures below 1000 �C. The theoretical
curve does not quite well reproduce the trend observed in the
experimental data, which is not surprising considering the
complexity of the D-processes and the approximations made. The
agreement is reasonable for La > 2 nm, where the crystalline picture
holds but yields the opposite trend for sizes below 2 nm where a
molecular description is more appropriate. The position of the D
band as a function of La derived from Raman spectra obtained with
visible excitation light, e.g., 633 nm, is easier to reproduce by the
modeling [4]. The reason is that, for laser excitation in the visible
range, the resonance condition for the electronic transitions
involved occurs at wavevectors, where the Dirac cone as well as the
dispersion branches of the phonons involved, are almost of sym-
metric shape. Thus, only one D Raman band is observed in the
Raman spectra for laser excitation in the visible spectral range and
themodelling of its position is more straight forward than in case of
UV excitation.

A careful analysis of the data in Fig. 4a) and b) reveals that the
fluctuations between the experimental data points as well as the
deviations between theory and experiment are less pronounced
when the difference between G and D band positions is plotted
versus La. Such plots of the experimental data and corresponding
theoretical curves are shown in Fig. 4c) for visible excitation with
633 nm laser light and UV excitation with 325 nm laser light. The
theoretical data (solid lines) are close to the experimental data and
show the same trend for crystallite sizes La > 4 nm in both cases.
Below 4 nm, the behavior is different for 633 nm and 325 nm
excitation. In particular, the modeled curve shows the opposite

trend than the experimental data in case of UV excitation whereas,
in the case of 633 nm excitation, the modeled differences of the G
and D band frequencies follow the trend of the experimental data.
However, the theoretical model is expected to fail in this molecule-
like size regime. A possible reason for the different behavior of the
experimental data points for UV and visible excitation may lie in
electronic resonance effects. Excitation in the UV promotes Raman
signals of smaller molecule-like structures within the ensemble
with average size La whose HOMO-LUMO gap is in resonance with
the exciting laser [50,51]. Such an influence of the excitation energy
on the G band position has been already reported in the literature
[52]. Here, the different behavior mainly relates to different trends
for the D band position for UV and visible excitation in this range of
La values, which corresponds to molecule-like units. As the scat-
tering probability of small sp3-hybridized molecular units with
large HOMO-LUMO gap (e.g., diamondoids with Egap � 6 eV [53]),
which exhibit Raman modes somewhat below the frequency of the
D-like modes of sp2-hybridized molecules (see the Raman spectra
in Fig. S4 of SI), is increased compared to that of the sp2-type mo-
lecular units, the different weighing of these signal contributions
for the two excitation conditions may cause the different behavior.

A widely used approach for determining the average size La of
carbons is based on comparing the intensity ratio of D and G-band
with empirical master curves, which were gradually refined over
the years, e.g., by accounting for its wavelength dependence
[35,54e56]. We will discuss the strengths and weaknesses of this
approach on the basis of the Raman data obtained from samples
prepared from sp2 and sp3-based precursors, i.e., pitch, resin, ada-
mantane, and nanodiamond, for two different excitation wave-
lengths, i.e., 633 nm and 325 nm. The experimental data of ID

IG
vs. La

for the four precursors are plotted in Fig. 5. The red and blue data
points correspond to 633 nm and 325 nm excitation, respectively.
We see that the data points for the two excitation wavelengths are
different for all samples and basically define two different curves.
The reasons are manifold, but can be subsumed by the keyword
Raman resonance. They involve (i) differences in Ramanmodes and
Raman resonance profiles between the various molecular species
occurring in the formation process of graphene-like nanosheets in
the molecular regime below La < 2e4 nm including sp1, and sp3-
structured species (see also Fig. S4 of SI); (ii) even in case of small
molecular graphene-like species such as benzene, anthracene,
pyrene and coronene consisting of 1, 3, 4, and 7 networked benzene
rings, respectively, the Raman cross-section will depend on the
excitation wavelengths as the HOMO-LUMO gap varies with size
[50,54,57,58]. Thus, the relative contribution to the G and D-like
bands in a Raman spectrum of an ensemble of molecular benzene-
based species will vary for each species. The same holds for sp3-
type species such as the diamondoids as a function of the number
of the adamantane-like units; and (iii) for larger sizes La, where the
crystalline description of graphene-like nanosheets is valid, a
different dependence of the Raman cross-sections of the “real” G
and D Raman processes of ideal graphene on excitationwavelength
arises mainly from graphene’s electronic band structure and
phonon dispersion. The main effect visible of this complex inter-
play of resonance effects and transformation from molecular units
to crystal-like units is that the intensity of the D-like Raman mode
of the carbons is lower than that of the G-like mode for 325 nm
excitation compared to 633 nm excitation.

The two ID
IG
curves in Fig. 5 increase starting from the smallest La

and reach a maximum at 2 nm and 4 nm for 325 nm and 633 nm,
respectively, and then asymptotically approach zero for infinitely
large La. However, the maximum occurs at a lower La value for
325 nm than for 633 nm excitation. Thus, a simple vertical scaling
to a universal excitation-wavelength independent master curve is

D.B. Schüpfer, F. Badaczewski, J. Peilst€ocker et al. Carbon 172 (2021) 214e227

222



not possible. It also should be noted that the experimental data of
both curves show a pronounced scattering at La values somewhat
higher than those corresponding to the respective maxima.

The empirically modeling of the ID
IG
vs. La dependence typically

applied is not based on a coherent mathematical description, but
one approximating the dependence for small sizes (corresponding
to the molecular regime) by fL2a and for large sizes (in the crystal-
like regime), which is fL�1

a . The former is difficult to motivate in
the molecular picture on the basis of defect densities simply
because the species under consideration are molecules, and a
defect in a molecule is not defined. Atomic substitution, a bond
rearrangement or bond formation between atomic groups yields
another molecule with another well defined vibrational mode
spectrum, which may differ in number, mode frequency, and
Raman activity from that of the original molecule. As seen in case of
adamantane as the precursor, the sharp spectrum of the starting
material determined by the sharp modes of one molecular species
is transformed into a spectrum representing the superposition of
Raman modes of an ensemble of different molecular species with
twomaxima suggesting a D and G-like Raman band (see also Fig. S4
of SI). Thus, the increase of ID

IG
fL2a reflects an increasing number of

different molecular species forming during the first intermediate
stages of the transformation into a sp2-hybridized network with
average size La. This picture is difficult to connect with the crys-
talline picture used to motivate the L�1

a -dependence for large sizes.

The latter is motivated by Raman experiments on large graphene
flakes for which a crystalline description of electronic and vibra-
tional states is valid. The Raman microscopic experiments revealed
that the D-band is visible only in Raman spectra taken on the edge
of the outer circumference of individual graphene flakes [59], i.e.
that the edge of the otherwise almost ideal crystalline flake acts as a
defect in the D-Raman process. Thus, the magnitude of the D-
Raman signal of the entire sample scales with the circumference (f
La), whereas the G-Raman signal scales with the area of the flake
(fL2a) leading to the L�1

a -dependence for ID
IG
[35]. A comprehensive

model for the transition region between the molecular and crys-
talline region is not established in the literature and difficult to
establish as both models cannot be easily connected.

Curves of ID
IG

vs. La corresponding to the empirical models and
based on published parameter sets are plotted as lines in Fig. 5. The
dashed and solid lines for La < 2 nm are based on the empirical
formula established by Ferrari and Robertson, i.e., IDIGfL2a [54], using
the prefactors determined by Cançado et al. [56] and Matthews
et al. [55], respectively. The same assignment holds for La > 2 nm,

where the dependence proposed by Tuinstra and Koenig, i.e. IDIGf
1
La
,

is used and weighted with those pre-factors. Red and blue colour
correspond to 633 nm and 325 nm excitation, respectively, for the
pre-factors proposed by Cançado et al. [56]. The formula for
deriving the pre-factors given by Matthews et al. is not valid for
325 nm. In the case of 633 nm excitation, the two

Fig. 5. The intensity ratio of the D and G band ID
IG
for the four sample series for 633 nm excitation (red color) and for 325 nm excitation (blue color): pitch (circles), resin (stars),

carbon onions (diamonds), and adamantane (Ad, light blue squares). Empirical correlations (dashed line: Cançado et al., solid line: Matthews et al.) do not adequately describe the
region between La ¼ 2 and 4 nm. (A colour version of this figure can be viewed online.)
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parameterizations yield different curves; that by Matthews et al.
being in better agreement with the experimental data than that by
Cançado et al. However, even the parameterization by Matthews
et al. cannot describe the experimental data points well enough to
extract reliable La values using the model. The experimental data in
the transition region from molecule-like to crystal-like, i.e., be-
tween 2 nm and 6 nm, cannot be covered by the model. The
parameterization by Cançado et al. aligns better with the experi-
mental data for 325 nm excitation than for visible excitation.

It is also of interest to analyse the scattering between the
experimental data in more detail and to relate the findings to the
type of precursor used and its network forming capabilities. We
will mainly focus on the data points obtained with 633 nm exci-
tation because the effects are more pronounced. At very low La
values up to about 4 nm, the experimental data points of samples
derived from the two sp2-hybridized precursors, i.e., from the soft
pitch and resole-based resin, agree quite well for visible as well as
UV excitation. The situation for samples derived from the sp3-type
precursors is somewhat different. In the case of the nanodiamond-
based samples, the spectra are dominated by nanodiamond Raman
signals and, thus, the ID

IG
can only be extracted for La > 4 nm. For the

adamantane-based samples, the data points for UV excitation of the
three samples heat-treated at a temperature of 475 �C and higher,
which have started to form sp2 networks, agree with those of
samples of comparable size originating from the sp2-hybridized
precursors. Between La ¼ 4 and 6 nm, the nanodiamond-based
samples as well as the resin-based samples exhibit for 633 nm

excitation ID
IG
ratios, which are much larger than those of pitch-based

samples of the same size. At even larger La values, the ID
IG
ratio of the

resin-based samples remains large whereas that of the
nanodiamond-based samples approaches the values of the pitch-
based samples and the corresponding empirically modeled curve
based on the parameterization of Matthews et al. These findings
can be related to the different network forming properties of the
prescursors. Fig. 6 shows the evolution of the lateral size La with
heat-treatment temperature T in the synthesis process and Fig. S1
of the SI. We showed in our previous publication that carbon ma-
terials obtained at the highest heat-treatment temperature of 3000
�C are non-graphitic in case of resin-based samples, whereas pitch-
based samples are graphitic [4]. The spectra in Fig. S1 reveal that
the nanodiamond-based samples show an intermediate behavior.
The sample heat-treated at 2500 �C shows signs of turning
graphitic, whereas all others are clearly non-graphitic. In addition,
there is a great change in the La vs. T curve of the nanodiamond-
based samples in Fig. 6 at about 2500 �C from following the data-
points of the resin-based samples to following those of the pitch-
based samples. In general, we can assume in the crystalline
regime at sizes larger than La ¼ 4 nm, that defects occur as the
circumference of the nanosheet formed (f La) as well as, e.g., as
point defects in the interior area of the nanosheet (fL2a). The
network forming properties not only determine the average size La
for a given heat-treatment temperature T, but also for a given La the
defect density within the nanosheet area. For a given size La, the
contribution of the circumference of the nanosheet to the D-Raman

Fig. 6. Average lateral graphene nanosheet size La as a function of the heat-treatment temperature T used in the synthesis process of the carbons for various precursor molecules
including purely sp2-hybridized precursors such as resins and pitches as well as nanodiamond as sp3-type precursor. For the nanodiamond samples at T � 700 �C the crystallite size
of the diamond core is represented, for T > 700 �C La of the sp2-structured shell is shown.
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process can be considered independent of the type of precursor
used. In contrast, the area defect density of the nanosheet will
strongly depend on the network forming capabilities of the pre-
cursor used in the synthesis process. This means that the area
contribution to the D mode is almost zero for pitches and consid-
erably larger for resins. In the case of the sp2-type species formed in
the early transformation stages of the nanodiamond precursors
into carbon material, this area contribution seems to lie between
those of the two sp2-hybridized precursors. In other words, the
network forming properties of the precursor used in the formation
process of the carbon material has a major impact on the observed
ID
IG
vs La dependence in sample series prepared by varying the heat-

treatment temperature.

3.3. Conclusions

In summary, we have demonstrated that sp2-hybridized carbon
materials can be obtained from nanoparticular as well as molecular
sp3-type precursors, i.e., nanodiamonds and adamantane, respec-
tively, by thermal treatment. Raman spectra as a function of heat-
treatment temperature T in combination with an average size
determination by WAXS, XRD, and TEM reveal that the stages of
conversion of an sp3-hybridized precursor into an sp2-structured
non-graphitic and, at higher temperature, graphitic network in
terms of characteristic transformation temperatures depends on
the type of precursor used. However, analyzing the transformation
as a function of average lateral size La of nanostructures formed
during synthesis shows that the sp3-hybridized species transform
at lower T (corresponding to small sizes La < 2 nm) into the sp2-
structured carbon material. At this stage, a variety of different,
probably molecular, species form and within this ensemble the
fraction of sp2-hybridized species increases with increasing T. At
higher T (� 1300 �C corresponding to La > 4 nm) crystal-like gra-
phene nanosheets are formed by these species, which at the
highest heat-treatment temperatures are either non-graphitic
(2500 �C) or already graphitic (3000 �C) and show quite sharp re-
flections in X-ray scattering. The moment D and G-like Raman
bands are detectable in the Raman spectra, the analysis of their
mode frequencies and intensity ratio as a function of La is in good
agreement with reference data of samples of comparable size
synthesized using sp2-type precursors, i.e., soft pitches or resole-
based resins. In other words, the characteristic Raman features of
all samples follow the same trends as a function of average size La,
to a first approximation, independent of the bonding configuration
of the precursor, e.g., the trends in the data points for
nanodiamond-based samples lie between those of pitch and resin-
based samples in the regime of larger La. The differences in the
trends exhibited by samples prepared by different precursors
reflect the network forming capabilities of the precursor itself as
well as the precursor specific intermediate species that arise during
the formation of the graphene-like 2D network of the carbon ma-
terial. These differences in the network forming capabilities of the
precursor may be considered the origin of the unreliability of using
empirical models solely based on the behavior of D and G-like
Raman features for extracting the nanoparticle size La. Our results
suggest that corresponding master curves for extracting La on the
basis of Raman spectroscopy may be established when using a
defined heat-treatment process using a particular precursor. In
such situations, Raman data such as the mode frequencies of D and
G bands or their intensity ratio ID

IG
of a set of reference samples

synthesized at different T according to the desired process can be
plotted against the average size La obtained by an independent
structural characterization method to obtain Raman master curves
for extracting La and to routinely use them for process monitoring.
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Zusammenfassung

In dieser Studie wird eine Erweiterung der quantitativen Kompositionsbestimmung mit-

tels STEM, die auf dem Vergleich von ADF-STEM-Bildsimulationen und Experimenten

beruht, für die strukturelle Charakterisierung von Nanomaterialien untersucht. Die Gren-

zen und Möglichkeiten der Methode werden in Bezug auf die Bestimmung der Materi-

alzusammensetzung mit atomarer Genauigkeit untersucht. Die Methode wird weiter op-

timiert, indem komplexere Materialsysteme bestimmt und die Abbildungsbedingungen

angepasst werden, um die Genauigkeit zu optimieren.

Aus dem Vorgang zur Methode der Kompositionsbestimmung mit hoher Au�ösung bei

Einzelatomgenauigkeit und dem Potenzial zur Abschätzung der Genauigkeit der Methode

ergibt sich die Idee, die experimentellen Bedingungen durch eine Simulationsstudie zu

optimieren. Eine Simulationsstudie zu mehreren kritischen Abbildungsparametern führt

zur Optimierung der Abbildungsbedingungen und verbessert die Genauigkeit der Meth-

ode. Das Ergebnis zeigt die kritische Rolle von zwei ADF-STEM-Abbildungsparametern:

der Semikonvergenzwinkel des auftre�enden Strahls und der Detektionswinkel der ADF-

Detektoren. Ersterer kann einfach experimentell durch die Wahl der STEM-Kondensor

Aperturblende eingestellt werden, während letzterer einen schnellen, gepixelten Detektor

erfordert, der eine �exible Wahl des Detektionswinkels ermöglicht. Die Studie hat jedoch

gezeigt, dass die optimalen Abbildungsbedingungen je nach Probendicke und Materialsys-

tem unterschiedlich sind. Dies wird besonders bei Materialsystemen, wie. GaNxAs1−x

deutlich, die leichte Elemente enthalten. Aufgrund ihrer geringeren Anzahl an Proto-

nen (Kernladungszahl: Z) streuen die leichten Elemente nicht e�zient zu den üblicher-

weise verwendeten Detektionswinkeln in den HAADF-STEM-Bildern, welche auf dem

Z-Kontrast basieren. Dementsprechend sollten niedrigere Detektionswinkel gewählt wer-

den. Im Gegensatz zur HAADF Bildgebung, bei der die Bildintensität nur von elastisch

gestreuten Elektronen dominiert wird und somit zu einer nahezu perfekten Übereinstim-

mung zwischen ADF-STEM-Bildsimulationen und experimentellen Ergebnissen führt,

spielen viele andere Parameter eine Rolle für die Intensität der Beugungsmuster in einem

niedrigen Winkelbereich. In dieser Studie wird als Hauptursache für die Diskrepanz zwis-

chen STEM-Experimenten und -Simulationen bei niedrigen Streuwinkeln die Wirkung

199



von Plasmonenanregungen auf die Winkelverteilung der STEM-Intensitäten untersucht.

Der Vergleich von energiege�lterten und unge�lterten Beugungsmustern zeigt den sig-

ni�kanten E�ekt von inelastischer Streuung bei Winkeln im Bereich von 0-40 mrad.

Unter Berücksichtigung des E�ekts der Plasmonenanregung bei niedrigen Streuwinkeln

wird eine weitere Methode zur Bestimmung der Zusammensetzung auf der Grundlage von

EFSTEM für Materialsysteme, welche leichte Elemente enthalten, entwickelt. Es wird

bestätigt, dass der durch SADs induzierte Dehnungskontrast eine höhere Streuinten-

sität bei kleinen Streuwinkeln verursacht. Daher wird absichtlich ein Materialsystem wie

beispielsweise GaNxAs1−x gewählt, das SADs enthält, um die Bestimmung der Zusam-

mensetzung zuverlässiger zu machen. Es gibt auch andere Quellen für die Diskrepanzen

zwischen simulierten und experimentellen STEM-Bildern, wie z. B. die Vernachlässi-

gung der Phononen-Korrelationen in den Bildsimulationen, die Auswirkung der Fehlori-

entierung der angestrebten kristallinen Zonenachse und das Vorhandensein von amorphen

Ober�ächenschichten auf ADF-Bildern. Diese Fehler werden entweder experimentell oder

durch Optimierung des Erfassungswinkels mit Hilfe eines schnellen, gepixelten Detektors

behoben. Hier wird Si als Modellmaterial verwendet, um den Winkelbereich mit der per-

fekten Übereinstimmung zwischen Experiment und Simulation zu erhalten. Die Methode

wurde auf eine Probe angewendet, welche aus GaNxAs1−x QWs, eingebettet in GaAs-

Barrieren besteht. Die Zusammensetzung und die Breite der QWs, die mit der neuen

Methode ermittelt wurden, stimmen sehr gut mit den XRD-Ergebnissen überein.

Der neue fortschrittliche vierdimensionale Detektor ermöglicht die Aufnahme eines

vollständigen Beugungsmusters für jede Scanposition des Elektronenstrahls. Bislang

wird die Kamera als ringförmiger Detektor eingesetzt, bei dem der optimale Detektion-

swinkel �exibel gewählt werden kann. Sie kann jedoch weiter ausgebaut werden, um

die Bestimmung der Zusammensetzung durch die �exible Wahl der Regionen im Beu-

gungsmuster, für die die Intensität am besten für die quantitative STEM geeignet ist,

zu optimieren, Wie Pennycook [3] andeutet, führt die inkohärente Natur der HAADF-

STEM Bilden zu einfach interpretierbaren Beugungsmustern mit unabhängigen Infor-

mationen an jeder Atomsäule der kristallinen Materialien. Diese Interpretierbarkeit geht

jedoch bei konventionellen hochau�ösenden TEM-Aufnahmen aufgrund der dynamischen

Streuung und der kohärenten Natur der Bilderzeugung verloren [2]. Der Verzicht auf ko-

härente Informationen im Beugungsmuster, wie z. B. Laue-Zonen, kann daher zu einer

besseren Lokalisierung der Informationen im realen Raum und folglich zu einer höheren

Genauigkeit bei der Bestimmung der Materialzusammensetzung führen.

Die Kombination eines Energie�lters mit einem schnellen Pixeldetektor wird genutzt,

um die Zusammensetzung verschiedener Materialsysteme mit hoher Genauigkeit zu quan-
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ti�zieren. Die vierdimensionalen Detektoren sind in der Lage, die Verschiebung des

Massenschwerpunkts des Beugungsmusters (COM) zu erfassen, die mit dem lokalen elek-

trischen Feld innerhalb des Kristalls, z. B. den atomaren Potenzialen, korreliert ist.

Die Auswirkung der quasi-elastischen thermisch di�usen Streuung (TDS) auf die Bes-

timmung des elektrischen Feldes wurde in einer Simulationsstudie untersucht, die eine

signi�kante Auswirkung auf die Messungen des elektrischen Feldes zeigt [56]. Zukünftige

Forschungen können sich darauf konzentrieren, die Kombination von EFSTEM und 4D-

STEM zu nutzen, um die Auswirkung anderer Quellen von inelastischer Streuung, wie

z.B. Plasmonenanregung, auf die COM-Verschiebung zu untersuchen.
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Nomenclature

ADF annular dark �eld

CBED convergent beam electron di�raction

CCD charged coupled device

FCC face centered cubic

HAADF high angle annular dark �eld

LEPECVD low energy plasma enhanced chemical vapor deposition

MOVPE metal organic vapor phase epitaxy

NN next neighbor

OL objective lens

PACBED position averaged convergent beam electron di�raction

PL photo-luminescence

QW quantum well

QWH quantum well heterostructure

STEM scanning transmission electron microscopy

TDS thermal di�use scattering

TEM transmission electron microscopy

XRD X-ray di�raction
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